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I .  H E A T - R E S I S T A N T  M E T A L S  A N D  A L L O Y S  

E .  M.Savitskii and G.S. Burkhanov 

THE PROBLEM OF COLD SHORTNESS IN HEAT-
RESISTANT METALS AND ALLOYS 

The recent intense development of industry has greatly increased the 
importance of heat-resistant metals in the production of the most heat-
resistant alloys, and alloys with special  physical properties / 11. Some 
examples of the application of heat-resistant metals to modern industry 
a r e  given in Figure 1 12-41. The main drawbacks of heat-resistant 
metals which hinder their  introduction into modern industry a r e  not only 
their  oxidizability and poor weldability, but also their  cold shortness.  If 
heat-resistant metals a r e  cooled, they become embrittled over a rather 
narrow range of temperatures.  The metals with a body-centered cubic 
crystal  lattice belonging to  groups VA and especially VIA of the periodic 
system become embrittled during cooling. The ductile-brittle transition 
temperatures of these metals (commercial grade)  a r e  approximately a s  
follows: tantalum - 196"C, niobium 20"C, molybdenum 20-3OO0C, 
chromium 250-4OO0C, and tungsten 400- 600°C. Thus, metals belonging 
t o  group VIA, and especially tungsten, have the highest ductile-brittle 
transition temperature.  Iron with a body-centered cubic latt ice is a 
classical  example of a metal susceptible to cold shortness.  Some metals 
with hexagonal crystal  lat t ices,  e .  g . ,  zinc, cadmium, magnesium, 
ruthenium, and osmium (the last  two metals have a high melting point) also 
suffer f rom cold shortness.  Cold shortness is found in some metal  
compounds (intermetallic compounds) and in certain semiconductor elements 
(germanium, silicon). 

Cold shortness is  an important problem inheat-resis tant  metals,  but is 
also one of the main problems of physical chemistry,  metallurgy, metal 
physics, and mechanics. Cold shortness i s  very important industrially 
and economically in the fields of cosmonautics, a i rcraf t  building, electro
nics,  railways, the automobile industry, water t ransport ,  and the building 
industry, particularly in Siberia, the Arctic and the Antarctic. Many 
institutes have been busy investigating the problem of cold shortness  in 
the Soviet Union and outside. A review of the present s ta te  of the studies 
carr ied out in this field would require a large,  specialized book. The 
purpose of this short  ar t ic le  is to give a review of modern theories on the 
problem of cold shortness.  

Today the study of the nature of cold shortness is based on four points of 
view which can be approximately classified a s  follows: 1)  the mechanical, 
2 )  the energetic; 3) the metallophysical, and 4 )  the physicochemical. 

The mechanical o r  phenomenological point of view is based on the 
relationship between UT and UB which var ies  with temperature  (UT grows 
considerably more  rapidly than UB with decrease in temperature) .  This 
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point of view was developed by the school of Davidenkov. A review of 
modern theories on cold shortness is given in /5, 6 1 .  

The energy of failure /7/is calculated in the energetic method. 
The metallophysical standpoint is based on the decisive role  of c rys ta l  

defects 17-91. This has been developed in Soviet and non-Soviet metallo
physical institutes According t o  modern metallophysical theories,  the 
cracks which determine br i t t le  failure a r e  caused by the resis tance t o  the 
motion of dislocations. The development of these theories f rom qualitative 
descriptions, which are frequent in the l i terature ,  t o  a determination of 
quantitative reht ionships  is very important, since this wil l  help t o  answer 
the question of the dislocation s t ructure  (type and number of dislocations 
and other defects, their  location in the metal  or alloy) that wil l  ensure the 
required minimum ductility at ordinary and low temperatures  
i-'- -.- - . 

FIGUREI. A complex pan made ofrhree hear-resistnt merzls: tungsten, morybdenum, and niobium (a); 
turbine bhdes made of 2 Afo-0.5% Ti alIoy (b). 

The physicochemical theory on ductility is based on the assumption that 
the metallic bonds and the freedom of metals and alloys f rom inters t i t ia l  
impurities exert  a decisive influence on the ductility of metals. This 
theory has been developed in the Laboratory of Heat-Resistant Alloys and 
RareMetals  of I'MET AN SSSR, and in a number of other Soviet and non-
Soviet scientific institutions /10-14/. 

The above four points of view a r e  not contradictory, but complement 
one another and emphasize the importance of the detailed study of the 
complex problem of cold shortness.  Ductility, like strength, of solid-
crystall ine materials,  including metals and alloys, is dependent on a 
number of factors.  The most  important a re :  the  natureof the interatomic 
bonds, the macro- and microstructures,  various defects. external factors 
(temperature, pressure,  composition), testing conditions ( s t resses ,  r a t e  
of deformation, presence or absence of notches, surface finish, dimen
sional factors,  etc. 1. Thus, ductility is not only a property but also a s ta te  
of the substance. 

Let us s e e  what are the most important assumptions on which the 
physicochemical theory of ductiLity is based. The nature of the interatomic 
bonds is one of the most important factors which determines the behavior 
of a mater ia l  under the influence of external forces.  The idea of high 
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ductility can be derived from the very definition of a metal. The metallic 
s ta te ,  and the metallic nature of interatomic bonds, a r e  most favorable to  
the ductile state of substances, since only metallic bonds, i. e., the presence 
of f ree  electrons,  allow atoms to shift relatively to  one another without 
upsetting the continuity of the material .  This has been confirmed by the 
experience of mankind over many centuries. The malleability of metals 
besides their  hardness and strength was the most important factor which 
led to  the bronze age, the iron age, and the technical progress in our  days. 
Lomonosov wrote: “Metals a r e  those bright bodies which can be forged” 
/ 1 5 / .  It is important to  point out that the whole development of science 
and industry has confirmed this brillant generalization of Lomonosov. 

Materials with covalent bonds in which the valence electrons a r e  shared 
by a given atom and its closest neighbors a r e  the most brit t le.  This type 
of bond is found in diamonds, silicon, germanium, and semiconductor 
compounds at room and low temperatures.  Once the covalent bond is 
disturbed it can be restored with great difficulty only. The behavior of 
crystals  with ionic bonds, for example, metal  oxides and natural sal ts ,  i s  
s imilar .  However, if  covalent or ionic crystals a r e  heated to relatively 
high temperatures,  close to the melting point, and i f  nonuniform compres
sive forces a r e  applied at  a l l  sides,  these crystals  become ductile / l o / .  

Pure metals may become ductile at  any temperature.  A metal o r  alloy 
becomes brit t le o r  ductile according to  the amount and s t ructural  location 
of interstitial impurities, and the influence of external factors.  Metals 
with a face-centered cubic lattice show no brit t le failure even if they a r e  
cooled to a temperature close to absolute zero.  The same is t rue of alkali 
metals with a body-centered cubic s t ructure  1 5 ,  101. The monomorphic 
heat-resistant metals of groups VA and VIA with a body-centered lattice 
retain this type of s t ructure  and the metallic nature of the bond even i f  they 
a r e  cooled to absolute zero.  Consequently, from the physical point of view, 
there  is no reason why such metals should have temperature zones of 
brit t leness.  Brittleness i s  a characterist ic property of metals of the 
commercial  grade of purity, and is associated with difficulties encountered 
in the production of pure metals and in the preservation of this purity during 
la ter  processes 1121 .  Some authors believe that cold shortness is an 
inherent characterist ic of metals with body-centered lattices but this idea 
has not been proved, and it does not conform to  the nature of the metallic 
s ta te  of substances. Apparently, metals with body-centered lattices a r e  
br i t t le  only i f  they contain impurities which form intersti t ial  solid solutions 
o r  nonmetallic inclusions, mainly along the boundaries of grains and blocks. 
It has been experimentally shown that metals such a s  tantalum, niobium, 
molybdenum of a high degree of purity, and also potassium and sodium, 
show no signs of cold shortness down to temperatures of liquid helium 
/10-14/. Tungsten with a low content of carbon is highly ductile in liquid 
nitrogen / 131, and if  the metal is completely free  of carbon o r  other 
intersti t ial  impurities it can be deformed even in liquid helium. We do not 
share  the opinion that heat-resistant metals a r e  brit t le because they contain 
a certain amount of covalent bonds. There is nothing new in this statement 
on the covalent bonds, since it is known that natural substances often have 
mixed interatomic bonds, and the presence of covalent bonds is derived 
from the very definition of transition metals. It should be pointed out that 
metallic bonds a r e  always predominant in metals,  and that these determine 
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the mechanical and electrical properties of metals. Covalent bonds 
apparently determine the susceptibility of metals to  impurities. One of 
the main tasks  of the physical chemistry of metals i s  t o  t ranslate  qualitative 
theories into a quantitative determination of the distribution of electrons 
in metals and alloys. This is possible by the following modern physical 
methods: study of the distribution of electrons using Fourier  s e r i e s  /16/, 
study of X-ray emission spectra  /17/,determination of the spin super 
s t ructure  using neutron scattering, resonance methods, experimental 
determination of the Fe rmi  surface in metals / 1 8 - 2 0 / ,  measurement of 
different physical properties, e tc .  These problems must be solved in close 
cooperation with institutes of physics. 

The ductile-brittle transition in metals, characterized by a cr i t ical  
temperature  ofbrittleness, is associated with a change in the mechanism of 
fa i lure .  At temperatures above the cr i t ical  point the failure takes place 
a f te r  considerable plastic deformation as  the result of plane slipping, while 
below the cr i t ical  temperature  the failure i s  due to  the development of 
cracks along cleavage planes, or sometimes along the grain boundaries, 
with little or no plastic deformations / 2 1 / .  

Let us consider for a moment the method of determining the temperature ,  
or more accurately, the temperature  range, of the ductile-brittle 
transition. The transition temperature  cannot be determined by the 
relationship between hardness and temperature ,  a s  attempted by some 
authors, since experiments on the determination of this relationship do 
not bring the metal to  failure. The zones of brittleness can be found by 
determining measures  of ductility by means of mechanical tes t s  with the 
application of tensile s t r e s ses .  These measures  a r e  elongation o r  reduction 
of a rea  during monoaxial tensile tes t s ,  impact strength, angle of deflection 
during bending t e s t s .  etc. The energy required to  bring about the failure 
of the specimen during impact tes t s  and the notch sensitivity can be 
considered a s  the most objective and rigid c r i te r ia  of the cold shortness  
of mater ia ls .  The most rigid conditions a r e  created during testing for 
impact strength of notched specimens.  For  s teel  the ductile-brittle 
t ransi t ion temperature is fixed a s  the point at which the impact strength of 
a t  least one specimen falls  below 2 kgm/cm2. This method gives the highest 
ductile-brittle transition temperature .  According to  Semchyshen and Bar r ,  
the ductile -brittle transition temperature  of recrystallized molybdenum 
rods,  determined by impact tes t s ,  i s  by about 350-4450°C higher than that 
found from tensile tes t s  / 3 / .  The influence of the type of loading on the 
transition temperature conforms with the variation in the relationship 
between tangential s t r e s ses  and normal s t r e s ses .  For tensile tes t s  this 
relationship is 1:1, for torsion tes t s  1:2, and for compression tes t s  1:4. 
Therefore,  according to  / 3 / ,  the ductile-brittle transition temperature  
of commercial  chromium a s  determined by tensile tes ts ,  torsion tes t s ,  
and compression tes t s ,  is 355, 250, and O'C, respectively. During bending 
the maximum tensile s t r e s ses  act on the external surface of the specimen. 
Therefore,  to avoid accidental resul ts  because of impurities, the surface 
of the specimen must be polished before testing. Tensile tes t s  on notched 
specimens clearly reveal the principal parameters  of the ductile -brittle 
transition of mater ia ls .  Notching specimens leads to  two effects during 
tensile tes t s :  it increases  the s t ra in  in the localized region of the specimen, 
and it induces triaxial s t r e s ses  which increase the rat io  of normal s t r e s ses  
to  tangential s t r e s ses .  
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An interpretation of the experimental data and an exact determination 
of the range of the ductile-brittle transition temperature by methods of 
mathematical statist ics a r e  given in / 2 2 / .  The graphical method of 
determination of the ductile -brit t le transition temperature i s  described 
in 1 2 3 1 .  

The ductile -brittle transition temperature is not a constant physical 
characterist ic of the metal but is determined by a number of factors:  the 
purity of the metal, the rate and type of deformation, the gaseous environ
ment, etc.  

According to  modern physicochemical theories of ductility, an actual 
metal  or alloy is a physicochemical system consisting of crystals  of the 
basis metal, and impurities, alloying elements,  and crystal  defects 
distributed inside the metal and along the grain boundaries. The mechanical 
and other physical properties of such a sys tem are determined by the nature 
of the basis  metal, and especially by the properties and relative distribution 
of the structural  components of metalloid and metal impurities and crystal  
defects. This distribution may be either favorable or unfavorable to  the 
plastic deformation of the crystals  of metals or alloys 1111. Today nobody 
doubts that the purity of a metal is one of the chief factors influencing the 
ductile-brittle transition temperature / l o / .  The greatest  influence is 
exerted by interstitial impurities; the purer  the metal the lower i s  the 
transition temperature / l o - 1 4 / .  

n’ot all interstitial impurities influence the ductility of heat-resistant 
metals to the s a m e  extent. F r o m  recent studies on the reactions between 
inte-stitial impurities and metals of the VIA group, it i s  possible to place 
the impurities into a s e r i e s  according to  their descending influence on 
metals of the VIA group: carbon (most embrittling), oxygen, nitrogen, 
hydrogen (exerts the smallest  influence) / l o ,  13/ .  According to Jaffee et 
a l .  these elements can be placed according to their  influence on metals of 
the VA group in the following se r i e s :  hydrogen (most embrittling), nitrogen, 
oxygen, carbon (exerts the smallest  influence) / 2 4 / .  According to the data 
obtained in our laboratory, oxygen exerts the most detrimental  influence 
on rhenium / 2 5 / .  

The highly brit t le and hard nonmetallic compounds a r e  particularly 
harmful if they form films or coatings along the grain boundaries. This 
leads to  a weakening of the bonds between the crystall i tes and to  a brit t le 
failure of the material  along the grain boundaries. For  example, in 
molybdenum a content of 0.006Y0 of oxygen i s  sufficient for the formation 
of molybdenum oxides along all  grain boundaries. If the content of 
interstitial impurities does not exceed their  solubility in the solid mater ia l ,  
metals of groups VA and VIA remain ductile at  low temperatures .  Highly 
pure metals have a considerably lower ductile-brittle transit ion temper
ature .  A decrease in the content of carbon in tungsten from 0.01 to  0.00l.lo 
decreases  the transition temperature f rom room temperature  t o  -196°C 
/ 131. The influence of the content of carbon on the transit ion temperature  
for  molybdenum is shown in Figure 2 / 241. The purification and analysis 
of intersti t ial  impurities in metals of group VIA is most difficult, since at 
room temperature  the solubility of these impurities is only 0.0001%. Since 
metals are embrittled mainly by intersti t ial  impurit ies along the grain 
boundaries, the extent of the boundaries i s  of great importance. The 
su r face  a r e a  of grain boundaries per unit of volume is an important 
factor which determines the ductility of heat-resistant metals / 2 6 1 .  
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Therefore,  it is desirable to  have the surface a r e a  of grain boundaries a s  
large as  possible, i. e., to have a fine-grained s t ructure ,  i r respect ive of 
the content of impurities. This w i l l  reduce the relative concentration of 
interstitial impurities and the ductile-brittle transition temperature  111. 
The influence of the grain s ize  on the ductile-brittle transition temperature  
of some heat-resistant metals of groups VA and VIA is shown in Figure 3.  
The dimensions of the subgrains and the field of coherent dispersion 
apparently a l so  exert  a certain influence on the ductility of the metals, 
although not a s  great  a s  that of the grain s ize .  Cold working, and the 
existence of texture, have a favorable influence on the ductility of heat-
resistant metals. Drawn w i r e  of heat-resistant metal with a cr i t ical  
amount of cold working readily endures subsequent cold drawing to  smal l  
s izes .  
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1-0.00470 C; 2-0.008; 3-0.017. 

We have discussed how cold shortness of heat-resistant metals is 
influenced by interstitial impurities at concentrations exceeding their  
solubility. Impurities which have not dissolved form nonmetallic inclusions 
along the grain boundaries. 

Interstitial impurities in the solid solution also have a highly unfavorable 
effect on the ductility of heat-resistant metals, mainly because they hinder 
the movement of dislocations and reduce the resistance to  propagation of 
cracks 1 2 7 ,  281 .  

There is also a purely geometric theory which explains the influence of 
interstitial impurities which form solid solutions on the cold shortness of 
metals with a body-centered cubic lattice. According to  this theory, the 
atoms of the interstitial impurities which occupy the octahedral or  
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te t rahedral  interstices of the body-centered cubic latt ice distort  its cubic 
symmetry,  and impart a tetragonal orientation in a certain crystallographic 
direction. This leads to a considerable increase in shear  s t resses  during 
deformation, which creates  favorable conditions for the nucleation and 
propagation of cracks.  

Let u s  now discuss the influence of substitutional elements. Alloying of 
heat-resistant metals with substitutional elements usually leads to an 
increase in the ductile-brittle transition temperature ,  which is  apparently 
due t o  the additional distortions of the c rys ta l  lattice which a r i s e  during 
alloying. The considerable decrease in the ductile-brittle transition 
temperature  of heat-resistant metals deoxidized by small  amounts of 
thermodynamically active elements, such a s  zirconium, titanium, lanthanum, 
cerium, yttrium, is apparently due to a refining and not to  an alloying 
influence of these elements / 12 ,  29, 30/.  The appreciable increase in the 
ductile-brittle transition temperature caused by alloying heat-resistant 
metals (commercial  grade)  is a serious obstacle t o  the production of new 
alloys on the basis  of the most heat-resistant metals.  Modern molyb
denum-base and tungsten-base alloys produced in vacuo a r e  not t rue alloys, 
put deoxidized and modified metals (tungsten and molybdenum) of commer
cial  purity. 

This will continue until the heat-resistant basis  metals of alloys 
(chromium, molybdenum, tungsten) can be prepared in a sufficiently pure 
s ta te  so  that their  strength can be increased by alloying that w i l l  lead to  
the formation of substitutional solid solutions of considerable concentration. 
This method has already been carr ied out during a study of titanium alloys. 
After methods for freeing of titanium f r o m  oxygen and hydrogen had been 
developed, the pure metal showed a ductility character is t ic  of a l l  pure 
metals.  It was thus possible to produce titanium-base constructional and 
heat-resistant alloys that according to  their  compositions could be 
classified a s  highly alloyed mater ia ls .  Similar investigations have been 
car r ied  out recently with niobium and its  alloys. Niobium obtained by 
electron-beam vacuum melting can be alloyed with considerable amounts 
of other elements, and a minimum ductility necessary for shaping the 
mater ia l  can be maintained. The ultimate strength of niobium can be 
increased by 5000/0 by alloying /I/. The problem of producing highly 
alloyed mater ia ls  with VIA group basis  metals (chromium, molybdenum, 
tungsten) has not yet been solved. The only exception is alloying these 
metals with rhenium, and apparently with ruthenium and osmium also 
111, 2 6 1 .  The limit of cold shortness of chromium, molybdenum, and 
tungsten can be considerably lowered by alloying with rhenium. The 
decrease in the ductile-brittle transition temperature  and increase in the 
ductility of molybdenum and tungsten alloyed with rhenium may be due to 
the redistribution of oxygen and the formation of complex oxides, which 
because of their  high surface tension a r e  distributed as  globular particles 
along the grain boundaries and within the grains  1311, o r  to  the process  

. 	 of twinning /11, 26, 32-35/. At the same  t ime,  some authors point out 
that twin crystals  may form the sources  of the nucleation of cracks,  
particularly in iron and in s teel  / 5 / .  It would be interesting t o  clarify the 
influence of twin crystals  on the cold shortness  of metals with a body-
centered cubic lattice. It should be pointed out that the mechanism of the 
influence of rhenium on the ductility of metals of the VIA group is not yet 
c lear ,  although there  a r e  indications that the hexagonal metals of the VIIth 



and VIIIth groups increase the ductility of metals of the VIA group 111, 241. 
But at  present rhenium is the only element which effectively reduces the 
ductile-brittle transition temperature of metals with a body-centered 
cubic lattice of commercial  purity. 

The ra te  of deformation greatly influences the ductility and resis tance 
to deformation of heat-resistant metals / l o / .  An increase in the ra te  of 
deformation leads to  an increase in the temperature  of the cold shortness  
limit, and to  a certain widening of the temperature  range of the transitional 
zone. The behavior of the mater ia l  during high deformation r a t e s ,  compar
able to  the velocity of sound, is of great interest .  We believe that there  is 
no directly proportional relationship between the ductile- brittle transition 
temperature  and the ra te  of deformation of the material, at very high 
deformation ra tes .  The rapid deformation of metals or alloys is accom
panied by a considerable thermal  effect, and consequently by softening 
processes .  It has been pointed out in 1 3 6 ,  3’71 that the temperature-
velocity factor during the deformation of metals and alloys must be taken 
into account. The heating caused by explosion deformations i s  associated 
not only with dynamical plastic deformation, but a lso with instantaneous 
elast ic  deformation of an all-sided compression 1 3 8 1 .  In the field of very 
high deformation ra tes  each metal  or alloy has apparently a certain cr i t ical  
deformation ra te  and a corresponding maximum transition temperature .  
The decrease in the transition temperature is due to  the thermal  effect of 
deformation, the distinctive features of the s t ressed  state, and the nature 
of the deformation process .  

The environment usually exer ts  a considerable chemical influence on the 
behavior of metals and alloys during plastic deformation. This i s  particularly 
t rue  in the case of heat-resistant metals of high chemical activity. The environ
ment may dissolve the surface and boundarylayers ofthe metal being deformed, 
may leadto corrosion of these layers ,  a change in the chemical composition of 
the substance due to  adsorption, and facilitate or inhibit the process  of defor
mation. The process  of plastic deformation considerably increases  the influ
ence of the environment on the metal. Stresses  usually accelerate  corrosion, 
and the softening of the metal during deformation accelerates  the penetration 
of gases .  Corrosion, deterioration of the grainboundaries,  and a change in the 
chemical compositionunder the influence of the corrosive environment, lead 
to  such deep s t ructural  changes that plastic deformation i s  impossible because 
of the considerable embrittlement of the metal. These factors lead to  the forma
tion of the so-called zones of hot shortness / l 01.  It is thus necessary to  reduce 
the temperature  of deformation of heat-resistant metals and alloys, or to  ca r ry  
out the deformation inan inert environment or a protective atmosphere.  

It should be pointed out that s torage in the a i r  even at  ordinary temperatures  
leads to a selective absorption of gases f romthe atmosphere by the heat-resis
tant metal; for example, t i taniumabsorbs hydrogen, chromium absorbs nitro
gen, e tc .  These processes  have not yet been sufficiently investigated. 

As w e  have already mentioned, s t r e s ses  a r e  a lso one of the most 
important factors  which determine the behavior of metals during deforma
tion. The ductility of the metal  increases  with increase in the role  of 
compressive s t r e s ses .  The most detrimental for plastic deformation a r e  
tensile s t r e s ses  acting on a l l  s ides ,  while the ritost favorable influence is 
exerted by nonuniform compressive s t r e s ses  on all  s ides .  A deformation 
induced by tensile s t r e s s e s  on all s ides  may lead to  brittle failure of even 
highly ductile mater ia ls .  On the other hand, nonuniform compressive 
s t r e s ses  applied on all  s ides  facilitate deformation, and it is possible to  
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shape heat-resistant metals,  even commercially pure,  and intermetallic 
compounds extruded through a die, which would show brit t le failure under 
deformation 1101. The influence of s t r e s ses  on the ductility of metals has 
been convincingly demonstrated by Kurnakov and Zhemchuzhny, and 
Karman in their  well-known experiments with marble,  red sandstone, and 
natural  sal ts  1391. These brit t le substances could be deformed if a side 
p re s su re  w a s  exerted. The ability to become deformed increased with 
increase in the side pressure 1401. 

The beneficial influence of compressive s t r e s s e s  applied at  a l l  s ides  on 
the ductility of brit t le materials,  including heat-resistant metals, can 
be explained by the following physicochemical factors:  1)  space compres
sion prevents intercrystalline deformation, which rapidly leads t o  failure 
of the polycrystal and an  increase in intracrystalline sl ip;  2 )  space 
compression makes the metal  more dense and r e s to re s  the intracrystalline 
and intercrystalline bonds which were impaired during plastic deformation; 
3 )  these stresses completely or  partially annul the negative influence of 
nonmetallic inclusions and of liquid phases. Nonmetallic inclusions a r e  
dangerous if the metal is subjected to tensile s t r e s ses .  The compressive 
s t r e s s e s  crush the nonmetallic inclusions, which then cannot influence the 
ductility of the material;  4 )  compressive forces applied at  a l l  s ides  reduce 
the embrittling influence of tensile s t r e s ses ,  which a r e  induced a s  a result 
of the nonuniform plastic deformation. 

The dependence of the ductile-brittle transition temperature on the 
dimensional factor has not yet been sufficiently studied. The influence of 
this factor is closely connected to the influence of the s t ructural  factor and 
the surface finish. 

The existing methods of combating cold shortness of heat-resistant 
metals can be classified into chemical and physical. Chemical methods 
include removal of interstitial impurities during the different stages of the 
preparation of pure metals,  the deoxidation and modification of metals 
during vacuum melting, and the production of an optimum structure  by 
alloying with substitutional elements. Some examples of a considerable 
increase in the ductility of heat-resistant metals achieved by completely 
removing interstitial impurities or by annulling their  unfavorable influence 
by adding alloying elements which a r e  more thermodynamically active than 
the basis  metal a r e  given below. It has been found / 1 2 /  that yttrium and 
other r a re -ea r th  metals which bind the nitrogen present in chromium into 
nitrides can appreciably increase the ductility of chromium a s  a result of 
their  refining action. The heat of formation of yttr ium nitride (72  kcal/mole) 
i s  almost three t imes greater  than that of chromium nitride (25  kcal/mole).  

The experimental studies carr ied out in the Laboratory of Heat- Resistant 
Alloys and Rare Metals of IMET AN SSSR / 4 1 /  and in other research 
institutes confirmed the effectiveness of this method. Trefilov et a l .  of the 
Institute of Metallophysics AN SSSR recently obtained highly ductile chromium 
by treating it with r a re -ea r th  metals 1421. The metal in the form of plates 
could be bent to an angle of 180" at room temperature.  It has also been 
found that r a re -ea r th  metals have a favorable influence on the ductility of 
molybdenum. The deoxidation 01 molybdenum by r a re -ea r th  metals reduces 
the temperatures of the ductile-brittle transition by about 300°C 1431. 
Molybdenum deoxidized by lanthanum boride could be further rolled at  room 
temperature into 0.15" thick foil after preliminary forging and rolling at 
700°C. The total deformation was 987" 1301. The increase in the ductiliy 
of molybdenum is due t o  the deoxidizing influence of lanthanum (heat of 
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formation of La20, is equal t o  457 kcal/mole, and the heat of formation of 
MOO, to 120kcal/mole). 

Single crystals of molybdenum very carefully freed from interstitial 
impurities by electron-beam zone melting in vacuo are highly ductile 
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FIGURE4. Highly-duc5le moIybdenum produced by elec
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groups IVA and VA (titanium, 
zirconium, halfnium, vanadium, 
niobium, and tantalum) have a 
high degree of ductility at low 
temperatures, even as a result 
of electron-beam vacuum 
remelting, since they dissolve 
interstitial impurities over a 
wider range than metals of 
group VIA. It has recently 
been-determined that most of 
the oxygen is removed from 
the metal in the form of lower 
oxides. The so-called Duplex 
process consists of electron-
beam melting in the presence 
of an active deoxidizing agent 
that removes interstitial 
impurities, and of arc  melting 
in the presence of a modifying 
agent to obtain a fine-grainedu 


structure. The method is 
very promising for  the produc
tion of ductile metals of group 
VIAA.A very promising method 
fo r  combating the contamination 
of metals by carbon during 
the melting process is removal 
of the gases by chemically 
active substances (getters) 
such as zirconium, titanium, 
boron, different ion-exchange 
resins (for example zeolites, 
etc. ), rather than degassing 
bv a vacuum oil DumD.

Y & L 

The most interesting 
example of the efficiency of 
chemical methods in combating

~ 

cold shortness of refractory 
metals is the considerable 
increase in the ductility of 

tungsten from which carbon has been removed (downto  0.001% C)  by cyclic 
heat treatment in a medium containing a few hundredths of one percent of 
oxygen /44/. 

Single crystals of tungsten obtained by electron-beam zone melting in 
vacuo from carbonless materials prepared by the above method were  bent 
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t o  an angle of 180° in liquid nitrogen. Carbon forlas heat-resistant carbides 
with tungsten, and is apparently the most harmful and tenacious impurity, 
since oxygen, nitrogen, and hydrogen, which with tungsten form easily 
dissociable low melting compounds, can be almost completely removed by 
evaporation during melting o r  when tungsten i s  heated in vacuo. The 
numerous inclusions of carbides hinder the movement of the dislocations, 
and also form the nuclei for the formation of microcracks.  Therefore,  the 
ductile -brittle transition temperature  of tungsten i s  increased by hundreds 
of degrees J 1 3J .  The task of producing carbon-free tungsten and of 
maintaining i t s  purity during service must be undertaken by the mutual 
efforts of chemists,  metallurgists, technologists, and consumers.  Our  
a r t ic le  has a l so  shown that to  obtain ductile refractory metals, special 
efforts must be made, starting from the preparation of o re s  and during 
a l l  the chemical, metallurgical, and technological processes .  

We have already mentioned that the ductility of tungsten and molybdenum 
can be improved if these metals a r e  alloyed with rhenium. This i s  a lso 
t rue  if chromium is alloyed with hexagonal ruthenium. 

The physical methods of combating cold shortness  of refractory metals 
include the application of nonuniform compressive s t r e s s  at all  s ides  of 
the a r t ic le  during its plastic deformation (extrusion), and the preparation 
of the best texture, and the optimum dislocation s t ruc ture ,  and s t ructure  of 
subgrains, by thermomechanical processes  and by cold working. This can 
a l so  be achieved by treatment in an ultrasonic field, by freeing the metal 
f rom dissolved gases, by plastic deformation in vacuo, e tc .  It should be 
pointed out that until recently, the most widely used of these methods has 
been cold working below the recrystallization point. Today, refractory 
metals a r e  extruded using all-sided nonuniform pressures  and also a 
counter pressure .  Thermomechanical methods of increasing ductility of 
refractory metals a r e  now being developed. We can only give suggestions 
on the purity of metals, grain s ize ,  grain boundaries, necessary for the 
s t ruc ture  of deformation, but we a r e  not able to  recommend the best fine 
s t ruc ture  o r  the methods by which it can be achieved. 

The above examples of increasing ductility of refractory metals a r e  an 
example of the efficiency of the physicochemical approach to  the problem 
of cold shortness .  

Certain successes  have been achieved in solving the problem of cold 
shortness  of refractory metals. But the final solution requires  a great  
deal of work by scientists and industrial engineers. Because of the 
considerable susceptibility of refractory metals  and alloys t o  interstitial 
impurities, the production and treatment of these mater ia ls  require  highly 
developed technical and industrial skill.  We should like to  point out again 
that the brittleness of refractory metals must be avoided during the whole 
production cycle, and therefore all  the available techniques of chemical 
technology for the production of pure substances, of vacuum metallurgy, 
and of heat-treatment must be used to  attain and keep the required purity 
of the metal. 

It is important not only to  produce a pure refractory metal  o r  alloy 
with a low ductile-brittle transition temperature ,  but a lso to  maintain the 
necessary purity during la ter  treatment and serv ice  of the a r t ic le  1451. 

Today, we should revise  the theoretical and experimental  data, the 
studies car r ied  out by different institutes should be coordinated, and a 
permanent commission se t  up t o  deal with this problem. 
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V.S .  Ivanova, I .  M.  Kop'ev ,  and Yu.P .  Liberov 

THE SUSCEPTIBILITY OF REFRACTORY METALS 
TO BRITTLENESS AND CREEP 

The interest  in refractory metals as promising constructional mater ia ls  
has greatly increased recently. Studies on the behavior of these mater ia ls  
under load, especially the brit t leness,  have increased. 

A s  we shall  show later ,  the brit t leness of metals of the VIA group is closely 
connected with their  high creep at  low and medium temperatures .  Since 
these phenomena a r e  interconnected, they should be discussed together. 
The problem of c reep  of refractory metals at low temperatures  has a r i sen  
only recently, and therefore t ime is  needed to  discover the principle of the 
processes  which give rise to creep of refractory metals at low and medium 
temperatures .  

It has been found that in transition metals,  especially in metals of the 
VIA group (tungsten molybdenum, chromium), the interatomic bonds can 
be considered as a superimposition of an ordinary metall ic bond on a 
covalent bond /1, 2 ,  and others / .  Hence, it follows that we should expect 
strong anisotropy of ductility, since the covalent bonds can exert  a great 
res is tance to the motion of dislocations in cer ta in  directions.  This means 
that effective natural  dislocation b a r r i e r s  such as the Pe i t r l s -Nabar ro  
forces exist in metals of the VIA group, and that these b a r r i e r s  can only 
be overcome by a sufficient amount of thermal  energy and t ime.  In addition 
t o  the frictional forces ,  the behavior of dislocations under s t r e s s  is also 
greatly influenced by their  own properties.  The considerable stacking 
faults of the metals of the VIA group make the splitting of dislocations 
energetically difficult. According to Pavlov 1 3 1 ,  the stacking fault energy 
of molybdenum, tungsten, and chromium is close to  300 e rg /cm2,  which 
should lead to  a considerable interaction of the dislocations and intersti t ial  
impurit ies.  The velocity of dislocations is a very important dynamic 
property.  In general, the velocity of a single dislocation in a latt ice at  a 
given ra te  of deformation depends on the t ime f, during which the dislocation 
is present in the potential w e l l ,  and on the t ime t~during which it t ravels  
a distance equal to the Burgers vector ( t l > > f 2 ) .  Other conditions being equal, 
the t ime increases  with increase in the energy of a single dislocation and 
in the potential b a r r i e r  which has to  be overcome. 

Since the Peier ls  forcesin metals of the VIA group a r e  ra ther  strong, the 
acceleration of the formation of dislocations per  unit t ime will be low, 
that is the retardation w i l l  be high / 4 / .  These phenomena should also be 
facilitated by the high energies of dislocation. The table gives the 
approximate values of the elastic energy of dislocations of different metals 
(calculated from Gb2 or Gb3), and indicates that tungsten and molybdenum 
have the highest energy of dislocations. Thus, the elastic energy of 
dislocations of tungsten is more  than 4 t imes higher than that of aluminum 
and magnesium. At the same t ime the energy of dislocations of chromium 
is close to that of iron. 

All factors which reduce the acceleration of formation of dislocations 
per  unit t ime and increase the retardation of c reep  facilitate the development 
of brit t leness.  On the other hand, the same  factors should also increase 
the ability of metals to  s tore  excess elastic energy at  high deformation 
ra tes .  The value of this excess energy can be found from the acceleration 
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of the increase in the elastic limit with increase in the ra te  of deformation. 
It is clear  that the more a given metal is able to s tore  excess elastic energy, 
the greater  w i l l  be the tendency of this metal to  creep at low and medium 
temperatures,  since if a constant s t r e s s  is applied the excess stored 
elastic energy can be used to develop plastic deformation. Therefore, since 
because of their structure the metals of the VIA group should have a high 
ability to s tore  excess elastic energy, the following effects should 
accompany the deformation of these metals:  

1) an anomalously high creep rate  over the temperature range of 
brit t leness,  and an intense development of the processes of relaxation at 
these temperatures;  

2 )  a high tendency to creep at  temperatures considerably below 0.5 Tmp; 
3 )  a high ductility at low rates  of deformation, comparable to the ra tes  

of creep. 
The tendency of refractory metals (tungsten, molybdenum and chromium) 

to  creep over the temperature range of brit t leness was predicted in 1 5 1 .  
Fracture energy and energy of dislocations of pure metals a t  room temperature 

~ 

ev 

7.1 
253 0.90 2.46 15  3 115 0.30 0.77 4.70 
170.0 0.57 1.62 9.9 3 62.3 0.22 0.64 3.9 
136 0.45 1.13 6.7 3 H CP 102 0.33 0.95 5.8 
156 0.52 1.28 7.8 3 28.9 0.18 0.57 3.5 

The above characterist ic behavior of metals of the VIA group has been 
investigated by special experiments which we shall  discuss below. 

300 7;'C 

FIGURE 1. Dependence of the creep rate on temperature for 
TsM-2 molybdenum produced by vacuum melting (according 
to data of long-time hardness tests). 

The behavior mentioned in 1) is confirmed by the data of Figure 1. 
These data were obtained from a study on the time-dependence of the 
hardness of TsM-2 molybdenum obtained by vacuum melting. 

The creep rate  was calculated by the Osipov- Tieh-ch'sng /6f . 
The hatched a r e a  represents a temperature range of 20- 170°C over which 
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there  is an  anomalous relationship between the creep r a t e  and the temper
ature .  At 20°C the creep ra te  is about twice that at  170°C. The decrease 
in the c reep  r a t e  with increase in temperature can be explained by a 
decrease in the ability of the metal to s tore  the excess elastic energy at 
higher temperatures .  

The above assumption is again confirmed by the data in Figure 2 on the 
relaxation of s t r e s s e s  during tensile tes ts .  The tes t s  were car r ied  out on 
a ZM-4 machine using molybdenum wire (144)with u B =220 kg/mm2. It is 
obvious that the intense relaxation of s t r e s s e s  takes place at uo = 0.50,, and 
the decrease in s t r e s s e s  during 90min is about 17kg/mm2, i. e . ,  about 
207’0. This is a very high ra te  of relaxation of s t r e s s e s  (considerably 
higher than for nickel o r  i ron)  which indicates that the processes  of c reep  
at  room temperature a r e  very effective. We think that these resul ts  a r e  
also of practical  interest ,  since they indicate a low relaxation stability of 
commercial  molybdenum even at room temperature.  It is possible that at 
low temperatures  the tendency of molybdenum to creep and to relaxation 
will be even higher. 

BD 
I I -

a 30 60 90 
t ,  min t. hr 

FIGURE 2. Relaxation curves of molybdenum wi re  recorded FIGURE 3. Creep curves of 0.1 m m  

during tensile tests on molybdenum wire (M4) with a dia- tungsten wire: 

meter of 1 0 0 ~ :  


1-temperature 20°C; 2-350°C; 3
105kg/mm2; 2-138; 3-178. 415°C; 4-450°C, a = 150 kg/mm2.1 - ~ =  

The experiments which we carr ied out with tungsten (group V U )  also 
indicate a high creep at low temperatures.  This has been confirmed by 
the data on Figure 3 .  After 3 hr  of testing at  450°C the elongation of a 
250” long wire specimen was about 0 . 8 7 0 ,  which indicates a very high 
creep ra te .  

The high tendency of tungsten to creep at  low temperatures is  directly 
confirmed by the data of Bechtold / 7 /  on the influence of the ra te  of 
deformation on the ductility of tungsten. An increase in the ra te  of 
deformation at  250°C f rom 9.8. l o b 3to  9.8. lo-* sec-’ increases  the ductility 
to  50% with almost no macroscopic deformation at  ordinary deformation 
ra tes  (9.8. sec- l ) .  The above data indicate that despite their  tendency 
to  brit t le failure tungsten and molybdenum, and apparently also chromium, 
have a high tendency to  creep and to  a relaxation of s t r e s s e s  over the 
temperature range of brit t leness or  at  low temperatures.  
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This analysis indicates that the metals of the V U  group should be inherently 
more  sensitive to the ra te  of deformation than other metals with a body-
centered cubic latt ice.  For these metals it is therefore necessary to 
develop principles of alloying and methods of thermoplastic treatment 
different than those for metals with a body-centered cubic and a face-
centered cubic latt ice.  

To obtain a complete picture of the influence of different factors on the 
deformation and failure of metals of the VIA group, w e  should like to 
discuss an analysis of the dislocation energy, and to consider together the 
behavior of dislocations and the specific energy needed for plastic 
deformation and for failure of metals.  

Plast ic  deformation is accompanied by a strengthening and a softening 
of themetal .  F r o m  the point of view of the theory of dislocations, 
strengthening is the hindering of dislocations in the metals ,  since this leads 
t o  an increase in the flow s t r e s s e s ,  while softening is a shift of dislocations 
to  the surface,  since in this  case a "stepped" failure takes place. 

Since the deformation of actual metals leads to  a shifting of dislocations 
to  the surface and hindering of dislocations at the obstacles, plastic 
deformation is clearly accompanied by a strengthening of some and a 
softening of other volumes of the metal. 

Fai lure  takes place at the moment when the volume of a metal  which 
leads to  failure absorbs a maximum energy A f ,  determined by the binding 
forces of a given metal  1 7 ,  8 1 .  According to the above, the specific energy 
determined by Af consists of the strengthening energy Ast , fixed by the 
dislocations and other defects retained in the metal, and the f rac ture  energy 
fixed by the dislocations and other defects formed during deformation which 
have shifted to the surface,  i. e., 

where the specific energy A,t is used for the formation and a development 
of brit t le cracks a s  a result  of the concentration of a cr i t ical  number of 
dislocations, while Asurf i s  the energy used for  the formation and develop
ment of ductile cracks a s  a result  of the shifting of a cr i t ical  number of 
dislocations to the surface at a given slip plane. 

Thus, 

It has been shown ear l ie r  that the magnitude Af can be determined 
experimentally or calculated a s  before / 5 /  f rom the data on the thermo
dynamic constants. 

The data on the fracture  energy ( A f )  determined a s  

a r e  given in the table. 
Tx 

Here 5 C,dT determines the heat content of a metal  at  a given temperature  

or the engrgy of the thermal  vibrations of the atoms (C, is the heat capacity, 
T, is the given temperature) .  
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An analysis of this  equation is given in f 51. 
The data in the table indicate that with increase in the fracture  energy 

the energy of dislocations increases.  The specific energy stored in metals 
consists mainly of the energy of single dislocations, vacancies, and 
intersti t ial  atoms, the energy of reaction between the dislocations and 
between dislocations and intersititial atoms, and also the stacking fault 
energy. 

However, the share  of dislocations in the stored energy is  highest. 
Therefore, to a certain approximation, if we assume that the total energy 
A f  i s  associated with the dislocations either in the interior of the metal o r  
shifted to the surface,  it is also possible to  calculate the maximum density 
of dislocations formed ina  metal during deformation from the formula 

A f G b 2 .  

The table also indicates that different metals have different values of 
A f  and of dislocation energies. However, in a l l  metals A f  is equivalent to 
the energy necessary for the formation of the same density of individual 
dislocations ( lo i3 .  cm-'). The energy of the interaction of dislocations can 
be different, depending on whether the dislocations remain in the metal o r  
a r e  shifted to the free  surface during deformation. Fo r  this reason, and 
also due to  the presence and interaction of other defects, the rea l  magnitude 
of pcrit decreases .  

The strength of a given metal, its ductility, and also the type of failure 
depend on the relationship between the fractions of specific energy used for 
the formation and development of brit t le and of ductile cracks (the relation
ship between the dislocations which remain in the metal and those shifted 
to  the surface) .  This is determined by the conditioiis of deformation and 
the s t r u c t w e  of the metal. 

We propose the following energy diagram for  ductile and brittle failure 
a s  a function of the rate  of deformation (Figure 4) .  The continuous line in 
Figure 4 represents the dependence of the energy of strengthening, which 
is a function of the number of dislocations remaining in the metal and of 
their  interaction with one another and with impurity atoms, on the rate  of 
deformation. The ordinates above this curve represent the fraction of 
specific energy consumed for the formation and development of ductile 
cracks ( Adc) and those below the fraction of the specific energy used up for 
the development of brit t le cracks at a given rate  of deformation (Abc). The 
total f racture  energy is A f =  Adc+ Abc= const. 

4 dc 
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2 
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G $1 I 
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FIGURE 4. Energetic l iagram of brittle and ductile failure. 
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The increase in Abc =F(V) is limited by the maximum energy Af, which 
depends on the binding forces.  This curve shows three cr i t ical  points. 

Foint 1 is the intersection of the curve A b c = F ( V )  with the straight line 
Af = const. At V = V ,  the failure is purely brit t le,  since A f =  Abc. and Adc=O. 
A further increase in the r a t e  of deformation is not expected to  have any 
influence on the mechanical properties of the mater ia ls ,  and the failure 
wi l l  take place when the breaking s t r e s s  is reached. 

Point 2 is a point corresponding to  the r a t e  of deformation at which Abc 
is equal to Adc, i. e. ,  this failure is both br i t t le  and ductile. The a r e a  
between the ordinates of points 1 and 2 is an a r e a  of a brittle-ductile 
failure in which brit t le failure predominates. 

Point 3 corresponds to a r a t e  at which Af = Adc ;Abc = O ,  i. e., at these 
r a t e s  and below no brit t le cracks a r e  formed, which means no dislocations 
of cr i t ical  density a r e  formed, and the  failure is due to  the formation of 
ductile cracks a s  a result  of the shifting of a cr i t ical  number of dislocations 
to the surface.  

The a r e a  between the ordinates of points 2 and 3 is an a r e a  of ductile-
br i t t le  failure in which ductile failure predominates. 

This diagram shows that with increase in the ability of a metal  to  hinder 
dislocations, the relationship Abc-= F(V) becomes more marked, and the 
tendency of the metal  t o  brit t le failure under dynamic loads and to creep 
over the temperature range of brit t leness increases .  

A s  we have already mentioned, a s  a resul t  of their  inherent dislocation 
b a r r i e r s  and also because of the high energy content of individual disloca
tions,  metals of the VIA group should have a higher tendency to  hinder 
dislocations than other metals with a body-centered cubic or face-centered 
cubic latt ice,  and consequently the Abc=F(v)  relationship should be more  
marked for these metals.  

The above diagram also explains the high sensitivity of tungsten, 
molybdenum, and chromium to  impurit ies.  If the metal  has  strongly 
blocked dislocations the hindering of new dislocations formed during 
deformation is  even more effective, i. e . ,  other conditions being equal the 
relationship Ah=F(V) for metals containing intersti t ial  impurit ies should 
be more  marked than for pure metals ,  and the curve representing this 
relationship is located higher (dashed curve) .  This means that the 
susceptibility of metals with intersti t ial  impurit ies to br i t t le  failure 
increases ,  i.  e . ,  bri t t le failure takes place at lower ra tes  of deformation, 
o r  the ductile-brittle transition during impact tes t s  is  shifted toward 
higher temperatures .  

CONCLUSIONS 

The following conditions a r e  necessary to  reduce the tendency of metals 
of the VIA group to creep in the range of brit t leness.  

1. Special principles of alloying these metals should be developed t o  
reduce the Pe ier l s  forces ,  the stacking fault energy, and the energy of 
individual dislocations, i. e. ,  alloying should not lead to  a strengthening of 
the metal, a s  in other cases ,  but to a cer ta in  softening. Such alloying 
should also decrease the tendency of the metal  to  br i t t le  failure.  
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2. The content of interstitial impurities should be reduced by high 
purification or by alloying. 

3. Special methods of thermoplastic treatment should be developed t o  
produce a s t ructure  which w i l l  not hinder dislocations (as in the strengthen
ing of other metals),  but w i l l  facilitate their  shift to  the surface,  i. e., lead 
t o  a decrease  in the internal and external b a r r i e r s  and to  an increase in 
the number of centers through which dislocations can be shifted. 
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STUDY OF CREEP OF CAST A N D  WROUGHT 
CHROMIUM IN VACUO 

Chromium-base alloys have recently been developed for service at 
temperatures above 1000°C. The plastic deformation of chromium above 
1000°C and the mechanism of the deformation of chromium at temperatures 
above 0.5 Tmp have been little investigated, especially under conditions of 
variable factors such as s t r e s s e s ,  temperatures, and environment. The 
development of plastic deformation and failure at temperatures of 
0.5- 0.75 Tmp a r e  influenced chiefly by heat-activated processes.  Therefore, 
it i s  of great interest  t o  study the development of the deformations under 
conditions of creep at these temperatures.  When the heat-activated 
processes predominate, we can expect: 1) a relatively close relationship 
between the temperature and the creep rate;  and 2 )  the absence of any 
dislocation-slip deformation. However, at temperatures above 1000°C 
chromium has a high tendency to volatilize, which facilitates the shift of 
dislocations t o  the surface. At temperatures above 0.5 Tmp conditions can 
be created for a dislocation-slip process,  and a s  a result  the resistance 
t o  plastic deformation can be greatly reduced. F r o m  this point of view it 
is probable that materials which a r e  more susceptible to  vaporization under 
conditions of constant s t r e s s  w i l l  have a higher resistance to creep. 
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The purpose of this study is t o  investigate the process  of c reep  in cast 
and wrought chromium. We studied the variation in density of the specimens. 
their  electric resistivity, and their microstructure.  The activation energy 
fo r  creep was studied by creep tes t  methods based on monoaxial tensile . 
t es t s ,  and on twisting by different forces  in vacuo at temperatures  of 
0.525- 0.74 TmP. The cast specimens were prepared from twice-refined 
electrolytic chromium of 99 .9% purity, and the wrought specimens of 
pressed chromium rods. The billet for cast specimens was obtained by 
melting chromium suspended in an atmosphere of dry, purified helium. 
The molten metal  was poured in the same  atmosphere into copper molds 
6 mm in diameter and 50" long / I / .  

Both the cast and wrought specimens were prepared by machining. The 
working surface was ground by emery  paper. The specimens were not 
electropolished to  avoid contaminating their  surfaces .  The tensile tes t  
specimens were 15m m  long and 2.5 m m  in diameter,  and the torsion tes t  
specimens 15 mm long and 3 m m  in diameter.  

The creep tes t s  were carr ied out on a VPR-1 machine designed and built 
in the laboratory. The specimens were heated in a vacuum chamber by a 
molybdenum heater consisting of two thin molybdenum cylinders connected 
by a molybdenum ring (vacuum up to  1. Hg). The s t r e s s  applied 
to  the specimen was maintained constant by a cam gear .  The elongation 
of the specimen under a constant load was measured by an indicator. The 
temperature  was recorded and maintained constant by an automatic 
electronic potentiometer of the E P D  type with a platinum-platinum
rhodium thermocouple, with its hot end attached to  the surface of the 
specimen. 

Over the temperature  range mentioned above the c reep  curves were 
recorded at  constant temperatures and at constant s t r e s ses  of 2.56 kg/mm2. 
Creep was measured not only by tensile tes ts  but a lso by tors ion on the 
I M E T - 4 K  machine / 2 /  under different s t r e s ses  and at different temperatures ,  
and at a pressure  of 1. Hg. The tes t s  were car r ied  out by recording 
creep  curves at constant temperatures  and also by the temperzture-cyclic 
s t r e s s  method, i .  e . ,  under conditions when the c reep  ra te  was recorded 
continuously under the action of a constant torsion moment but a t  a gradually 
changing temperature .  

Before the specimens were tested they were annealed at 1200°C for 1 h r .  
Because of the large number of defects in chromium the specimens were 
selected according to  their  density and their electric resistivity. The 
density of the specimens was measured by the method of hydrostatic 
weighing of specimens in the a i r  and in distilled water, and the electr ic  
resistivity at room temperature by the compensation method using a double 
res i s tor  bridge. 

Al l  stages of the c reep  process were studied under the microscope. After 
the load was removed the specimens were cooled, and taken f rom the 
machine. Then microsections were prepared from longitudinal s t r ip s  and 
electrolytically etched in a 10% solution of oxalic acid at  a current  density 
of 0.7amp/cm2. The tes t  and the volatilization were car r ied  out in a 
nonoxidizing atmosphere so  that the microstructure  directly on the surface 
of the specially prepared specimens could be investigated. A smal l  dent 
about 1m m  wide was made along the generatrix of the cylinder, and i ts  
sur face  was prepared in the same  way a s  for the microsections.  
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Experimental data on the creep ra te  of chromium plotted in the ordinates 
of logarithm of c reep  ra te  versus  reciprocal  of temperature  a r e  shown in 
Figure 1. The data a r e  the average values of the c reep  ra te  of cast  
specimens,  since despite the selection the scattering of the experimental 
data is quite high (about 1 order  of magnitude). No such scattering was 
encountered in wrought specimens. Almost a l l  points lie on a straight line 
which represents  a log V = f (  1/T) function. Over the temperature range 
investigated the creep ra te  is greatly influenced by temperature.  An 
increase in temperature  of 100°C leads to an increase in the creep ra te  
of one order  of magnitude. The creep ra te  during torsion at T = const can 
be found from the formula V = A t a ,  where V is the creep rate ,  A is a 
constant, t is the torsional s t r e s s ,  a is an exponent which depends on the 
mechanism of creep of a given material .  The activation energies given in 
the table were calculated from experimental data. The ictivation energy 
of c reep  decreases  with increase in s t r e s s .  

log u 

FIGURE 1. Dependence of the creep rate of chromium 
on temperature: 

a-investigation by the temperature-cyclic method of 
torsion at z = 2.05 kg/mmz: 1-wrought; 2-cast; 3-cast: 
b-at a constant temperature; 4-cast, torsion, T = 
=2.05 kg/mmz; 5-the same, c =4.39kg/mmz: 6
wrought by stretching, u = 2.56 kg/mmz; 7-cast, stretched, 
u =  2.56 kg/mm2. 

The activation energies of tensile and torsional tes t s  were very s imilar ,  
although the activation energy of torsion found from the creep curves at  
T = const is only about half that calculated from the data of the temperature-
cyclic s t r e s s  method. This phenomenon has not yet been clarified, but it 
is quite possible that it is due to the specific influence of the s t ructure  and 
of the defects in the surface layers  during torsion tes t s .  

The loss  of metal  due to  its volatilization from the working surface of 
s t ressed  chromium was determined by weighing the specimens before and 
after the test. Cast chromium specimens had a polished surface and the 
experiments were carr ied out over a temperature range of 1150--1311°C. 
Specimens covered by an oxide film were tested at  1112-1290°C. The 
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of the experimental data. Micro-
s t ructural  studies on the surface of 
the specimens confirmed the conclusion 
that volatilization effectively facilitates 
the shift of dislocations to  the surface. 
The s t ructures  of chromium specimens 
during different stages of creep tes t s  
a r e  shown in Figure 3. 

The photographs shown in Figure 3 
indicate that beside symptoms charac
ter is t ic  of heat-activated processes  

Activation energies calculated from experimental data 

Temperature-cyclic 
stress 

The same 
,I *, 

.. *, 

Standard 

Cast chromium 

Wrought 
Cast 

WroughtI Cast 

T o r s i o n a l  t e s t s  

1080-1300 

1000-1208 
840-1000 
840 -1070 

1000-1200 
950-1100 

T e n s i l e  t e s t s  

1050-1205 
1150-1311 

Stresses, Activation energy, 
I<g/mm2 kcal/g-a tom 

__ 

2.05 17 

2.05 07.8 
4.39 91.8 
4.39 94.8 
2.05 65 
4.39 56.8 

2.56 128 
2.56 1 113 

~ 
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FIGURE 3. Micros-mcture of chromium during creep: 

a-wrougbt CfnirialnatetiaI), x 115: 6-end of first stage of creep, X 500; c-second srage of creep, 
X 1000; d-de same, XGO; e-the same, X 4 5 0 ;  f -de same, X1000; g--third stage of creep, X60; 
h-the same, X115; i-the same, X 500. ’ 
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During the second stage of creep characterized by processes of 
strengthening and recovery,  w e  can distinctly see mosaicblocks (Figure 3,  d).  
During this stage polygonization and the formation of a substructure take 
place. On the microsection where the microstructure has been revealed by 
vacuum etching (Figure 3 ,  e, f )  we can see  how sinuous the grain boundaries 
have become. On certain a reas  the migration of boundaries, s l ip  bands 
and the formation of blocks can also be noticed. The shift of dislocations 
t o  the surface i s  also visible on certain grains (Figure 3 ,  f ) .  The deforma
tion of the boundary zones indicates slipping of grains  in relation to  one 
another. It i s  a lso possible to distinguish individual pores,  which however 
become annealed during the second stage.  A moment is reached when 

annealing lags behind deformation, 
I 	 which means that a combination of 

dislocations and excess vacancies 
occurs in the weakened zones. Stable 
pores (Figure 3,  g )  which a r e  lengthened 
and widened by the acting s t r e s s e s  

r I - I I begin to  appear along thetograinA2 LII j110 7 120 9 1303 40 It,min boundaries. This leads considerable 

o G - . - 7 - ; - A weakening of the material  and the 
a 2  beginning of failure. The surface of a 

specimen near failure is shown in 
FIGURE 4. Variation i n  deiisity a n d  electric re- Figure 3 ,  h. Slip lines in two 
sistiviry or  wrocght ~ ~ I ~ I I I I U I I Iduring c;ecp a t  (Figure 3 ,  i )  intersecting systems and 
1 3 0 0 ~ :arid ar 0 = 2 56 I < ~ / I I I I I I ~ :  the formation of planes along the 
l--r.Ian+irion of speciinen; 2-dCnsltyAd;d .lOO:o:,, boundaries a r e  visible. 

3-elecrric resistivity, AQ/Q ~ l O O ~ ~ o ,  The data of the microstructural  


analysis agree w e l l  with those on the 
density and electric resistivity of the materials.  

It should be pointed out that the electric resist ivity (which reflects the 
s t ructure  of the metal? changes in the same way a s  in other metals tested 
a t  lower temperatures ,  i .  e . ,  a t  temperatures at which the dislocation-
sl ip  mechanism of deformation is predominant / 3 / .  

The variation in the density and electric resist ivity of wrought chromium 
specimens during creep t e s t s  i s  shown in Figure 4. During the f i r s t  stage 
of creep the electric resist ivity decreases ,  reaches a certain minimum, 
and then smoothly increases to a certain value corresponding to the 
beginning of the second stage of creep. The density of the material  
increases  slightly during this stage.  Since several  processes  a r e  taking 
place simultaneously, it is difficult to determine which exerts  the highest 
influence on the electric resistivity and density of the material .  The 
formation of a deformation texture accompanied by a drop in the electric 
resist ivity during the f i r s t  stage apparently has a considerable influence. 

During the second stage of creep, characterized by an equilibrium 
between the processes  of strengthening and recovery,  the electr ic  resistivity 
somewhat increases  which indicates that the annealing of the dislocations 
lags somewhat behind their  formation, and therefore their  number gradually 
increases .  If the number of dislocations begins to  grow rapidly and the 
density of the specimen decreases ,  the electric resist ivity increases  
sharply.  
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CONCLUSIONS 

The creep of chromium in vacuo at temperatures of (0.5-0.75) T i p  can 
be characterized by the following factors.  

1. The creep rate  is very influenced by temperature.  Creep is greatly 
influenced by heat-activated and dislocation-slip processes.  

2 .  Wrought chromium specimens have a higher r a t e  of volatilization 
during creep than cast  chromium specimens or specimens covered by an 
oxide film. Therefore,  the absolute creep ra tes  of cast  chromium a r e  
lower than of wrought. 

3. The nature of the variation in the electric resist ivity of chromium 
reflects the s t ructural  changes taking place in the metal  during different 
s tages  of creep, and is the same a s  the variation in the electric resist ivity 
of other metals during creep at temperatures below 0.5 T i p .  

All these factors indicate that the creep of chromium below (0.5-0.75)Tmp 
is greatly influenced by the dislocation-slip mechanism, which may be 
due to  the volatilization of chromium which facilitates the f ree  shift of 
dislocations to the surface.  
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INFLUENCE OF LOCAL INHOMOGENEITIES IN THE 
DISTRIBUTION OF IMPURITIES ON THE 
BRITTLENESS OF CHROMIUM 

Even small  amounts of several  metallic and nonmetallic impurities 
reduce the ductility of chromium / 1, 21.  The mechanism of this influence 
of impurities on the ductility of chromium has been discussed in a number 
of works 13, 4, 5, 6 1 .  However, some problems have not yet been fully 
clarified. It is believed / 6 /  that the embrittlement of refractory metals of 
group VI, chromium subgroup, is caused by the accumulation of interstitial 
impurities along the grain boundaries in the form of solid solution 
precipitates, by the increase in the resistance to the movement of disloca
tions, and by the decrease in the resistance to  the propagation of cracks.  
This hypothesis apparently assumes that the existence of a close antiferro
magnetic order  of chromium 131, and the mechanism of the deformation of 
chromium 1 7 1 ,  be taken into account. 
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In their  studies on the influence of impurities on the ductility of chromium 
many authors assumed that this metal consists of a chemically homogeneous 
solid solution. The possibility of precipitation of stable and metastable 
particles along the grain boundaries and other interfaces has not been 
considered or sufficiently investigated. The uneven distribution of the 
carbide phase in metals with a high carbon content (0.5 wty') has been 
determined metallographically. The distribution of the carbide phase in 
chromium, and the kinetics of its precipitation in chromium containing less 
than 0.01 70 of carbon, have not yet been sufficiently studied. 

We carr ied out direct  investigations of the distribution of a number of 
impurities and alloying elements present in chromium in small  amounts. 
If chromium contains small  o r  medium concentrations of impurities, a 
study of their  distribution by metallographic and other c lass ic  methods 
involves certain difficulties, and therefore w e  employed methods with 
art if icial  radioactive isotopes. The distribution of carbon, sulfur, 
phosphorus, iron, copper, tungsten, molybdenum, tantalum, calcium, and 
zirconium, in chromium, and also the solubility and diffusion of carbon in 
electrolytically refined chromium during its remelting, were investigated 
by adding isotopes of these elements to  chromium. The distribution of the 
above elements in cast  and annealed cast  chromium, and the distribution 
of carbon and sulfur in hot-formed and heat-treated chromium, were 
studied by the autoradiographic method. 

The distribution of carbon in chromium after crystallization in metal 
ingots is shown in Figure 1,a.  The dark network along the grain boundaries 
indicates an accumulation of carbon. The intensity of the dark color of the 
grain boundaries, and the variation in this  intensity as  we pass from dark 
a r e a s  to  bright, indicate that the concentration of carbon at  the grain 
boundaries is more than ten t imes that in the grain,  and that the changes 
from the carbon-rich zones to zones with a low content of carbon a r e  
stepwise. This is  another proof that under existing conditions carbon forms 
carbides along the grain boundaries of chromium. 

Phosphorus is present in chromium in concentrations of 0.001- 0.00570. 
A study of the distribution of phosphorus under the above conditions showed 
that phosphorus also accumulates along the grain boundaries of this metal 
(Figure 1,b) .  The distribution of phosphorus seems to differ from that of 
carbon, but this is  apparently due to the specific features of the application 
of autoradiography to the determination of phosphorus. However, a s  in the 
previous case,  it can be seen that phosphides a r e  precipitated along the 
grain boundaries of chromium. The autoradiogram showing the distribution 
of su l fu r  in chromium (Figure 1, c )  indicates that at the given concentrations 
sulfur is  present in chromium a s  sulfide inclusions distributed at random 
along the grain boundaries and within the grains .  The content of impurities 
in the alloys is  given below. 

Alloy Content of impurity, 
Alloy 

Content of impurity, 
Wt q o  W f  qo 

Chromium -iron 0.3 Chromium- tungsten 0.03 
Chromium- tantalum 0.3 Chromium -calcium 0.5 
Chromium -silicon 0.5 Chromium-carbon 0.02 
Chromium -copper 0.006 Chromium- sulfur 0.01 
Chromium- zirconium 0 1  Chromium -phosphorus 0.005 
Chromium- molybdenum 0.14 
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FIGURE 1. Autoradiodiagrams &owing the distribution in chromium of: 

a-carbon; 6-phosphorus; c-sulfur, X 150. 

On all the autoradiograms the blackened areas are much wider than the 
zones csntaining impurities. 

The distribution of carbon, sulfur, and phosphorus, described above, is 
also retained in annealed cast chromium and in hot-worked chromium. In 
the latter case only carbon is distributed in this way provided that no 
hardening is caused by cooling. 

The distribution of iron, tantalum, copper, molybdenum, tungsten, 
calcium, and zirconium in cast and annealed chromium has been investigated 
by the method of autoradiography. The conditions were  the same as above. 
At the concentrations given (see page 27), all the above elements, except 
tungsten, are present at the grain boundaries of chromium. But the 
concentration of tungsten in the grains is higher than in the grain boundaries. 
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No enrichment of the grain boundaries of chromium specimens containing 
10 and 20'70 of molybdenum could be found by the autoradiographic method. 
The autoradiograms showing the distribution of tantalum, calcium, and 
zirconium in chromium indicate that, in addition to  the fields with a high 
concentration of these impurities along the grain boundaries, very dark 
a reas  a lso exist, which apparently contain compounds formed by these 
elements wi th  nonmetallic impurities, and a l so  precipitated mainly along 
the grain boundaries. 

These data indicate that the concentration of many impurities and 
alloying elements in cast  and annealed chromium is considerably higher 
along the grain boundaries than in the grains themselves.  The precipitates 
of carbides and phosphides of chromium, and apparently a l so  of impurity 
metals, and also oxide precipitates a r e  present mainly along the grain 

Cast chromium and chromium-base alloys a r e  more br i t t le  than the hot-
o r  cold-worked metal  / a / .  This may be related to  the data given above. 
Apparently the distribution of precipitates i s  influenced by the higher 
concentration of alloying elements along the grain boundaries. 

Great attention should be paid to  the behavior of carbon in chromium, 
since according t o  l i terature  data carbon and nitrogen have the greatest  
influence on the ductility of the metal 12, 6 1 .  The distribution of nitrogen 
cannot be determined by the autoradiographic method because no convenient 
radioactive isotopes of this element a r e  available. 

The distribution of carbon in chromium of the type shown in Figure 1,a ,  
canbe found in metal  specimens which were forged and isothermally heated at 
1100°C o r  above, and quenched from these temperatures  in oil o r  cooled 
more slowly. In both cases the carbides were precipitated during the 
cooling process .  The presence of large amounts of a carbide phase along 
the grain boundaries of chromium indicates that one of the conditions of 
br i t t le  failure suggested in / 6 /  has been established. 

To clarify the influence of impurities present in solid solutions, it is 
necessary to  have data on the solubility of these impurities and on the 
parameters  which influence the kinetics of precipitation. We investigated 
the solubility of carbon in chromium and the influence of alloying on the 
maximum content of carbon in saturated solid solutions, and on the diffusion 
of carbon in chromium. The data on the solubility of carbon in chromium 
were obtained by Smith (metallographic investigations) / 9 / ,  and a r e  
apparently only qualitative. 

W e  studied the equilibrium in the carbon-chromium system at concen
trations of carbon of 0.004-0 .05~ ' ,  over a temperature  range of 1100
1500°C. The forged chromium specimens were heated at a given temper
ature  for a specific t ime,  quenched, and examined by the autoradiographic 
method. Specimens in which chromium had been distributed uniformly af ter  
such a heat treatment were further treated at a lower temperature,  and 
vice versa .  The resul ts  a r e  given in Figure 2 .  Points 1 indicate conditions 
corresponding to  a uniform distribution of carbon at which no precipitates 
were found, and only a solid solution of carbon in chromium existed; 
points 2 represent a condition at which the specimens contain both a solid 
solution and a Cr,,C, carbide, whore s t ructure  was determined by an X-ray 
s t ructural  analysis. The data a r e  plotted in the log C-l/T coordinates. 
The straight line which separates  the points of different phases of 
chromium- carbon alloys represents  a maximum concentration of carbon 
in the solid solution of chromium. The heat of dissolution calculated 
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I
0 . 7 - "  I ' - 0.3 precipitates a t  '700°C and 6OO0C, 
0.6- .0 .2  the content of carbon must be 
0.5 - - 0 1  c l e s s  than and w t  70,
0.4- -- I  5 respectively. Even if thisE 0.3- -0.9 6 dependence of the maximum0.2

u" 0.1- -0.8 8, concentration of carbon in-0.7 -
IE-,? - -0.6 chromium on temperature is 

0.9 - -0.5 retained down t o  lower temper
0.8 - : -0.4 atures ,  it is nevertheless 
0.7- o f  -0.3 difficult to produce chromium
0.6- -2 ;-a2 with no carbide precipitates in 

To find the influence of 
FIGURE 2. Results of a study of the chromium-carbon alloying on the solubility and
phase diagram (C=O.004-0.05?~. distribution of carbon in 

chromium w e  studied the phase 
diagram of chromium with small  amounts of molybdenum and nickel by the 
method of autoradiography. The addition of molybdenum to  chromium 
reduces. the concentration of carbon in saturated solid solutions at 1200°C 
(Figure 3). This is also t rue  of the addition of nickel, tantalum, and 
titanium t o  chromium. If the concentration of these elements at the grain 
boundaries is higher than in the grains,  carbon can migrate into the former 
and thus facilitate an increase in the amount of the carbide phase o r  
supersaturation of the solid solution. 

C,w t q n  

FIGURE 3. Influence of molyb
denum on the solubility of carbon 
in chromium at  1200°C. 

- I 
- I

- 7 '  I 
t I-1 I 

5.5 s.0 6.5 70 
7. 

FIGURE 4.  Dependencc of the coefficient of diffusion 
of carbon on temperature: 

1-in unalloyed chromium; 2-in chromium-0.5% 
iron alloys; 3-in chromium-lqo iron alloys; 4-in 
chromium-1% tantalum alloys. 
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The growth of the particles precipitated from the solid solution depends 
on the intensity of the diffusion currents which supply carbon from the solid 
solution. It is believed /6/ that coagulation may take place at a diffusion 
rate in the solid solution of not less than 10-11-10-'2cm2/sec. To 
determine the diffusion r&e of carbon in chromium and its alloys containing 
0 -5and 1% of iron and 0.5 70 of tantalum, the dependence of the diffusion 
Coefficients of carbon on temperature were investigated. Because of the 
6 w  solubility of carbon in chromium, the diffusion coefficients of carbon 
at elevated temperatures were determined by the concentration method, 
by freeing the specimens of carbon, and then making a radiometrical 
analysis of parallel layers / l o / ,  and at lower temperatures (140-162"C) 
by the method of a low-frequency internal friction at free torsional 
vibrations /ll/. The dependence of the diffusion coefficients on temperature 
is shown in Figure 4. The diffusion coefficients of alloys are somewhat 
higher than of unalloyed chromium. The diffusion coefficient at about 400°C 
is about 10-"cm2/sec, and at 350°C it is 10-ucm2/sec. The data obtained 
on the aging of chromium /12,13/ indicate that the precipitation of nitrides 
from solid solutions may take place at lower temperatures. However, 
these precipitates are very small and the problem of whether the precipita
tion from the solid solution is complete has not yet been solved. 

FIGURE5. Distribution of cracks in chromium: 

a-autoradiogram: b-microsmcture of & e  same region, x 150. 

A comparison of the data on the diffusion and solubility of carbon in 
chromium indicates that at low temperatures (below 100°C)the solid 
solution of carbon in chromium is supersaturated. 

The impurities present in solid solutions increase the yield point of the 
metal and lead to uneven deformation. The differences between the chemical 
compositions of the grain boundaries and of the grains increase the 
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unevenness of deformation, r a i se  local s t r e s ses ,  and thus facilitate the 
formation of c racks .  Supersaturated solid solutions may decrease the  
res i s tance  t o  crack  propagation. An example of the nucleation of c racks  
in  gra in  boundary zones of chromium with a high content of impurities is 
shown in Figure 5. The c racks  nucleated during the bending of the 
specimens at a point close to  the grain boundary. 

A study on the  influence of alloying elements on the solubility of carbon 
in  chromium indicates that alloying elements affect the coefficient of 
thermodynamic activity. The distribution of carbon and phosphorus in 
chromium should be studied as in s teels  in which the mutual influence of 
carbon and phosphorus on their  distribution has been determined. 

CONCLUSIONS 

The resu l t s  confirm that br i t t le  failure in chromium is caused by two 
processes ,  and that these are greatly accelerated i f  the distribution of 
impurit ies within the grains is uneven. To obtain more  homogeneous and 
ductile metals,  the distribution of impurities must be made more  uniform 
by heat treatment,  s o  that homogenizing of some impurities will not lead 
t o  nonuniform distribution of others.  
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A .  K.  Butylenko, V .N .  Gridnev and V .N .  Minakov 

THE ABSENCE OF POLYMORPHISM IN CHROhIIUM 

The problem of polymorphism in chromium a rose  in connection with 
X-ray s t ructural  studies of electrolytic deposits of chromium, and with 
an investigation of binary chromium-base alloys containing Ni, Ta,  and Fe. 
Close-packed hexagonal / 1-41, hexagonal 15, 61,  isomorphic R-Mn cubic 
161,  and face-centered 17, 81  modifications have been found. These 
modifications of electrodeposited chromium proved to  be unstable, and the 
metal  regained i ts  usual compact body-centered s t ructure  soon after 
deposition or a s  the result  of heating. 

It has been found 17-91, that a change in the s t ructure  of chromium 
during electrodeposition is due to  hydrogen pickup, and to  the formation 
of hydrides or other s t ructures  characterist ic of this process .  

The existence of a high-temperature face-centered modification of 
chromium above 1840°C w a s  proved during a study of Cr-Ni systems 
110- 151, an X-ray microstructural  analysis of the phase composition of 
quenched alloys, and a thermal  analysis at temperatures  up t o  the melting 
point. The existence of this modification of chromium has been proved 
indirectly by data on the decomposition of solid solutions of the Cr-Ni 
system. Other authors who carr ied out s imilar  studies 116-201 are 
doubtful of these resul ts .  Nevertheless, polymorphism of pure chromium 
has also been confirmed by other authors who used the method of extra
polation of the data f rom phase diagrams of alloys. Great attention has 
been paid t o  the study of the Cr-Ni system. In 121, 2 2 1  the formation of 
a f3-phase in chromium-nickel alloys was associated with the existence of 
a high-temperature modification of chromium. In these works, however, 
as in the preceding ones, no attention was paid t o  the heterogeneous 
mechanism of the decomposition of solid solutions which leads t o  the 
formation of eutectoid s t ructures .  An analysis of these may lead t o  
erroneous conclusions on the polymorphism of metals 123, 24, 251. We 
believe that the s a m e  erroneous conclusions were drawn in 126-351 also.  
In these works the resul ts  of the differential thermal  analysis of chromium 
and of X-ray microstructural  studies of binary and t e rna ry  chromium-base 
systems (Cr-Co, C r - F e ,  Cr-Ni, Cr-Mo, Cr-W, Cr-Nb, Cr-Ta, 
Cr-Fe-Ni,  Cr-Fe-Mo, Cr-Co-Ni, Cr-Mo-Ni) led to  the conclusion 
that chromium can exist in five modifications, and can undergo the following 
transformations: R T = ~  at 930°C; f i z y  at 1300; y-6 at 1650°C; and b-e at 
1830°C. An X-ray analysis of quenched alloys confirmed the existence of 
crystallographic s t ructures  of the following modifications : a, y. e -body
centered cubic, $ -face-centered cubic, and 6-hexagonal. 
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These conclusions do not agree with the resul ts  of a study on the Cr-Ni 
system 1 3 6 - 3 9 1 ,  Cr-Fe  system 1391 ,  and pure chromium 140, 411, in 
which the existence of a single body-centered cubic modification of chromium 
was proved. This has also been confirmed by the authors of 142-441, and 
1451. It should be pointed out that a thermodynamic analysis of the 
equilibrium between Q - and y-phases (body-centered cubic and face-centered 
cubic modifications) in the Cr-Fe  system carr ied out in 146, 471 indicates 
that no face-centered cubic modification of chromium can exist at  elevated 
temperatures (the difference between the free  energies of the y - and a-
phases increases with increase in temperature).  

These theoretical calculations were confirmed by a study of the behavior 
of chromium 148, 491 and of Cr-Ni alloys 1481 at elevated temperatures 
and high pressures ,  when a transformation of the body-centered cubic 
modification of chromium into more close-packed s t ructures  is probable. 
However, the authors could not transform the body-centered cubic modifi
cation into any other s t ructure  at temperatures up to 2400°C and at a 
pressure  of 50kbar.  

The existence of polymorphism in chromium i s  disproved by numerous 
studies of many physical properties of chromium. These properties should 
undergo sudden changes during a phase transformation of the f i rs t  type. * 
Fi r s t ,  we should like to  point out that Krauss 1511 found that the thermal 
capacity of chromium increases smoothly from 2 0  to 14OO0C, although he 
also pointed to  previous unpublished works which indicate that a t ransfor
mation takes place in chromium at about 1375°C. However, no change in 
the thermal  capacity at  this temperature was observed in la ter  investigations 
1521. 

It has been found 1531 that the magnetic susceptibility of highly purified 
chromium undergoes no sudden changes over the range of temperatures 
f rom 100 to 2000°K. Therefore, the results of studies on the magnetic 
susceptibility of chromium, which show hysteresis at  temperatures between 
1250 and 1480°C 1541, cannot be considered valid, since this hysteresis i s  
apparently caused by impurities (up to 1 . 2 %  of chromium oxide). A linear 
dependence of the logarithm of the coefficient of self-diffusion of chromium 
on temperature was found over this range of temperatures in 155, 5 6 1 ,  and 
a s imilar  dependence of the logarithm of vapor pressure on temperature 
for  the same range in 157, 581. No sudden changes a r e  indicated by the 
curve representing the temperature dependence 6f the electric resistivity 
of chromium up to 1700°C 1591. or on the curve of the dependence of thermal 
expansion on temperature up to 1600°C 1451. 

Direct X-ray studies on the changes in crystal  lattices of chromium at 
elevated temperatures a r e  very important in clarifying the problem of 
polymorphism in chromium. 

A study of the variation in the parameters  of body-centered cubic lattices 
of chromium above 200"C, when a deviation in the lattice parameters  is 
expected because of the complete disappearance of antiferromagnetic regions, 
was very accurately carr ied out in 1601 .  The parameters of body-centered 
cubic lattices of chromium up to  800°C were measured in 1611. The 
s t r u c t u r e  of chromium at temperatures of 700 to 1700°C was examined in 
1 6 2 1 ,  f rom 20 to  1500°C in 1631,  and from 20 to 1850°C in 1641. The data 

Changes in the physical properties and in the symmetry of the body-centered cubic lattice of chromium a t  
35-4OoC are due to a transformation of the second type caused by the antiferromagnetism of chromium, 
which has been described in /50/. 
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of experiments with prolonged heating at  given temperatures  agree,  and 
this confirms the existence of only one body-centered cubic modification 
of chromium. 

However, the above review indicates that the s t ructure  and the properties 
of chromium were investigated at temperatures  up to  1600--1700"C, which 
i s  clearly insufficient for final confirmation of the absence of polymorphism 
in chromium, as  this metal sublimes readily and becomes oxidized at 
elevated temperatures.  Despite the number of experimental and theoretical 
data which seem to confirm that chromium exists in a single modification 
only, the problem of its polymorphism i s  st i l l  the subject of great 
discussions. 

To solve the problem of polymorphism in chromium, we carr ied out continu
ous X-ray s t ructural  studies on chromium in rays of Crk, (method of scanning 
/65/), expecting the line (211) of chromium, and also by special complex 
studies of the variation in temperature,  elongation, and electr ic  resistivity 
/ 6 6 /  during rapid heating of specimens up to  their  melting point. To 
prevent the oxidation of specimens,  they were heated by electricity at the 
ra te  of 1000- 1600degree/sec in a s t r eam of argon. During the above 
rapid X-ray studies and the recording of the above character is t ics  of 
chromium the temperature was measured by a V R - 5 - 2 0  thermocouple 
0.1 mm in diameter.  

a.nX 
0298 

0296 

0294 

0292 

n ?OD 

I; O C  

FIGURE 1. Variation in the lattice parameters of body-centered cubic 
chromium with temperature. 

The specimens for X-ray analysis were made of plates (0.5X 1 2 X  
x 70 m m )  of wrought and annealed chromium of smal l  grain s ize .  For 
complex studies of the physical properties, electropolished wires  1.4 and 
1.8" in diameter,  and plates (2X  3x 100") cut f rom an ingot were 
used. The specimens were made of highly purified chromium containing 
not more than 0.002'70 nitrogen, 0.00230 oxygen, 0.004'70 carbon. In addition, 
we used specimens of chromium deoxidized by adding 0.470Yand 0.470La. 

Figure 1 shows the resul ts  of X-ray studies on chromium up to  its 
melting point, with an accuracy of rt 0.005 mp . The data given indicate 
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that the parameters  of the body-centered cubic lattice of chromium increase 
with increase in temperature,  and show no jumps of temperatures at  which 
a face-centered modification or a hexagonal modification could exist 
/26- 35/. Figure 2 shows the X-ray oscillograms of lines ( 2 1 1 )  of 
chromium in the range of temperatures where the above transformations 
of the body-centered modification a r e  expected to  take place. Figure 2 
a lso shows that line ( 2 1 1 )  exists over all  ranges of the assumed transforma
tions: f r o m  885 to 985"C, f rom 1 2 6 0  to  1350"C, from 1565 to 16OO0C, and 
above 1800°C. The intensity of line ( 2 1 1 )  decreases  smoothly with increase 
in temperature.  In all cases ,  however, line (211)  stands out against the 
background, and even at  the moment of melting of the specimen it can be 
instrumentally resolved (see F-igure 2,c).  

f85U - f8.50" C 

FIGURE 2. Sections of oscillograms of chromiuni hcated in  the range of the expected 
formation of a, b, y, 6 and E modifications according to / 2 6 - - 3 5 / :  

a-variation i n  temperature; b-variation in  the inrcncir) ani1 pcsltioil of the (211) l ine 
of chromium; c-position of scanning aperture. 
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The data of X-ray studies on chromium agree well with those obtained 
by continuous oscillography, by measuring thermal expansion, and the 
potential drop and decrease in current along the specimen. Not one of the 
oscil lograms of electrically heated chromium (an example i s  shown in 
Figure 3 )  indicates any deviations from the monotonous temperature 
dependence of thermal  expansion and of the potential drop along the 
specimen. The specimens usually s tar t  to melt simultaneously at several  
places, with considerable oxidation. This oxidation is apparently the 
reason for the decrease in the melting point of chromium to  1795°C 
(Figure 3,a). 

The oscillograms of electrically heated chromium containing r a re -ea r th  
elements indicate that these specimens heated to  1700- 1720°C a r e  denser 
than pure chromium (Figure 3,b). However, we believe that this density 
increase does not prove the existence of a new modification of chromium, 
since the metal contains considerable amounts of an uninvestigated phase 
located preferentially along the grain boundaries 1671. In addition, the 
Cr-Y and C r - La phase diagrams indicate that the addition of 0 . 4 7 0 Y  or 
0.4'70 La reduces the solidus temperature to about 1700°C. These chromium 
specimens showed no signs of age hardening, and their ductility was higher 
than that of chromium with no deoxidizing agents 1681. Apparently, the 
formation of a second phase by deoxidation o r  by some other process in 
insufficiently pure chromium niight lead to erroneous conclusions during 
the analysis on the properties of chromium, especially during a study of 
polymorphism by indirect metallographic methods. 

CONCLUSIONS 

F r o m  an analysis of different investigations on various physical 
character is t ics  of highly purified chromium over a wide range of temper
atures ,  and direct  X-ray studies of chromium at elevated temperatures ,  
as we1.l a s  our own investigations, we conclude that chromium is a 
monomorphic metal  with a body-centered cubic lattice. 
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I .  I .  Komilov 

METALLIDES-A NEW BASIS POR REFRACTORY 
MA TERIALS  

INTRODUCTION 

Ideas on high-temperature strengthening of metals described in 1 2 1  were  
further developed in a lecture given at the 19th scientific sess ion  on 
re f rac tory  alloys 111. Eesides the two mechanisms of strengthening 
metals by the formation of solid solutions and by precipitation of dispersed 
particles f rom supersaturated solutions, this  repor t  mentions another way 
of increasing the heat resistance of metals by the formation of re f rac tory  
compounds. 

The history of the  development of refractory alloys shows that the 
mechanism of strengthening metals by dissolution and precipitation of 
d i spersed  phases was very often the s tar t ing point for  producing new 
ref rac tory  alloys, irrespective of which was the bas i s  metal. 

Yet another method of strengthening metals is based on the formation 
of metallides, i. e. ,  of compounds of metals with other elements 1 3 1 .  In 
the  general  sys t em of inorganic compounds metallides occupy a particular 
position. They have a specific electron s t ruc ture  and may have different 
chemical bonds such as metallic, ionic, metallic- covalent, and covalent -
ionic, e tc .  Because of the  great variety of chemical bonds and crys ta l  
s t ruc tures ,  metallides have a l so  different physicochemical, mechanical, 
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and other properties. The character is t ic  properties of metallides can be 
summarized a s  follows 1 3 1 :  

1)  they a r e  usually more heat res is tant  than their  components; 
2 )  they a r e  very hard and strong at low and elevated temperatures ,  but 

br i t t le  at low temperatures;  
3 )  they a r e  considerably l e s s  weakened by heating than pure metals, 

solid solutions, or alloys with a heterogeneous s t ructure;  
4 )  they exhibit low-temperature br i t t leness ,  but the ductility of metallides 

tends to  increase at  temperatures  above 0.5-0.7T&,; 
5 )  it has recently been found that some metallides a r e  sufficiently 

ductile t o  be cold worked a s  well a s  hot worked; 
6 )  they a r e  chemically l e s s  active than their  components, and a r e  highly 

resis tant  t o  corrosion and oxidation at elevated temperatures;  
7) metallides, like a l l  chemical compounds, can react  with one another 

and with other elements t o  form continuous and limited solid solutions, as 
well as  ternary o r  more complex compounds. 

Many of these properties of metallides and their  reactions a r e  discussed 
The mechanical and other properties ofin a special monograph 1 3 1 .  

intermetallic compounds at both low and elevated temperatures  a r e  reported 
in 1 3 ,  4/  and they were discussed at the International Symposium in the USA 
(in 1959), and compiled in the form of a book edited by Westbrook, which 
has been translated into Russian 1 5 1 .  

Refractory metallides formed by transition metals with elements of 
groups IIA and IIB-VIB of the second and third short  periods a r e  of the 
greatest  interest  f rom the point of view of the thermal  res is tance of 
mater ia ls .  

These elements include beryllium, boron, carbon, nitrogen, oxygen, 
aluminum, and silicon. The reaction between transition metals  with 
incomplete d shells and the above elements with s p  electrons leads to  the 
production of s t rong chemical bonds due to  hybridization of the external 
ds and s p  electrons and to  the donor-acceptor propert ies  of the reacting 
elements.  It has been found experimentally that metallides containing the 
above elements,  called beryllides, borides, carbides, nitrides, aluminides, 
and silicides, have the highest melting points and a r e  very heat res is tant .  

Many of these compounds and mater ia ls  formed from them a r e  used not 
only for strengthening metals ,  and solid solutions of alloys, but a l so  for 
the production of heat-resistant alloys. They a r e  a l so  employed a s  heat-
resis tant  protective coatings against oxidation and corrosion in corrosive 
media, and a s  mater ia ls  with special physical properties 1 3 1 .  

The most important heat-resistant mater ia ls  a r e  aluminides, beryllides, 
borides, carbides, and silicides 1 6 ,  7 1 .  

Some metallides a r e  a lso found in metallic systems,  and a s  a l ready 
mentioned these a r e  ductile to  a certain extent. The problem of the ductility 
of such compounds needs special study. 

These compounds a r e  found in the Ni-A1, Ni-Ti, Ti-A1, Ti-Ag, and 
other systems 1 8 1 .  

HEAT-RESISTANT COMPOUNDS Ni,A1 AND NiAl 

Some compounds (Ni&l, NiA1, Ni,A1, and NiA1,) a r e  formed in the 
nickel-aluminum system. Two of these alumindes, Ni3A1 and NiA1, are 
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very heat res is tant .  The Ni3A1 compound is  formed by a peritectic reaction 
at  1410°C and NiAl crystall izes at an extended maximum at 1640°C. The 
f i r s t  of these compounds has a face-centered cubic lattice and the second 
a body-centered cubic. The differences in the s t ructure  of the latt ices is 
reflected by the differences in the heat res is tance and other properties.  
The Ni3A1 compound exhibits a certain ductility at elevated temperatures  
and a low ductiliy at  room temperature,  but NiAl is not ductile. 

At temperatures  above 600- 700°C both compounds show appreciable 
elongation during slow deformation (during tensile strength tes t s  and long
t ime strength tests) ,which increases with increase in the testing 
temperature .  

Some l i terature  data 1511 on the strength of these compounds at room 
temperature  and during long-time tes t s  at elevated temperatures a r e  given 
in Table 1. 

TABLE 1. Mechanical properties of Ni3A1 and N i A l  compounds in the cast and homogenized states 

Compound 

Cast Ni3AI. . . . . . . . . . .  
Homogenized Ni3A1. . . . .  
Cast NiAl . . . . . . . . . . .  
Homogenized N i A l  . . . . .  
NiAl + 0.5'70 Mo . . . . . . .  
N i A l  + 2% M o  . . . . . . . .  

N 

E .2 
\ 
E 

M- - Fa;g .pg - 4  
+ a =  dN f 8  

21 1.1 -
15 0.2 8 
10.1 0 -
30.7 0 1o.c 
1 3  0 18 
24 0.5 18 

These data show that both compounds fail in a brit t le manner during 
tensile tes t s  a t  room temperature,  but at  815°C and 980°C the specimens 
show a certain elongation. Long-time tes t s  on NiAl  specimens at  815°C 
also resulted in a 4 0 %  elongation. Thus, the pure compounds do not have 
good mechanical properties at room o r  at elevated temperatures .  It has 
been found / 5 /  that the long-time strength of these compounds at 815°C is  
considerably higher thanthat of pure nickel, and only a little less  than that 
of nickel-base Inconel alloy. The NiAl compound with i ts  body-centered 
cubic latt ice has a lower long-time strength than the Ni3A1 compound with 
i ts  face-centered lattice, although the former has a higher melting point. 

It has been found 1 2 ,  9, l o /  that the strength and heat res is tance of alloys 
made of intermetall ic compounds can be considerably increased by producing 
solid solutions and precipitating dispersed phases.  Many alloying elements 
(Cr,  Mo, W, Nb, etc.  ) have a limited solubility in Ni3A1 and NiAl compounds, 
and at saturation point can form dispersed phases which w i l l  additionally 
strengthen these alloys. The favorable influence of up to  270 of molybdenum 
on thepropert ies  of NiAl is shown in Table 1 1 5 1 .  A new heat-resistant 
nickel-aluminum alloy based on the Ni,A1 compound has been developed by 
correct ly  choosing the alloying elements and their  maximum concen&ations. 
The heat res is tance of this alloy at 800- 1000°C exceeds that of some nickel 
Nimonic alloys 1 2 ,  9 / .  Heat-resistant alloys based on intermetallic 
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compounds, including Ni,Al, canbe developed by studying the phase diagrams 
of metallides and the dependence of the properties of these systems on their  
compositions. One of these original works / l o /  describes the study of the 
Ni,Al-Ni,Nb system, in which the solubility of Ni,Nb in Ni,Al is limited 
and which includes heat-resistant alloys with compositions close to the 
maximum solubility of Ni,Nb in N1,Al. A detailed study of alloys of this 
section 1111 confirmed the high heat resistance of alloy compositions 
close to  the solubility limits of Ni,Nb in Ni,A1 (40-50 wt  '% Ni,Nb). 
Aluminides of other transition metals may also be of interest  a s  heat-
resistant materials.  Aluminides of vanadium, niobium, molybdenum 
(V,Al, Nb,Al, Mo,Al, etc.  ) may be very promising from the theoretical 
and practical point of view. Some properties of such compounds a r e  given 
in 1 6 1 .  

DUCTILE TiNi METALLIDE OF THE Ni-Ti SYSTEM 

The equilibrium Ni-Ti system contains three compounds: TiNi,, TiNi, 
and Ti,Ni. The f i rs t  and second compounds crystall ize over an extended 
maximum, while the third compound is formed during a peritectic reaction. 
The TiNi, compound is very important for strengthening nickel-base heat-
resistant alloys, and Ti,Ni is apparently important for strengthening 
titanium alioys. These two compounds a r e  rather brit t le.  The equiatomic 
titanium nickelide, TiNi, unlike the two other compounds, has a narrow 
field of homogeneity and sufficient ductility not only at elevated but also 
at low temperatures.  Therefore, the TiNi compound has been thoroughly 
studied 18, 12-161. The chief properties and the s t ructure  of this 
compound a r e  given below: 

Melting point, OC . . . . . . . . . . . . . . . . .  
Crystal structure . . . . . . . . . . . . . . . . . .  
Density, g/cm3. . . . . . . . . . . . . . . . . . .  
Electric resistivity, mohm-cm: 

a t  2 5 T .  .................... 
a t  900°C . . . . . . . . . . . . . . . . . . . .  

Coefficient of linear expansion (25--900°C) 
Kecrystalliza tion re iiipera ture, OC . . . . . . .  
Ultimate strength, kg/mmz . . . . . . . . . . .  
Yield point, kg/inmz . . . . . . . . . . . . . . .  
Elongation, yo. . . . . . . . . . . . . . . . . . . .  
Necking down, % . . . . . . . . . . . . . . . . .  
Toughness a t  2 5 T ,  kgm/cm2 . . . . . . . . . .  

1240° 
CsCl type 
a = 3.015 A 

6.45 

80 
132 

1 O . 4 . 1 O s 6  
550-650 

11-81 
28-38 
15-16 
16 

3.9 

The TiNi compound has a relatively low melting point, a lower specific 
gravity than nickel alloys, and may be of interest  a s  a basis  for ductile 
heat-resistant alloys. The properties of this compound should be further 
investigated. A study of the reactions of this compound with other 
compounds or  metals is also important in order  to increase i ts  strength 
a t  low and elevated temperatures.  

Together with Dubkina we have begun a systematic study of the interaction 
of the TiNi metallide and the TiFe and TiAl intermetallic compounds. We  
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should like t o  give some resul ts  of the study of the phase diagram of the 
TiNi- TiFe system. Both these compounds have an isomorphic s t ructure  
of the CsCl type. The alloys of this  system were prepared f rom pure 
charges suspended in a furnace without a crucible in an atmosphere of 
helium. 

The specimens were annealed a t  1100°C for 40hr  and cooled together 
with the furnace. At both 800 and 500°C the alloys w e r e  held for 25 h r .  

T. O C  

TiNi TiFe, wt 70 

FIGURE 1. Diagram of fusion, lattice parameters, and 
hardness of alloys of the TiNi-TiFe systeni: 

1-annealed alloy; 2-alloys quenched from 5OO0C: 
3-quenched from 800°C. 

The phase diagram of this system, shown in Figure 1, was constructed 
f rom the results of a thermal  analysis of the structure and properties of 
homogenized alloys. These data show that the TiKi-TiFe system forms 
continuous solid solutions according to  the rules of mutual solubility of 
metallides 1 3 1 ,  except in a small  field where a TiFe, compound is formed 
by a peritectic reaction. The formation of solid solutions in this system 
is confirmed by the monotonous dependence of the lattice parameters  and 
of the hardness on the composition. The curve passes  through a sloping 
maximum (see Figure 1). We found that the fields of TiNi and TiFe 
metallides a r e  separated by continuous solid solutions. The properties of 
heat-resistant alloys on the basis of TiNi compounds a r e  now being 
investigated further.  

REFRACTORY TITANIUM ALUMINIDE, Ti,A1 

The phase diagram of the Ti-A1 system / 8 /  is very useful for a study 
of many titanium alloys which a r e  important in industry, and in particular 
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FIGCRE 2. Pliase d i~gra i i iof tlieTi-AI sysreiii 
d!ow~ilg the  furiiiarion of rhe aluiiiinidc Ti,Al 
iroiii B-solid soluti<-iis. 

for clarifying the nature of many 
refractory titanium alloys. The 
titanium- aluminum system has 
also been widely investigated. A 
review of the works on this problem 
published before 1963 i s  given in 
1171. In these works the existence 
of two aluminides TiAl (y-phase) 
and TiA1, i s  confirmed, but until 
recently the problem of the phase 
transformations over a wide field 
of 6- and a-solid solutions of 
titanium and aluminum, and the 
formation of the Ti,A1 compound, 
w e r e  under discussion, and the 
resul ts  of many authors w e r e  
contradictory. A certain light was 
shed on these problems in o u r  last 
work 1181, in which w e  proved the 
existence of a Ti,A1 compound in 
the Ti-A1 system. 

A s  can be seen from Figure 2 ,  
this compound i s  formed at  1130°C 
a s  a result  of the transformation of 
the 6-solid solution. This compound 

has a homogeneous field of an u-phase,  and i s  separated from the a- and 
y-phases by fields of ( a+a2) -and (az+y)-binary phases (see Figure 2 ) .  The 
Ti,A1 compound has an ordered hexagonal lattice and is represented by 
single points on the composition- elasticity modulus and composition-heat 
of formation diagrams 1191. W e  proved that the Ti,A1 compound can be 
produced by a r c  melting in an atmosphere of argon (or  helium), and that the 
ingots obtained can be deformed i f  the forging i s  s tar ted in the field of 
p-solid solutions (about 1300°C) and is finished at  1000°C. The cast  alloy 
has a polyhedral s t ructure  with coarse  grains (Figure 3,a),  but forged 
specimens have a fine-grained s t ructure  (Figure 3 ,  b) .  The homogenized 
Ti,A1 compound retains i ts  polyhedral fine-grained s t ructure  (Figure 3, c )  
up to  11OO"C, but specimens quenched from 1200°C (from the field of the 
p-solid solution) have an acicular s t ructure  (Figure 3 ,  d).  

F r o m  a study of experimental heats we can give the following properties 
of this compound: 

Tcii~pcraturcof foiiiiatioii of T1,AI Iioiii a i3-rolid solullon, "C . . . . .  
Type of cryrral s f r i i ~ t i i r e. . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  

Density, g/c1n3 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  
Electric resiiiivity, 11 oluli.cm . . . . . . . . . . . . . . . . . . . . . . . . . .  
Elacticity iiiodiilus, kg/inm2 . . . . . . . . . . . . . . . . . . . . . . . . . . .  
Mardncss after quenching froin ll50--12OO"C, kg/iii inZ . . . . . . . . . .  
Ulriiiiate sircngth a f t e r  huinogenizing at  2 5 T ,  kg/iiiin2 . . . . . . . . .  
Flongation a t  failure, :h . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  
Ulriinare qtrength a t  800"C, kg/inin2. . . . . . . . . . . . . . . . . . . . . .  
T i m e  to failure (Iir) iluiing loiig-time strength tests a t  800OC: 

0 = 1olcg/ll'lll2 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  
(5 = 1 5 k g / i i i i n 2 . .  . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .  
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4.21 
120- 125- 16,000 
450-465 

60-65 
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40-50 
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These data show that the Ti,Al aluminide differs f rom many metallides 
in its l o w  specific gravity and high heat resistance. It has a lo&-ductility 
but a high heat res is tance at 70O--80O0C, and can be used as a basis  for 
the production of new refractory alloys. 

ETGURE 3. Microsmcture of Ti& in different states: 

a-structure of cast specimen; b-smcture of forged specimen: c-after homogenizing ac 
l l O O ° C :  d-after quenching from 1200°C (From the 8-field). 

To investigate similar alloys on the basis  of Ti,AL it is very important 
to know the reaction of this compound with other compounds or metals. We 
studied this question to determine the nature of these reactions and the 
formation of solid solutions on the basis of Ti,AI. For example, the  
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formation of continuous solid solutions between the isomorphic compounds 
of Ti,A1 and Ti,Sn was confirmed / 20 / .  The alloys represented on this 
section of the Ti-Al- Sn ternary system a r e  more heat-resistant than the 
Ti,A1 compound. It has also been shown that alloying Ti,A1 with elements 
of low solubility increases the heat resistance of this compound, which can 
be hot worked in spite of its low ductility. 

Y 

IO 


io0 
r i m e  to failure, hr 

FIGURE 4. Long-time strength of an alloy based on Ti,Al and 
of heat-resistant nickel alloys at  BOO°C: 

1-EI437A; 2-EI437B; 3-EI617; 4-Ti3A1. 

We produced some experimental titanium alloys based on Ti,Al which 
had a high heat resistance at 800°C / 2 1 / .  On Figure 4 ,  the ultimate long
time strength at  800°C of one of the experimental Ti,Al-base alloys is 
compared with that of some refractory nickel-base alloys, in semilogarith
mic coordinates. The investigations in this direction a r e  being continued. 

There a r e  indications in the l i terature  that other heat-resistant and 
ductile metallides exist .  For example, the TiAg compound of the Ti-Ag 
system is soft (130-150kg/mm2), and can be cold pressed to a 7570 
reduction in a rea .  This compound is formed during a peritectic reaction 
at  1030"C, and has a lattice of the AuCu type f 22 f . Some compounds of 
niobium and tantalum with metals of the platinum group (Rh and Ir)a r e  
also ductile / 23 / .  

REFRACTORY BERYLLIDES OF TRANSITION METALS 

Besides metallides which a r e  ductile at low temperatures,  other 
compounds exist which become ductile after being heated to above 
0.6- 0.8 Tmp. We a r e  thus able to tes t  metallides for long-time strength 
and for creep at elevated temperatures to determine their  heat resistance,  
and also to  choose the best compositions of refractory compounds. One 
of the most recent studies in this field was carr ied out by Stonehouse, 
Pein and Beever / 2 4 / .  Many beryllium-rich beryllides (from MeBeI2 to 
MeBel,) have a high melting point (above 1700--1900"C), and a r e  resistant 
to  oxidation in the a i r  above 1200°C. Of particular interest  a r e  the 
beryllides of titanium, zirconium, niobium, tantalum and molybdenum, 
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which because of their  high heat resistance can be used at 1200- 1600°C. 
Some data on the composition, specific gravity, testing temperature,  and 
ultimate strength (or bending) and on the elasticity modulus a r e  given in 
Table 2 1241. It is interesting to  point out that the ultimate strength of 
beryllides is sometimes higher at  1370- 1520°C than at  1260°C, probably 
as a result  of brittleness, and that the ultimate strength of some beryllides 
at such high temperatures is greater  than 35-40kg/mmz. Therefore,  the 
authors of 1241 believe that the beryllides of these metals can be used up 
to  1260- 1600°C. The high temperature  strength of beryllides can be 
increased by additional alloying. 

TABLE 2.  Resulrs of bending tests on beryllides 

-~ 
c L 
0 ,  9 0 - 92 %  

i 
00 X F  tc 

.d> \0 P 
2 

.t: u C 
> \W Em 

$ ?  E "? t2 c- yi 

Compound o u  z y  2 -
i ' Fw m Eg *  

to
c .  


3 3  b 2  5; 2 %  52 

NbBe,, 2.88 1260 7.4 ZrBe,, 2.78 8.84 
NbBe,, 2.86 1260 6.6 MoBe,, 2,  S f i  !9.4 
NbBe,, 2.83 1370 !7.6 MoBe,, 3.w !1.E 
NbBe,, 2.91 1485 >28. MoBelZ 3.112 20.8 
TaBe,, 4.07 126U 14.4 1691ici MoBe,, 3 . 0 L  8.85 
TaBe,, 4.07 1260 in. 5 1G9011 MoBe,, 3.02 7.74 
TaBe,, 4.07 1:370 in. 2 9 8 ~ 0  TiBe,, 2.29 6 . 4  
TaBe,, 4.07 1370 !n.4 9150 I Ti&, 2.29 9.14 
TaBe,, 4.07 1520 8.6 6330 TiBe,, 2-29  2.46 
ZrBe,, 2.78 1260 13.0 TiBe,, 2.29 2.46 
ZrBe,, 2.79 1370 10.6 TiBe,, 2.29 1.62 

a a  5 g  .zi 
.-u .; 

'Z-E E-.s j  .i 

The high ductility and high strength at  elevated temperature is charac
ter is t ic  not only of aluminides and beryllides but also of other inorganic 
compounds, including refractory oxides. 

It is claimed that single crystals  of titanium carbide /25/ a r e  ductile 
at  temperatures of f rom 800 to 2200°C. At 1100°C such crystals  can 
withstand s t r e s s e s  of up to 1 0  kg/mm2 without failure, and without the 
production of s l ip  lines. 

It is also claimed that fused aluminum oxide is ductile during creep t e s t s  
by the bending method at 1000--1100°C. 

Refractory metallides such as aluminides, beryllides, borides, carbides, 
si l icides,  etc., a r e  very promising for service at  elevated temperatures.  
However, the properties of these compounds for this purpose have so  far 
been very little studied. 

CONCLUSIONS 

1. Metallides a r e  a special class of inorganic compounds, and have been 
widely studied for possible use a s  refractory mater ia ls .  They have many of 
the properties of metals: mechanical, physical, chemical, and others.  
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2 .  M e t a l l i d e s ,  i n  c o n t r a s t  to  t h e i r  c o m p o n e n t s ,  a r e  m o r e  hc,nt t.c.sisf.ant 
a n d  s t t . o n g e r ,  a n d  rcxtain t h e i r  p r ,oper . t i es  be t t e r .  a t  e l v v a t c d  tc~ml".t.:il .iti~c~s, 
t h a n  m e t a l s  o r  s o l i d  s o l u t i o n s .  

3. M a n y  m e t a l l i d e s  h a v e  a h i g h  1 , e s i s t a n c e  t o  hcbat a n d  r o r t . o s i v e  m e d i a .  
T h e y  	c a n  h e  u s e d  a s  p r o t e c - t i v e  c o a t i n g s  f o r  mcatals and a l lvys  w h i c h  L I I ' < >  

r e a d i l y  o x i d i z e d  o n  h e a t i n g .  
4 .  V e t a l l i d e s ,  like o t h e r  c h c m i c a l  p t ~ o d u c t s ,  r a n  intc.i.act w i t h  one 

a n o t h e r .  T h e  r e g u l a r i t i e s  of t h e  f o r m a t i o n  of m e t a l l i d e  s o l i d  s o l u t i o n s  and  
c o m p l e x  c o m p o u n d s  h a v e  h e e n  found.  

5. T h e  p i ~ o p e r t i e sof t h e s e  c o m p o u n d s  a n d  t h e i r  d e p e n d e n c e  o n  t h e  
c o m p o s i t i o n  a re  g o v e r n e d  b y  K u r n a k o v ' s  l a w s ,  hu t  i n  m e t a l l i d e  s y s t e m s  
t h e  v a r i a t i o n  i n  p r o p e r t i e s  i s  m a n y  t e n s  of t i m e s  g r e a t e r  t h a n  in  s o l i d  
s o l u t i o n s  of m e t a l s .  

6 .  C e r t a i n  m e t a l l i d e s  h a v e  b e e n  found  w i t h  a d u c t i l i t y  s u f f i c i e n t  for h o t  
w o r k i n g  o r  s o m e t i m e s  e v e n  c o l d  w o r k i n g .  T h e s e  m e t a l l i d e s  a r e  Ki3A1, 
K i T i ,  T i ,Al ,  T i A g ,  e t c .  

7 .  T h e  s t r e n g t h  a n d  h e a t  r e s i s t a n c e  of i n t e r m e t a l l i c  materials c a n  he 
i n c r e a s e d  by p r o d u c i n g  m e t a l l i d e  s o l i d  s o l u t i o n s  a n d  d i f f e r e n t  a l l o y s  wi th  
d i s p e r s e d  p r e c i p i t a t e s  on t h e  b a s i s  of t h e s e  s o l i d  s o l u t i o n s .  

8 .  \ 'Tetal l ides  a n d  a l l o y s  o n  t h e i r  b a s i s  a r e  i m p o r t a n t  f o r  t h e  p r o d u c t i o n  
of  r c f r a c t o i y  m a t e r i a l s .  T h e s e  c o m p o u n d s  i n c l u d e  a l u m i n i d e s ,  b e r y l l i d e s ,  
b o r i d e s ,  cai.l,idtts, s i l ic idcxs,  c t c .  K e w  alloys of great p r a c t i c a l  i n t e r e s t  
h a v e  bet ,n  p l ~ o d u r c ~ don t h e  b a s i s  o f  n i c k e l  a n d  t i t a n i u m  a l u m i n i d e s  (IYi3Al, 
Ti,AI ). 

9 .  It is m o s t  i m p o r ' t a n t  that. a n u m b e r  of p r o b l e m s  o n  thc, h e a t  r e s i s t a n c e  
of these t.c~fr~:ic-tot.,ymc.ta1lidr.s and  t h e i r  use i n  v a r i o u s  f i e l d s  of t h e  i n d u s t r y  
s h o u l d  h c  s o l v e d  as  s o o n  a s  p o s s i b l e .  
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D. A .  Prokoshkin and M .  1.Zakharova 

ISOTHERMAL SECTIONS OF THE PHASE DIAGRAM 
OF THE MOLYBDENUM- TITANIUM- ZIRCONIUM 
SYSTEM AT 1200"C, 9OO"C, ANI3 800°C 

Molybdenum, titanium, and zirconium have many valuable propert ies .  
Alloys prepared f r o m  these  metals have the necessary  physical, chemical, 
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and mechanical properties for service under normal, low and elevated temper
atures .  A thorough knowledge of the molybdenum- titanium- zirconium 
sys tem is necessary for any wide study of these alloys. 

The ternary molybdenum- titanium- zirconium system has not yet been 
investigated, no phase diagram has been constructed, and w e  have data on 
only part  of the diagram near  the titanium apex up to  1 .3  at .  70 of zirconium 
111. 

In this work w e  have summarized the resul ts  of a study on the isothermal 
sections at  12OO"C, 9OO"C, and 800"C, of the molybdenum-titanium
zirconium system . 

To construct the diagram, we used 1 2 0  alloys represented by 11 sections 
with a constant content of titanium: 10, 20, 30, 40, 45, 50, 55, 60, 70, 80, 
and 90 at. 70 Ti. The composition of the alloys is shown in the concen
tration triangles.  In this ar t ic le  the alloys a r e  designated according to  
their  titanium content (first number) and zirconium content (second number) 
in atomic percent. 

Most alloys were prepared by induction melting in the suspended state 
in an atmosphere of purified helium (preliminary vacuum of 1. using 
a Vogel device 1 2 1 .  The most heat-resistant alloys containing more  than 
5070 of molybdenum were melted in an a r c  furnace with a nonconsumable 
tungsten electrode and a water-cooled copper hearth.  The atmosphere 
was chemically pure argon at a pressure of 150" Hg (preliminary 
vacuum of 1. Iodide zirconium was used a s  a get ter .  The 20-30g 
ingots were remelted 6 t imes.  

To prepare the alloys w e  used the following mater ia ls :  molybdenum 
(99.9 70 pure); iodide zirconium (99.87 70 pure);  and iodide titanium (99.8570 
pure) .  The phase composition of the alloys was investigated with 
preliminarily homogenized and solution heat -treated alloys. The homo
genizing annealing was carr ied out in a vacuum of 2 .  Hg at 1750, 
1600,  and 450°C for 50, 100, and 200 h r ,  respectively, depending on the 
melting point of the alloy. 

For solution heat-treatment the alloys were heated at 800°C and 900°C 
for  600 and 450hr,  respectively, in double evacuated quartz ampules. To 
quench from 12OO"C, the alloys were held at  this temperature for 175 h r  
in a vacuum furnace, and then placed into a container made of tantalum 
sheet.  The container was held for 25 h r  in a double quartz ampule from 
which the a i r  had been evacuated. The specimens were quenched (from 
all temperatures)  in water by breaking the double quartz ampules. 

After the alloys had been quenched they were studied by metallographic 
and X-ray methods, and the hardness of alloys and microhardness of 
individual phases were measured. 

The X-ray analysis of powdered alloy specimens was ca r r i ed  out in a 
57.3 m m  diameter Debye chamber, by asymmetric recording of K ,  
radiation passed through a nickel f i l ter ,  and in some cases  of vanadium 
irradiation without a filter. 

The powder specimens w e r e  freed from iron filings by a magnet. The 
cold-working effect was relieved by annealing. The powder in the double 
quartz ampule w a s  put into containers made of tantalum sheet. The 
annealing was carr ied out at  the s a m e  temperatures  a s  the solution heat-
treatment,  and w a s  followed by rapid quenching in water by breaking the 
external ampule. 
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The hardness of the alloys was measured by a Vickers tes ter  with a load 
of lOkg, and the microhardness by a PIVIT-3 device with a load of 50g.  

It was found in /3/ and confirmed in 1 4 ,  5, 6 /  that the phase diagram of 
t h e  titanium- zirconium system has two regions of unlimited solubility of 
two modifications of titanium and of zirconium: at  elevated temperatures  
the modification with a body-centered cubic lattice (p-phase) and at  low 
temperatures the modification with a close-packed hexagonal lattice 
(a-phase). 

However, the above works 13, 5 and 6 /  a r e  very contradictory on the 
location of the boundaries of the binary region (a+p) .  According to the 
data of 1 5 1 ,  the (a+p)-region i s  much narrower than that given by the data 
of Fast  131. 

F rom an investigation of four alloys at the titanium apex of the diagram, 
quenched from 700, 600 ,  575,  525, and 500"C, Ence and Rlargolin / 6 /  found 
that the boundary of the f i?u transformation l ies at much lower temperatures,  
and that the u + p  -region is wider tha.n suggested in 1 5 1 .  The location of 
the boundaries of the (a+p) -region according to / 6 /  differs f rom that given 
in 131. 

The initial metals used in 1 3 ,  5, S /  were of different degrees of purity. 
In /3 /  the alloys were prepared of iodide titanium and of zirconium. In 
/ 5 /  titanium and zirconium of commercial  purity were used, which had 
been contaminated by carbon (from 0.38 to 1.8570)when melted in graphite 
crucibles.  The investigations in / 6 /  were carr ied out with titanium and 
zirconium which initially had a Brinell hardness of 63 and 150kg/mm2, 
respectively . 

According to  our data the boundaries of the (tr+P)-region at  800, 750, 
and 600°C at the titanium apex of the system almost coincide with the 
boundaries of this region determined by Fas t .  At the zirconium apex the 
( u + p )  -region is somewhat wider than found in 131. 

Molybdenum greatly stabilizes the P-modification of titanium and 
therefore the ci-phase exists in the molybdenum- titanium system at the 
titanium apex only, and at  600°C the (u+fi)- region stretches to 17a t .  YO of 
molybdenum 17, 8 1 .  

The interaction between molybdenum and zirconium differs appreciably 
from that between the components in thc above binary systems.  The 
Zr3LToz(h-phase) compound is formed at  1880°C by a peritectic reaction; 
at  1520°C a eutectic reaction L?P+R takes place in the system, and at  780°C 
a eutectoid reaction associated with the  polymorphic transformation of 
zirconium D r ' c r + D  1 9 ,  IO/. 

The isothermal section at 900°C is shown in Figure 1 .  The X-ray 
diagrams of alloys 10- 0 and 10- 2 of the section with 10 at .  70of titanium 
show lines of the pI-phase (solid solution) only. The X-ray diagrams of 
the 1&5 alloy show not only strong B,-lines but also weak lines of the 
6-phase. The intensity of the lines of the &phase increases with increase 
in the zirconium content, up to the composition of the 10-35 alloy. 

At the s a m e  time the intensity of the lines of the PI-phase decreases ,  
and although the X-ray diagram of the 10- 28 alloy sti l l  shows faint lines 
of the p,-phase, the X-ray diagram of the 10- 35 alloy has lines of the 
6-phase only. Further  increase i n  the content of zirconium leads to  the 
formation of a p2-phase (10- 40  alloy), and the intensity of the lines of the 
6-phase decreases.  The 10- 85 alloy gives lines of the pz-solid solution 
only. 
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The sharp  increase in the hardness as  we pass f rom the 10-0 to  
10-28 alloys and the equally rapid decrease on passing to  the 10- 80 alloy 
(see table)  a lso confirm the regularity of the variation in the amount of the 
hardest  phase determined by X-ray analysis. The position of the P I / ( ~ I + ~ ) ,  
(p1+6)/6; 6 / ( p n + 6 j ,  and (p2+6)/p2 phase boundaries was found from the inflec
tions on the curves representing the variation in the [ la t t ice]  parameters  
and hardness of some phases. The position of the phase boundaries was 
confirmed by a microstructural  analysis of the alloys. 

Zr. a t . %  

FIGLIRE 1 .  Isorheriiidl iccrion ar O0OoC of the phace diagrarii 
of the n i o l ~ h d e n u r n - r i t a r i i i i i ~- z i r c o n i u i i i  hystein. 

llardness of alloys iiivrstig.ited 

L

9 s  
% - a  

10-0 
10-2 
10- 5 
io-in 
10-22 
10-28 
10-35 
10-40 
10-45 
10-50 
10-55 
10-60 
10-65 
10-70 
l ( t 8 0  
10-85 
10-90 
20-0 
20-2 
20-5 
20-12 
20-18 

z "> =  c  
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2/10 !O- 25 
::15 K-311 
400 20-35 
5.14 !0-40 
705 20-45 
745 10-55 
720 20-60 
615 2&65 
535 20-70 
485 20-75 
435 20-80 
390 30-0 
360 30-2 
340 30-8 
3fO 30-15 
325 30-20 
290 30-25 
350 30-30 
430 30-35 
515 30-40 
570 30-45 
618 30-50 

z 1- c 0 :  z $ -5 
-3 = 9 6  5 :  . o  -1-2 %  m .o =x. 	 r3 - .  ia = :7 ? F_ _  

670 K-55 352 10-35 150 
ti90 io-6n 330 )0-45 330 
680 30-65 315 X-50 305 
600 30-70 305 $0-0 375 
525 IO-0 425 50-5 375 
422 $0-5 408 ilt-10 385 
378 $0-10 390 50-20 380 
355 10-15 485 50-25 370 
320 40-20 515 30-35 302 
265 40-30 415 GO-40 324 
320 40-40 385 70-0 360 
450 40-45 330 70-5 340 
435 4+50 327 70-15 330 
435 40-60 SO5 70-25 285 
535 50-0  4.10 70-30 335 
580 50- 5 425 80-0 280 
590 50-10 440 80-5 305 
535 50-15 465 80-10 295 
515 50-18 450 80-15 280 
460 50-20 430 80-20 345 
425 50-25 375 
385 50-28 358 
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W e  should point out that the 6-phase lying along the zirconium-titanium 
side of the diagram is not formed in the alloy on quenching. 

This confirms that the alloys a r e  essentially f ree  of gaseous impurities, 
since it has been found /11/ that the amount of residual 6-phase in this 
sys tem decreases  with decrease in the content of nitrogen and oxygen 
impurities. 

An X-ray analysis of alloys belonging to  the section with 20at. 70 of 
titanium showed that the 20-12, 20-18, and 20-25 alloys contain PI- and 
&-phases.  

X-ray photographs of the 20-30 alloy show lines of the &phase only. 
The 20-35, 20-40, 20-45, 20-50, 20-55, 20-60, and 20-65 alloys 
contain 6 2 - and 6 -phases. 

Lines of a pz-solid solution only were found on the X-ray photographs 
of 20-70 and 20-75 alloys. These data were confirmed by microstructural  
studies and by hardness measurements (see table). The boundaries of the 
( f h + O + f l z )  three-phase regions in the given section were fixed by extrapolating 
the experimental resul ts  for sections with 30, 40, and 45 at .  70 of titanium. 
The three-phase region in the te rnary  system is  shown on the isothermal 
section a s  a t r iangle .  The s ides  of the triangle ( p l + 6 + p Z ) ,  which were 
accurately determined on the above three sections, were prolonged to  
intersect  a t  a point on the line of formation of the 6-phase. This point 
determines the composition of the 6-phase which i s  part of the three-phase 
region. The two other apexes of the three-phase triangle give the composi
tions of the 6 , - and 62-phases. 

In this section the !lattice 1 parameter  of the &-phase changes, within 
the l imits  of the binary ( pz+b)-region more sharply (from 3.366kX in the 
20- 35 alloy to  3.468 kX in the 20- 7 0  alloy) than inthe same phase region 
of the section with 10a t .  7'0 of titanium (from 3.498kX in the 10-4Oalloy to 
3.516 kX in the 10-80 alloy). This indicates an increase in the slope of the 
conoid 6 - p2 f rom the molybdenum- zirconium side to  the zirconium
tianium side. 

The 20-30 alloy has the highest hardness,  equal to  690kg/mm2, which 
i s  however 60 units lower than the maximum hardness of alloys of the 
section with 10at .  7 0  of titanium, although the amount of the second phase 
(pl-solid solution) in the 20-30 alloy (only the 6-phase could be found by 
X-ray analysis)  is lower than in the 10-28 alloy. X-ray analysis showed 
the existence of 6 - and ,%-phases. The hardness of the 10-28 alloy is 
equal to  750kg/mmz. This is apparently because the &phase somewhat 
changes its composition in the 20-30 alloy due to  substitution of molyb
denum atoms by titanium ones. This was confirmed by the position of 
region of the 6-phase on the isothermal section. 

The 20-80 alloy is harder  than the te rnary  solid solution of the 20-75 
alloy (see Table 1). This can be explained by the metastable s ta te  of the 
20-80 alloy (a-phase) .  The hardness of the 20-80 alloy is equal to 
320kg/mm2, and that of the 20-75 alloy to  265kg/mm2. 

The ( p l + 6 + p 2 )  three-phase region in the section with 30at .  70 and in the 
section with 40at .  70 (see Figure 1)was determined from the presence of 
lines of lattices of 3 phases on the X-ray photographs of 30-30 and 40-30 
alloys, and f rom the constant parameters  of the 6-, 6; -and p2-phases of 
the 30-25, 30-35, and 40-20 alloys. The parameters  of the 6, pd-and 
$?-phases in this region a r e  equal to  7.596, 3.248, and 3.364kX, 
respectively. 
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The homogeneous region of the ternary ,B-solid solution stretches into the 
te rnary  system from the molybdenum-titanium and titanium- zirconium 
binary systems,  and covers a considerable a r e a  ofthe concentration triangle. 
At 52 at. 70 of titanium and 20at. 70 of zirconium the p-solid solution decom
poses into two solid solutions, and p2. X-ray photographs of alloys 
containing ( P I  + Pnl-phases show two systems o f  lines of a body-centered 
latt ice,  but with different lattice parameters.  

The boundaries of this binary phase field were determined from the 
inflections on the curves of lattice parameters and of hardness of the section 
with 45 and 50  at.  '70 of titanium. 

FIGURE 2. Isothermal section a t  12OO0Cof the phase 
diagram of the molybdenum- titanium-zirconium 
system. 

FIGURE 3. Isothermal section a t  80OoCof the phase diagram 
of the molybdenum- titanium-zirconium system. 



Thus, f rom the side of the titanium apex of the sys tem the t e rna ry  phase 
(p1+6+f j2 )  tr iangle is limited by a binary phase region which is the resul t  of 
the decomposition of the ternary solid solution into 01- and Pn-phases. 

The region of the t e rna ry  solid solution becomes wider as the temperature  
increases .  Thus, at  1200°C (Figure 2)  the homogeneous field of the @-phase 
occupies a large par t  of the concentration triangle.  The solid solution 
decomposes at  a content of 37at.  70 cf titanium and of 20at .  70 of zirconium. 

The nature and the number of phase regions at  1200°C are the s a m e  as 
at  900°C. 

The titanium and zirconium apexes of the isothermal section at  800°C 
(Figure 3), which is located in the temperature range below the polymorphic 
transformation of titanium and zirconium, has not only the phase regions 
which exist a t  1200 and at  9OO"C, but also a region of an a-solid solution 
based on close-packed hexagonal modifications of titanium and zirconium, 
and also binary-phase ( a + @ ) - and (a+P&regions. 

coiYcLusIoK s 

We constructed isothermal sections at  1200, 900, and 800°C for molyb
denum- titanium- zirconium systems from data of X-ray s t ructural  and 
microstructural  analyses, and also from hardness and microhardness 
measurements of specimens quenched from an equilibrium state  at  the 
above temperatures .  

1. W e  found that a large homogeneous region of a t e rna ry  @ -solid 
solution exists a t  800, 900, and 1200°C. As the temperature  is increased, 
this region increases ,  and at 1200°C it occupies a large par t  of the 
concentration triangle.  This indicates a considerable variation in the 
mutual solubility of molybdenum, titanium, and zirconium with temperature .  

2. The phase based on the ZrR/Io2 intermetallic compound can dissolve 
up t o  2 1  a t .  70 of titanium. But this phase has no large region of homogeneity 
at  either the molybdenum on zirconium side.  

3 .  W e  found that this system contains 5 two-phase regions which a r e  
adjacent t o  the regions of the t e rna ry  B-solid solution, and t o  the regions 
of the a-solutions. We also proved the existence of one three-phase region, 
which consists of a phase bzised on Zrn/Io2 and PI- and Pz-solid solutions. 
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A.M.  Yakimova 

STUDY OF THE PROPERTIES OF MOLYBDENUM 
MODIFIED BY REFRACTORY COMPOUNDS AT 
ELEVATED TEMPERATURES 

Molybdenum and molybdenum-base alloys a r e  very promising construc
tional materials for  service at temperatures above 1200°C. This metal has 
a number of very valuable properties:  high melting point, high thermal  
conductivity, l o w  coefficient of thermal expansion, and considerable high-
temperature strength. However, molybdenum and its alloys with titanium, 
zirconium, tantalum, etc. ,  have poor technological properties (poor 
weldability, high threshold of cold shortness),  and therefore new multiphase 
alloys obtained by alloying pure molybdenum with refractory compounds 
should be developed and studied. 

By correct  choice of the phase and i ts  amount, it is possible to regulate 
the technological and service properties of alloys based on refractory metals 
over wide limits. 

In this work w e  studied the influence of refractory compounds (ZrC, ZrN,  
and ZrB,) on the properties of molybdenum at room and elevated temper
atures .  The molybdenum- refractory compound alloys w e r e  prepared in a 
vacuum a r c  furnace of the TsEP-374 type. The refractory compounds w e r e  
added to  molybdenum during the melting process.  At the s a m e  time w e  also 
prepareda lOkg master  ingot of molybdenum with no additions. The ingots 
were then pressed and rolled on a vacuum rolling mill into 1 m m  thick 
s t r ips .  The chemical compositions of the alloys and their  niechanical 
properties at  room temperature a r e  given in the table. Cold-worked and 
recrystall ized alloys w e r e  studied. The annealing process  was a s  follows: 
heating to 1800°C at the rate of 140"C/min with no soaking t ime. 

hlerhanical properties of ~nolybdcnuin-refractory coinpound alloys 
I 

Alloy Initial state Alloy Initial state us, kg/mmz 

Mo Cold worked 42 7.1 hlo -0.570 Cold worked 81.5 9.0 
Mo -0.1 qo Cold worked 49 .o 3.5 ZrN Recrystallized 44.5 4.2 
ZrC Recrystallized 41.5 5.5 Mo -0.1 70 Cold worked 78.5 1 2  
Mo -0.5 To Cold worked 60.0 7.8 Zr 8, Recrystallized 52.0 14.2 
ZrC Rec rys tallized 41.O 4.5 M O  -0.5 70 Cold worked 2 1.o 6.8 
MO-0.1 qo Cold worked 73.0 10.7 Zr BZ Recrystallized 19.0 1.5 
ZrN Recrystallized 46 .O 6 .O 
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The data in the table show that alloys containing refractory compounds 
(ZrC, Z r N  and ZrB,) have a higher strength at room temperature than pure 
molybdenum but about the same ductility. It is  interesting to  point out that 
the strength and ductility of the &lo- 0.1 70 ZrB, alloy a r e  about twice a s  
high a s  those of pure molybdenum. However, a fur ther  increase in the 
content of ZrBr, to  0.5% leads to premature brit t le failure of the alloy. 

The recrystallization of experimental alloys was studied at  1000- 1800°C 
by hardness measurements and metallographic analysis. The holding t imes 
during annealing were 1 hr  and 5 h r .  The results a r e  given in Figure 1. 
The data in Figures 1, a and 1, b indicate that a longer holding t ime during 
the annealing of molybdenum- carbide and molybdenum-nitride alloys leads 
to  a greater  softening of the alloy. 
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FIGURE 1. Dependence of hardness on the annealing temperature and annealing t ime of alloys ( P=lOkg): 

a-Mo-ZrC; b-Mo-ZrN; c-Mo-ZrB,; i.s. -hardness of alloy before annealing. 1-holding t ime during 
annealing l h r :  2-5 hrs. 
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The R/lo-ZrB, alloys do not lose strength when heated for these periods 
(1 and 5 h r ) .  A comparison of the data on the dependence of hardness on 
temperature shows that the alloys of the molybdenum- boride system a r e  
the most stable. 

f0 

k 

41 
a i  0.2 0.3 0.4 0.5 

Refractory compound, wt To 

FIGURE 2 .  Mechanical properties of molybdenum-
refractory compound alloys at 1500°C. 

A study of the mechanical properties of molybdenum- refractory 
compound alloys at 1500°C (Figure 2 )  shows that the strength of the 
experimental alloys is about 1.5 t imes greater  than that of the initial 
molybdenum, but the ductility remains the same.  An exception is the 
Mo- 0.570 ZrBz alloy which becomes very embrittled. 

The above metallographic investigation showed that the temperature of 
recrystall ization is increased by the addition of refractory compounds to 
molybdenum. The maximum temperature of recrystallization is  exhibited 
by Mo-ZrBz alloys (Figure 3). 

CONCLUSIONS 

1. The addition of Z rC  and Z r N  in amounts of 0.1-0.5wt 70 increases 
the strength of molybdenum without reducing i ts  ductility at  room temper
ature .  

2.  The addition of 0.1 70 ZrBz t o  molybdenum causes its strength and 
ductility to  be doubled at room temperature.  A higher content of ZrB, 
(0.570)leads to a premature brit t le failure of the alloy. 

3. A study of the recrystallization of molybdenum-carbide, molyb
denum-nitride, molybdenum-boride alloys at  1000- 1800°C by hardness 
measurements and by a metallographic analysis showed that molybdenum 
i s  strengthened more  by ZrC than by WC.  

Molybdenum- carbide and molybdenum- nitride alloys lose much of 
their  strength if the annealing t ime i s  increased. R/Io-ZrB, alloys lose 
less  oftheir  strength with increase inthe holding t ime of annealing than alloys 
of the molybdenum- carbide and molybdenum-nitride systems.  

4 .  It has  been found that the addition of 0.1-0.570 ZrC, 0.1-00.50/oZrN, 
and 0.1 70 ZrB, increases the short-t ime strength of molybdenum at 1500°C 
by one and a half t imes.  Such alloying has no influence on the ductility of 
molybdenum. 
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FIGURE 3. b~icrostructureof molybdenum (a, b), of ?~10-0.5% ZrN (c, d) and of Mo--ZrB2 (e, 0 alIoys 
at 15OODC: 

2, b, c-hoIding rime 1hr; d, e, f-hoIdQ time5hr, x 200. 
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If the content of ZrBz in molybdenum is increased t o  0.570, the alloy is 
greatly embrittled. 

5. It has been found that the strength and ductility of molybdenum at 
room and elevated temperatures i s  favorably influenced by the following 
compounds : 

a )  ZrN-O.1Yo; b )  ZrB2-not more than O.l"/; and c )  ZrC-up to 0.570, 
over the concentration range studied. 

V .K.  Grigorovich 

ELECTRON STRUCTURE AND CRYSTAL STRUCTURE 
OF TRANSITION METALS 

In his book "The Structure of Iron Alloys" / 1 /  Hume-Rothery pointed 
out that the theory of alloys has not yet been completely clarified, and that 
we have no clear understanding of the factors which lead to  the stabilization 
of body-centered cubic a-solid solutions by many elements which have no 
such structure (Al,  Si, P, etc.  ). "The absence of any well-developed theory 
on alloys will not appear s o  unexpected if w e  consider that today w e  have no 
single reliable quantitative theory on the s t ructures  of even pure transition 
metals.  " During the period from 1958 to 1962, w e  developed a theory 
1 2 ,  3-51 which states that the body-centered cubic s t ructure  of metals i s  
the result  of the overlap of the p-orbitals of their  atomic shells,  and of the 
formation of six exchange bonds directed along the edges of the body-
centered cubic cell .  The polymorphism of iron has been explained by this 
theory in 1 6 1 .  The influence of the electron s t ructure  of alloying elements 
on the widening of the regions of a - and 11-solid solutions in iron alloys is 
discussed in detail in 1 7 1 .  

Since the valency electrons in metals a r e  collective, they cannot explain 
the directional bonds in the body-centered cubic lattices. W e  must 
therefore  apply the modern theory of valency, underlying the quantum 
theory of the chemistry of molecules, t o  the physics of metals based on the 
conception of conductivity electrons interacting with the periodic field of 
the crystal  lattice. 

The Schrodinger wave equation for a single electron approximation for 
the central  field of an atom can be written a s  

or 

where E is the total energy of the particle with a mass m ; V is i ts  potential 
energy, and $ is a wave function. The solution of this formula for an 
electron on the s-level will give a spherically symmetr ic  wave function 
qm= &(r), while the solution of this equation for electrons on the p-level 
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will give dumbbell wave functions of qPx.qPyand qPzwhich a r e  aligned along 
three axes of rectangular coordinates 

q n p ,  = F$R n p  ( r )sin 6cos 'p, 

qnpY= 6;R,, ( r )sin e sin 'p. 

The probability density of finding electrons 191%in the s-s ta te  has the 
shape of a spherical layer ,  and for the pxv pp and pz s ta tes  this densityhas the 
shape of th ree  dumbbells meeting at a common center and extending along 
three  axes of the coordinates. The electrons of shell p8also form extended 
electron clouds consisting of combined dumbbells produced by two coupled 
electrons with antiparallel spins. 

The main type of valence bonds in molecules and crystals  of the diamond-
type i s  the two-electron exchange bond ofthe u-type. An accurate quantitative 
theory of this has been developed for  the H, molecule by Gaitler and London, 
and then extended to  other molecules and covalent crystals  by Pauling, 
Millikan, Slater, e t  al .  The solution of Schrodinger's equation for a 
hydrogen molecule consisting of 1, 2 protons and 1, 2 electrons 

leads to  an exchange integral 

which indicates a strong exchange directional bond of two atoms of hydrogen 
with electrons with antiparallel spins. The formation of covalent bonds in 
crystals  of elements of groups VII-IV i s  determined by the number of 
unpaired coupling electrons which is equal to  the number of the nearest 
neighbors of each atom. In halogens and in elements of the oxygen, 
nitrogen, and carbon subgroups, the numbers of unpaired p - and s-electrons 
and the coordination numbers a r e  equal t o  1, 2 ,  3, and 4, respectively. 

The existence of close-packed cubic and hexagonal s t ructures  of metals 
can be explained by the random interaction of spherically symmetr ic  ions 
with almost f ree  or collective valence electrons. The exchange directional 
bonds existing in body-centered cubic metals prevent the atoms from 
becoming close-packed, despite their interaction with the electron gas. 
Since the valence electrons in the metals a r e  collective, the natural 
explanation for  the origin of body-centered cubic s t ructures  l ies  in the 
exchange interaction of subvalent electrons of the external shells of ions 
which have an inert gas configuration(szp6). The activity of the filled shells 
and the ability of their p-orbitals to  form exchange bonds a r e  now widely 
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known, and a r e  being confirmed by the developing chemistry of the inert  
gases Kr, Xe, Rn, etc.  Numerous compounds of these elements with 
fluorine, and oxygen, and also sal ts ,  bases,  acids, complex compounds, 
clathrate hexahydrates, e t c . ,  a r e  well known. The fluorides have the 
following formula: KrF,, KrF,, XeF,, XeF,, XeF,, and RnF,. Oxides XeO, 
and XeO, a r e  also known. A l l  paired electrons of the p6-shell of xenon take 
part  in the formation of six octahedrally oriented bonds with six atoms of 
fluorine during the formation of hexafluorides. The transition of s ix  
electrons from xenon to fluorine atoms i s  impossible, since the sum of the 
ionization potentials of p-electrons is equal to 25 ev or 5750kcal/mole, which 
is two orders  of magnitude higher than the heat of formation of XeF, 
(79 kcal/mole).  The p -d -hybridization is also forbidden, since the 
transit ion of three p-electrons intothe vacant d-orbits of xenon is energe
tically impossible. Consequently, the spin fission of a l l  s ix  p-orbitals and 
the formation of six asymmetric p-electrons able to form 0-bonds is the 
only r e a l  possibility of forming bonds. The exchange reaction of these 
electrons with one of the unpaired p-electrons of six atoms of fluorine leads 
to the formation of an octahedral molecule XeF, (Figure 1). The strong shift 
of p-orbitals from xenon atoms to fluorine yields Xe+ and F- charges and 
an additional ionic component in this essentially covalent compound. The 
formation of two-electron bonds by p-electrons of the external filled 
p6-shells takes place in a l l  compounds of inert  gases .  The energy of these 
covalent bonds is extraordinarily high ( AH:., = 79 kcal/mole for XeF,) and 
is  commensurable with the heat of sublimation of the most heat-resistant 
body-centered cubic metals ( AHsubl ~ 2 0 1 . 9kcal/g-atom for W ) .  This 

FIGURE 1. Formation of hexafluorides of inert gases as a result of 
the fission of p-orbitals in the fi l led external p6-shell, and of the 
formation of six interchangeable valence two-electron bondsdirect
ed along the axes of rectangular coordinates: 

Energy of formation of valence bonds (- AHo*,): 31 kcal/mole for 
XeF2: 60 for XeF; 79 for XeFb. 
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indicates that the participation of covalent energy in the total energy of the 
latt ices of body-centered cubic metals is quite considerable. 

FIGURE 2. Formation of body-centered cubic structures of 
alkali,  alkaline-earth, refractory d-transition metals of 
groups 111-VI, lanthanides and actinides. This i s  there
sult of the overlap of external p6-shells of ions during the 
reaction of ions with collective electrons, which leads to 
the formation of additional exchange covalent and ortho
gonally directed a-bonds of the p-orbitals. 

Let us  now consider the problem of the origin of the body-centered cubic 
s t ructures  of metals of the longer periods, including refractory metals of 
groups IV-VI. The Hall coefficient of solid potassium, rubidium, and 
cesium, at 20°C indicates that their  only valence s-electron is a conduction 
electron, i.  e . ,  the concentration of collective almost f ree  electrons is 
equal to  1 electron/atom. This means that the free  atoms of alkali metals 
with an external s*p6sL shell  a r e  transformed into Met ions with an external 
p6-shell during association into a crystal .  This external shell  of inert  gases 
has an orthogonal symmetry and consists of six p-orbitals.  These undergo 
spin fission a s  they approach neighboring atoms, with increase in the 
asymmetry and length of the p-orbitals, and with the formation of six 
exchange two-electron orthogonal bonds a s  a result  of overlap. The 
shortening of the distances between ions with p6-shells a s  a result  of 
interaction with an electron gas leads to overlap of the external parts of 
the p-orbitals and the formation of s ix  exchange valence a-bonds directed 
along the axes of rectangular coordinates. This leads to  the formation of 
a primitive cubic cell  with another ion in the vacant center.  The p-orbitals 
of this form bonds with s imilar  ions in six neighboring cells (Figure 2) .  
This mechanism leads to the formation of the body-centered cubic 
s t ructures  of potassium, rubidium, and cesium, in which the energy of the 
lattice is derived mainly from the metallic interaction between the 
conductivity electrons and ions, but also from the covalent exchange 
o-bonds of the subvalent electrons of the external p6-shells of ions which 
determine the crystal  structure.  The Hall coefficient indicates that solid 
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alkaline-earth metals,  calcium, strontium, and barium, which have an 
external configuration of szp2s2, and their  compounds form Me2+ ions with 
an external p6-shell. The same mechanism leads to the formation of a 
body-centered cubic s t ructure  in the high-temperature modifications of 
0-calcium, and 0-strontium, and body-centered cubic s t ructure  of barium. 
The assumption that a l l  valence electrons in metals of groups 111-VI, 
including al l  lanthanides and actinides, a r e  collective indicates that the 
ions of these metals in the latt ice have external p6-shells. The approach 
and overlap of these a s  a result  of the metallic interaction between ions with 
collective electrons w i l l  lead t o  the formation of additional exchange bonds 
directed along the edges of the cube < 100> , and to  the formation of body-
centered cubic s t ructures  characterist ic of these metals o r  of their  high-
temperature modifications. The valence electrons in this  case a r e  
considered to be collective, i. e. ,  they belong to the latt ice a s  a whole. 
However, they a r e  in no case free  electrons,  even in alkali metals,  and 
they react with the lattice more strongly with increase in their  concentra
tion and decrease in the dimensions of the ions. A s  we pass f rom alkali 
metals to Ca, Sr, Ba, and then to  Cr ,  Mo, and W, the concentration of 
electrons responsible for the interaction between the metals increases  from 
1 to  6 electrons/atom, and their  effective mass  m* increases  so  much a s  
the result  of their  reaction with ions that the effective number of conduction 
electrons is  considerably less  than the number of collective valence 
electrons.  The collective heavy electrons in the transition metals occupy 
quite a wide d-band and a very wide s-band, forming an energy spectrum 
which determines the electron and many other physical character is t ics  of 
metals.  The electrons in the d-band a r e  more  strongly bound to  the lattice 
than the f reer  electrons of the s-band. However, none of these is 
localized in the atoms but they a r e  collective. F rom the body-centered cubic, 
face-centered cubic and close-packed hexagonal latt ices,  which we know 
from X-ray studies,  it is possible to construct Brillouin zones for 
individual metals,  and to calculate the distribution of electrons along the 
zones to  determine the energy model of a given metal. The zone model 
alone does not explain the formation of a latt ice,  and the theory of the 
origin of crystal  s t ructures  should s ta r t  f rom a theory on the shape and 
interaction between atomic orbitals,  a s  in quantum chemistry,  to explain 
the s t ructure  of molecules. Fo r  body-centered cubic metals,  and also for 
diamond, silicon, and germanium, it i s  possible to explain the origin of 
the crystal  lattice by the hypothesis of interchangeable u-bonds, and then 
proceed further to the construction of a zone model and of an energy 
spectrum of the electrons.  Consequently, we should consider the formation 
of body-centered cubic s t ructures  in a l l  metals to be the result  of exchange 
reactions between subvalent p-electrons of the external p6-shells of ions. 

Al l  energy character is t ics  of the lattice and the strength of interatomic 
bonds increase f rom 1 to 6, according to  the increase in the number of 
collective electrons responsible f o r  the metal  bonds and to  decrease in the 
atomic radius,  a s  we pass f r o m  alkali metals to  metals of group VI. 
The thermodynamic and physical properties of body-centered cubic metals 
of groups I-VI a r e  given below: 
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Group 

Metal radius 

r met? d 
1 OC 

mPlOC 
bP,

AH mp, kcal/g-atom 
AH bp, kcal/g-atom 
x , electronegative 
d ,  g/cm3 
E ,  kg/mm2 
H,,  k g h "  

Metal radius 

'met?  
fmpt  "C 
f b p ,  "c 
AH mp, kcal/g-atom 
AHbp, kcal/g-atom 
x , electronegative 
d ,  g/cm3 
E ,  kg/mm2 
H , ,  kg/mm2 

Metal rad$ 

'met' A 
*mpJ OC 
*bps "c 

AH mp, kcal/g-atom 
AHbp, kcal/g-atom 
x , electronegative 
d ,  g/cm3 
h ,  kg/mm2 
H,,kg/mm2 

Electron configuration 

Crystal structure 

I I1 III IV V VI 
K' Ca2 sc '  Ti4 v5 Cr6 

2.35 1.97 1.62 1.41 1.34 1.27 
63.1 838 1539 1668 1900 1920 
160 1440 2130 3260 3450 2668 
0.143 0.218 0.015 0.024 0.04 0.078 
18.9 36.I4 81 106.5 106 72.97 
0.8 1.o 1.3 1.5 1.6 1.6 
0.86 1.55 3.0 4.51 6.1 1.19 

9000 13,500 25,000 
60 80 100 

Rb' SI2 Y3 zr4 Nb5 m06 

2R8 2.15 1.80 1.60 1.46 1.39 
38.9 108 1509 1852 2415 2610 
688 1380 2921 3580 3300 5560 
0.55 2.1 2.7 4.0 6.4 6.6 
18.1 33.8 93 120 - 128 
0.8 1.0 1.3 1.4 1.6 1.8 
1.53 2.6 4.41 6.49 8.4 10.2 

8960 9080 33,000 
67 80 150 

cs' 8a2 ~a~ HfP Ta5 W6 

2.61 2.22 1.87 1.58 1.46 1.39 
28.7 114 920 2222 2996 3410 
690 1640 3410 5400 5425 5930 
0.5 1.83 1.5 5.2 6.8 8.05 
16.3 35.I 96 155 180 185 

0.7 0.9 1.1 1.3 1.5 1.7 
1.90 3.5 6.11 13.1 16.6 19.3 

9800 188.30 41,500 
160 125 290 

PS-S' pS-s2 p'-d's2 ps-d2sZ pS-d9s2 
p8-d4s1 (Nb) 

pa-dss' 
pS-d's2 (W) 

BCC 8- BCC (r La-BCC) fi - BCC B cc BCC 
a- FCC ( p  La-FCC) 

P-BCC 
a-CPH a-CPH 

In fact, the melting point, boiling point, heats of fusion and sublimation, 
moduli of elasticity, hardness, strength, and other properties of body-
centered cubic metals increase a s  we pass f rom group I to VI. As w e  pass 
fur ther  to  metals of the copper subgroup, these characterist ics decrease 
down to group I a s  a result  of the decrease in the number of collective 
electrons and ionic charges:  

I I I  111 IV v VI VI1 VI11 I 
K1 Caa Sc' Ti4 Vs Cr6 Mn' FeaCoZNi2 CUI 
Rb' Sr2 Y' Zr' Nbs Moa TcS Ru4Rh8Pd2 Ag' 
Cs1 Baa La* Hf4 Tab W8 Re6 Os4Ir'Ptp Au' 
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The variation in the properties of transition metals over long periods 
confirms our hypothesis. 

Direct experimental proof that all  valency electrons in the body-centered 
cubic lattices of metals of group I-VI a r e  collective i s  their  paramagnetism, 
i. e., the absence of any magnetic moments in atoms due to  the collectiviza
tion of all  d - and s-electrons. Magnetic neutronographic studies of a l l  
metals  of groups I-VI, including vanadium, showed no t r aces  of d-electrons 
in the atoms, and only chromium has antiferromagnetic properties below 
39°C a s  a resul t  of partial localization of d-electrons. However, above 
39°C all  d- and s-electrons of chromium a r e  delocalized, and this metal  
has paramagnetic properties and a body-centered cubic s t ructure  up to  the 
melting point. The collectivization of all  valence d-, s-electrons in metals 
of groups I-VI is confirmed by Matthiessen's rule ,  since all  these electrons 
a r e  taken into account during the calculation of the electron concentration 
of superconductive alloys. 

FIGURE 3.  Nature of interatomic bonds in body-centered cubic metals: 

1-metal bond between central atom and the eight nearest neighbors, located 
in the directions [1111, a t  a distance of 0.86 4 ( K  =E) as a result of the con
centration of electron gas in the interionic space along the eight octants; 
2-covalent, exchange, and orthogonally directed bonds along [I101 of the 
central atom with six neighboring atomsat a distance n ( K  = 6 ) .  

We shall s e e  whether the bonds of the central  atom with i ts  neighbors of 
the f i r s t  and second coordination spheres  a r e  equivalent. The central  
atom in a body-centered cubic cell neighbors on eight other atoms ( K I  = 8 )  
located at the vertices of a cube at a distance of u m 2  = 0.86 a ,  and with 
six other atoms of the second spheres  ( K 2  = 6) ,  located along the axes of 
the coordinates at distances a .  The interaction between the central  atom 
and i t s  neighbors of the f i rs t  and second spheres  is of a different nature, 
although the differences in the distance a r e  only 14%. The collective 
electrons which lie in the interionic space in the middle par t  of the eight 
octants which a r e  not occupied by the orbitals (Figure 3 )  a r e  responsible 
for the metallic interaction of the central  atom with i ts  eight neares t  
neighbors in the direction of the space diagonals. The central  atom i s  
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connected to  the s ix  electrons of the second coordination sphere by six  
exchange 2-electron directed bonds of a covalent type. Thus, the interaction 
between mobile ions and collective electrons in metals,  which leads t o  the 
ductility and elasticity of metals with a body-centered cubic lattice, is 
superimposed by more rigid covalent bonds <loo> directed along the edges 
of the cube. If the overlap of orbitals is sufficiently great ,  this can lead t o  a 
reduction in ductility, and under unfavorable conditions of deformation to 
embrittlement of these metals.  

What experimental data prove the existence of directed bonds in body-
centered cubic metals ? Firs t ly  there  a r e  data on the anisotropy of the 
elasticity moduli in single crystals .  In fact, in the cubic s t ructures  of 
diamond, silicon, and germanium, and in the diamond-like compounds of 

the A1"BV -type, the coefficient of anistropy A--A>1 (table), and 
C I I  -c12 

therefore,  � ~ l l , > > � ~ , ~ , o ;, which means that the diamond-type lattice is most 
rigid in the direction of the exchange valence bond aligned along the space 
diagonal of the cube < 1 1 1 > .  According to  the data in 181 ,  the ra t io  of 
Young's moduli E<,L,>/E<loo for silicon and germanium is equal t o  1.465 and 
1.485, respectively, which means that Young's modulus in the direction of 
the valence bond is 1.5 a s  great a s  in the < l o o >  direction. F o r  alkali 
metals with a body-centered cubic lattice, Young's modulus in the direction 
of the space diagonal i s  6.3-9.4 greater  than in the direction of the <loo> 
edge (see Table 2) ,  which indicates that in metals with a body-centered 
cubic lattice the energy of the elastic metallic bond plays a considerably 
greater  role than that of the exchange bonds. The coefficient of anisotropy 
decreases  appreciably a s  we pass to metals of the Vth and VIth groups. For  
vanadium, niobium, chromium, and molybdenum this coefficient is less than 
unity, and for tungsten it is equal t o  unity. This indicates an increasing 
overlap of the orbitals in polyvalent metals,  and the predominant role  of the 
covalent bonds in these overlaps, which lead t o  an increased susceptibility 
to cold shortness.  

Coefficient of anistropy of elastic moduli ( A )  of body-centered cubic metals and the critical 
ductile -britt le tra nsi t ion temperature, 
-

C diairionc ti' 
1.214 9.4 

Brittle Plastic 
Si " 3 1  

1.666 8.1 
Brittle Plastic 

Ge K' Ca SC Ti V Cr 
1.665 6.3 - - - 0.79 0.86 

Brittle Plastic Plastic Plastic Plastic Britt le Brittle 
from- 110 from-20°C 
to -G5"C to + 2OOT 

Elemenr Rb' SI Y zr N b  Mo 
A 8.9 - - - 0.51 0.76 
f transition Plastic Plastic Plastic 'lastic Plastic Brittle 

iemper- from -200°C 
aturc,  "C to + 30OoC 

Elcmc n t cs '  Ea La kif Ta w 
A 8 .G 1.G 1.o 
t transition Plastic Plastic Plastic 'lastic Plastic Brittle 

temper- froin + 200°C 
ature, "C to + 450°C 

- - 
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III 

Yound's modulus is highest along the less  close-packed edges of the body-
centered cubic cell <100> and not along the most close-packed rows < I 1  1 > . 
This conflicts with the model of rigid spherical  atoms, and the elastic 
anisotropy of such cells must be explained by the theory of valence bonds. 
In ionic crystals  of the NaCl type the modulus E is highest along the edges
< l o o > ,  i .  e . ,  along the direction of exchangeable bonds 1 2 1 .  

The presence of rigid orbital bonds along the edges of the body-centered 
cubic lattice i s  the cause of the susceptibility of refractory metals of 
groups V-VI to br i t t le  failure and their  low ductility, especially marked 
i f  the metals a r e  contaminated by interstitial impurities. The susceptibility 
t o  brittle failure depends on many factors: contamination by interstitial 
impurities (H, 0, N, C, B )  s ize  of grains and mosaic blocks, dislocation 
character is t ics ,  and applied s t r e s ses  (notches, bending, stretching, etc. ). 
The ductile -brittle transition temperatures  of polyvalent body-centered 
cubic metals of groups V-VI a r e  given in the table. The purification of 
body-centered cubic metals f rom interstitial impurities which appreciably 
increase the brittleness i s  very important. F r o m  the point of view of 
electron s t ructure ,  the role of intersititial impurities i s  a s  follows. The 
atoms of interstitial impurities (H, C, N ,  0)in body-centered cubic metals 
occupy mainly the smaller  and compressed octahedral pores and not the 
more  available tetrahedral pores. It has been found 1121  that the atoms of 
carbon in a-Fe and in other metals occupy the middle of the edges of the 
unit cell 1121.  

n 
Octahedral 

Tetrahedral 

FIGURE 4. The strengthening of the exchange directed 
bonds in body-rcntered cubic metals as a result of the 
capture of interstitial impurity cations (H+, 04+,N~+,c4+, 
B3+, etc.)  by the field of overlapping orbitals and the 
formation of a three-centered bielectron molecular orbit 
hfe-E-Me. 

Accordin to  the hypothesis of orbital models, the H+ (proton) and N3+, 
C4+, and B3' ions which have smal l  s her ical  shells Zs2(N3+),ISz(C4+,B3+), 
with radi i  close to  0 . 3 0 A  (N3+ and C4P) and 0.60 A (B3+)can be captured 
into the field of overlap of two p-orbitals (Figure 4), where they a r e  
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strongly held as a result  of the formation of a stable bond with a pair  of 
c-lcctt.ons with antiparalleI spins .  This leads to  the formation of a three
cen1erx.d bielectron bond, which increases  the rigidity of the exchange bond 
along the edge of the body-centered cubic cell. The saomebond can be 
formed by an  0" oxy en ion with a sma l l  radius (0.38A) and a grea t  affinity 
f o r  electrons.  As C", N", and 04+,ions a r e  located in the overlap zone, 
theit. charge i s  reduced by two units. The freeing of body-centered cubic 
metals f rom interstitial impurit ies by vacuum a r c  melting and electron-beam 
melting greatly increases  their  ductility, and reduces the ductile- br i t t le  
transition tempera ture .  
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V .  G.  Osipov, V .D. Mutovin, and V .  V.  Vinogvadov 

ROLLING, HEAT TREATMENT, AND DEEP DRAWING 
OF THIN SHEETS OF MOLYBDENUM 

Molybdenum sheet is today widely used in industry, and a study of its 
mechanical and technological properties is of great interest. 

Molybdenum sheet is usually rolled at temperatures  below the recrystal
lization point, and therefore this process should be classified a s  cold rolling 
(or more accurately, warm rolling). If the temperature  of rolling is close 
t o  the recrystallization point, the required increase in strength and ductility 
cannot be attained /I/. Belk / 2 /  showed that t o  obtain ductile molybdenum 
sheet with a thickness of 6 . 3  mm the rolling should be s ta r ted  at 1350°C and 
terminated at 850°C. 

Sheets 1 -0.5 mm thick a r e  rolled at 2O0-4OO0C, and sheets thinner than 
0.5" at room temperature .  It is recommended that cold-rolled molyb
denum sheet be annealed between passes  to relieve s t r e s ses  and the effect 
of cold working. 

The deformation of molybdenum below the recrystallization temperature  
leads to  the formation of a crystalline texture. Thus, single direction 
rolling gives a texture with the face of the cube paral le l  t o  the surface of 
the sheet, and the diagonal of the face of the cube is parallel t o  the direction 
of rolling 131. 

Crystalline textures lead to  anisotropy of the mechanical properties in 
the plane of the sheet, which harms the mater ia l  during further extrusion. 

A study of the anistropy of the mechanical properties of sheets  rolled 
longitudinally and t ransversely was carr ied out with a cermet  molybdenum 
of the M4-type. The specimens were 0.8, 0.5, 0.3, and 0.1 mm thick. The 
blanks were made of annealed 1.5 mm thick sheet f rom which the scale  had 
been removed. This sheet was prepared by rolling a forged plate with a 
5 X 40 mm cross-sectional a r ea .  

The dependence of the mechanical properties ( b l 0  and us ) of the specimen 
on the direction of longitudinal and cross  rolling is shown on Figure 1.  For  
tensile tes t s  ten specimens 5 mm wide and 0.5 mm thick were used. 

The tes t s  of deep-drawn materials showed that the coefficient of 
drawing can be calculated from the formula 

where Dmaxis the maximum diameter of the blank which did not fail during 
the tes t s ;  davis the average diameter of the extruded cup. Cross-rol led 
sheets have a coefficient of drawing 20- 25 7'' higher than that of sheet rolled 
in a single direction. 

Sheet with l e s s  directional mechanical properties is obtained by c ross  
rolling, s tar t ing from a certain thickness. 

The relationship between the final thickness of the sheet and the initial 
thickness of the blank at  which c ross  rolling can be s ta r ted  was found 
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experimentally (Figure 2 ) .  Molybdenum undergoes no phase t ransforma
tions, and retains i ts  body-centered cubic s t ructure  up to a temperature 
of 2125°C. A heat treatment of wrought molybdenum consists of r e c r y s 
tallization annealing, or of annealing below the recrystall ization temperature .  

FIGURE 1. Dependence of the elongation 6,, and the ult imate strength (TB on 
the direction of rolling: 

1-longitudinal rolling; 2-cross rolling. 

4% 
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FIGURE 2. Thickness of molybdenum FIGURE 3. Dependence of elongation (8, 70) 
blanks a t  which cross rolling can be and ultimate strength (Ud on the annealing 

started. temperature: 

1-commercial molybdenum; 2-molybdenum 
purer than commercial. 
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The dependence of the mechanical properties ( u ~ ,a , ~ )on the annealing 
temperature in vacuo was investigated with cermet  molybdenum of commer
cial  or higher grade.  

The specimens w e r e  cut out of a 0.5" thick sheet, and heated at each 
temperature  for 1h r .  The tensile tes ts  w e r e  carr ied out at  the r a t e  of 4 %  
per minute, and the results a r e  given in Figure 3 .  

A study of the microstructure of specimens annealed at  different 
temperatures showed that recrystallization always takes place above 900°C. 
This leads to embrittlement of commercial  molybdenum, but the ductility of 
pure molybdenum increases up t o  an annealing temperature of 1300"C, and 
it then drops sharply. The decrease in ductility caused by annealing at  
1400°C or above coincides with the s t a r t  and development of secondary 
recrystallization. 

A study of the mechanical properties of molybdenum at different ra tes  
of deformation showed that an increase in the rate of stretching sharply 
reduces the ductility of the recrystall ized metal, but has much less  
influence on molybdenum with a fibrous s t ructure .  Thus, molybdenum 
recrystall ized at  13OO0C, with an elongation of 25-2870 during static tests 
( V ,  =0.04mm-') ,  appears t o  be brit t le if it is drawn at the r a t e  of 0.5
0.8 m / s e c .  If molybdenum annealed below the recrystallization temperature 
is drawn, no such embrittlement appears.  

The embrittlement of recrystallized molybdenum at high rates  of 
deformation is associated with the cri t ical  ductile-brittle transition 
temperature.  This critical temperature i s  not constant 1 3 1 ,  and can vary 
over a wide range even for molybdenum of the same chemical composition, 
depending on the degree of i ts  preliminary deformation, microstructure,  
ra te  of deformation during testing, and the method of applying the load. 
Therefore,  the ductility of molybdenum from the point of view of extrusion 
can be determined by a tes t  which simulates the s t r e s s e s  and the drawing 

Kmox 
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Testing temperature, "C 

FIGURE 4. Dependence of the coef
ficient of drawing of molybdenum on 
the deformation temperature: 

1-annealing a t  900°C; 2-annealing 
a t  1 1 O O T ;  3-annealing a t  1300OC. 

rate.  This test  should also be carr ied out 
a t  the same temperature a s  the extrusion. 

The temperature range for the deforma
tion of molybdenum sheet of a high degree 
of purity in which complex s t r e s s e s  had 
been induced during drawing was found in a 
die, with a variation in the temperature of 
the blank of f rom - 150 to +3OO"C. 

A rate of deformation of 0.8 m / s e c  
corresponded to  the rate  of a crank press  
working at 50-60 rpm. The results of the 
investigation a r e  shown in Figure 4 .  The 
testing temperature i s  plotted on the 
abscissa and the coefficient of drawing on 
the ordinate. These data indicate that 
molybdenum with a fibrous structure 
annealed at 900°C can be drawn to  temper
atures  of - 60"C, but molybdenum 
recrystall ized to  about 50% (annealing at 
1100°C) can be subjected to  deformation 
under the given conditions at  a temperature 
of not less than 35-50°C. The crit ical  
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ductile- brit t le transition temperature of molybdenum recrystall ized at  
1300°C l ies  at  60- 100°C. The drawing coefficient of recrystall ized 
molybdenum at temperatures above this cr i t ical  temperature is higher than 
that of nonrecrystallized molybdenum. This corresponds to an increased 
ductility of recrystall ized molybdenum during static tensile tes ts .  Recrys
tallization does not reduce the ductility of molybdenum during drawing, but 
shifts its ductile-brittle transition temperature toward higher temperatures .  

CONCLUSIONS 

1. The anisotropy of the mechanical properties of molybdenum sheet 
was studied after longitudinal and cross  rolling. 

2. We determined the relationship between the annealing temperature 
in vacuo and the s t ructure  and mechanical properties (oB,610) of cermet  
molybdenum of commercial  or higher grade.  

3. We found the ductile-brittle transition temperature of wrought and 
recrystall ized molybdenum of high purity, under conditions of s t r e s s e s  
induced by deep drawing at a rate  of deformation of 0 .8m/sec.  

4. The resul ts  for static uniaxial drawing of recrystall ized molybdenum 
do not characterize i ts  ductility during drawing at the ra te  of 0.5 m / s e c  at 
the same  temperature.  
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I. S .  Gaev and E .  V .Sheyanova 

STUDY OF THE WELDABILITY O F  MOLYBDENUM 
ASSOCIATED WITH VARIATION IN ITS STRUCTURE 

The s t ructure  of welded joints is usually studied by preparing micro-
sections and etching them with chemical reagents o r  oxidizing them. At 
present, the processes occurring at  elevated temperatures a r e  studied 
by high-temperature metallography. 

A better metallographic control of the s t ructure  of welded joints in 
refractory metals can be obtained by examining the topography of the 
surface revealed directly during heating and cooling which is caused by 
welding without any special  preparation of microsections or etching 
(autometallography ). 
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Since electron-beam welding is carried out in vacuo, the structure is 
revealed by cooling the molten zone. Plates welded by electron beams can 
be metallographically studied during alL stages of heat treatment and 
mechanical tests on the welded joint. 

FIGURE1. Microstrucuue of a weIded joint in molybdenum: 

a-X 100; b-x300. 


The metal in a molybdenum joint welded by an electron beam does n.ot 
solidify smoothly but periodically, and as a result the surface of the jo'int 
is uneven. The crystallization isotherms are shown in Figure 1,a. 
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The grains grow normally to  the direction of cooling, and the grain 
boundaries a r e  revealed due to a selective vaporization. 

The s t r e s s e s  which lead to  structural  displacements a r i s e  a s  the result  
of the different thermal  expansion and contraction, and of anisotropy of the 
metal. The displacements can be observed by autometallographic control 
methods. At the beginning of solidification of the molten metal of the joint, 
periodic crystallization takes place, which leaves geometrically regular 
lines on the surface called crystallization isotherms. A polyhedral network 
of grains is then formed. F r o m  the displacement of the crystallization 
isotherms along the grain boundaries it i s  possible to  determine the s t r e s s e s  
f rom the magnitude of the shear  deformation. 

The shear  deformation can be observed at  a 300-fold magnification. If 
the grains a r e  coarser  (Figure 1,b), the shear  deformation i s  more marked. 
The absolute s ize  of the l inear displacement varies f rom 3 t o  5 p .  

On Figure 2,  a w e  can s e e  not only the crystallization isotherms and the 
grain boundaries but also wavy lines whict include the edges of the s l ip  
bands, and develop within individual grains.  These lines often propagate 
beyond the grain boundaries. The presence of sl ip bands indicates that 
intragranular deformation has taken place in the welded joint. Sometimes 
the sl ip bands give r i s e  to cracks (Figure 2 ,  b ) .  In addition t o  the above 
structural  changes, the boundaries migrate in the welded joint (Figure 2 ,  c ) .  
During the short  period when the metal i s  cooled after welding, the grain 
boundaries do not remain stable but continue to  shift, which indicates 
incomplete recrystallization of the solidifying metal of the joint. A s  a 
result ,  the decrease in the dislocation density leads to equilibrium of the 
metal deformed by welding. 

We used an IMASh-5 machine, and showed that the intragranular 
deformation takes place in molybdenum mainly below the recrystallization 
temperature,  but the displacements along the grain boundaries occur above 
this temperature.  The thermal  conditions for migration of the grain 
boundaries and shear  deformation within the grains were determined by 
Lozinskii, who used an InlASh-18 machine. He found that the graic 
boundaries migrate at temperatures of f rom 2200 to 2400"C, and deformation 
within the grains occurs at  500- 1000°C. 

Welded joints in which these phenomena take place a r e  susceptible to 
embrittlement (the bending angle is equal to o r  close to zero).  

If an intragranular shear  deformation develops, the welded joint is not 
always broken along the grain boundaries. Kot only the intergranular 
f ractures  (Figure 3 ,  a )  but a lso fractures  along several  grains (Figure 3, b)  
or parallel to the edges of the sl ip bands can be observed (Figure 3, c ) .  

Thermal s t r e s s e s  in the zone of the welded joint a r e  determined by the 
coefficient of thermal expansion of the metal, the width of the molten zone, 
and the temperature differences during welding. The last factor can be 
regulated by heating the plates being melded during the process,  which 
according to  l i terature data is very favorable. ::: 

The width of the molten zone of metal during welding can be regulated 
by controlling the energy parameters of xvelding. In such cases  it is very 
useful t o  alloy the welded joint additionally, \vhich changes the coefficient 
of thermal expansion and the configuration of gi,ains in the desired 
direct  ion. 

- "lieierativiiyi zhiirii.11 iiietallurg., " Fo.  12, 121,  480. 1'11.4. 
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FIGURE 2. Microstructure of a welded joint In molybdenum: 


a-X 100; b, c-X 200, 


FIGURE 3,  Failure of a welded joint in molybdenum, X 100. 
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FIGURE 4, blicrosmcture of a welded joint in molybdenum after welding at the rate of-60 m/hq X 100. 

Since the grain size determines the mechanical properties of the metal, 
a fine-grained structure can be produced by varying the rate of welding. 
Photographs of welded joints after welding at the rate of -60m/hr are 
shown in Figures 4, a and b. The average bending angle was about 30". 
The structure is revealed less clearly. 

Correct alloying elements added t o  the welded joint during welding can 
increase the bending angle of the joint to  180". It is characteristic that the 
isotherms of crystallization pass smoothly from one grain t o  the other 
without any displacement at the grain boundaries (Figure 4, c). 

To relieve stresses in the joint, the welded articles should be annealed, 
avoiding any absorption of gases by the metal. The following annealing 
process is recommended: heating at 900°C and 1000°C for 1hr, or heating 
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in special containers (vessels) with getters at the same temperatures.  
Annealing i s  not always helpful if the metal i s  overstressed before welding. 

CONCLUSIONS 

1. The difficulties of producing a ductile welded joint a r e  due not only 
to  rapid recrystallization and absorption of gases,  but a lso to  the thermal 
s t r e s s e s  which lead to displacements along the grain boundaries and within 
the grains.  

2.  To produce a ductile welded joint, conditions for the minimum 
development of s t r e s s e s  must be created,  and absorption of gases by the 
metal  prevented, by choosing the correct  technology of welding, alloying 
the weld zones, heating the metal during the process of welding, and 
annealing after welding in vacuo or in special  vessels with getters.  

I .  A. Tregubov and L.  N. Kuzina 

HIGH- TEMPERATURE (1400 "C)HARDNESS OF TUNGSTEN-
BASE ALLOYS CONTAINING TANTALUM A N D  RHENIUM 

The ternary tungsten- tantalum- rhenium alloys a r e  prepared from the 
th ree  most heat-resistant elements, with melting points of 341O"C, 2996"C, 
and 3180°C, respectively. 

The W-Ta-Re system has been studied /1/ by metallographic and 
X-ray methods, and by determining the temperatures at which the alloys 
s t a r t  to melt .  The specimens were annealed at  2680"C, 2530"C, 202O0C, 
and 1200°C. A schematic phase diagram of the W-Ta-Re system was 
constructed from the data obtained 111. 

The wide field of solid solutions adjacent to the W-Ta side with up to 
45 wt '70 of rhenium in the Ta-Re system, and with up to  30wt % of rhenium 
in the W-Re system, includes heat-resistant and quite ductile alloys. The 
phase diagrams of the limiting W-Re, Ta-Re and W-Ta binary systems 
have been widely investigated 1 2 - 6 1 .  

O u r  a im was to determine the hardness of tungsten-base alloys containing 
tantalum and rhenium a t  1400°C. 

Data on the variation in hardness at elevated temperatures a r e  very 
important for practical  purposes, for example for planning the process of 
mechanical shaping. On the other hand, there is a certain relationship 
between the data on hardness at  elevated temperatures and the strength of 
these alloys. 

Of the tungsten-base alloys, binary materials with 1-5 wt % of tantalum 
and 25- 45 wt YO of rhenium have been thoroughly investigated, and a r e  today 
used in industry. However, there a r e  very few data on ternary tungsten-
base alloys containing tantalum and rhenium. 
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STARTIKG MATERIALS AND METHODS 

We used tungsten rods (99.9 YO), tantalum s t r ip s  (99.93 YO), and rhenium 
rods (99.8%). 

The alloys w e r e  prepared in an a r c  furnace in an atmosphere of argon. 
The metal was melted on a water-cooled copper hearth with a nonconsumable 
tungsten electrode. To  obtain homogeneous ingots the alloys were turned 
over and remelted 8-10 t imes.  The weight of the ingots was 20g. 

The ingots w e r e  remelted twice in an electron-beam furnace in a vacuum 
of 2 .  Hg. The specimens were flat plates 15” in diameter and 
5 mm in height. 

The homogenizing annealing was carr ied out in a special vacuum furnace 
at 2500°C for 2 h r .  

The hardness at elevated temperatures was measured by a special  device, 
in which the specimens could be heated in vacuo (1. Hg) up to 1600°C 
We used a reinforced saphire indentor. 

The hardness of the tungsten-base ternary alloys was measured at 1400°C 
with a 2.5kg load. 

ResuIts 

On the figure, curve 1 shows the dependence of the hardness of alloys on 
their  composition for the 95wt 70tungsten section, and indicates that at 
1400°C tungsten alloys with 5 wt yo of tantalum o r  5 wt 70of rhenium have 
almost the same hardness,  equal t o  about 55 kg/mm2. The hardness of 
ternary alloys i s  represented by a twisting curve, and its value increases  
with increase in the content of rhenium. For  example, an alloy with 95wt70 
W + 3 wt 70 Re + 2 wt vh Ta has a hardness of -75 kg/mm2. If the content 
of tantalum is  increased to  4 wt 70and the content of rhenium decreased to  
1 wt 70, the hardness decreases  to  60kg/mm2. The i r regular  course of the 
curve representing the dependence of hardness on composition is apparently 
explained by the existence of liquidation microheterogeneity in the alloys. 

An analysis of curve 2 of the figure which represents  the dependence of 
the hardness of alloys containing 90  wt YO of tungsten shows that the binary 
tungsten-base alloys with 10 wt 70of rhenium is  considerably softer ( H v  = 
= 65kg/mm2)than the tungsten-base alloy with 10 wt of tantalum ( H v =  
= 85kg/mm2). In ternary alloys the hardness i s  represented by a curve 
with a smooth minimum. Alloys with 3 wt 70of tantalum and 7 wt 70of 
rhenium have the lowest hardness ( H v  = 60kg/mm2). If the content of 
tantalum is increased to 6 wt YO, and the content of rhenium is correspond
ingly reduced to 4 wt 70,the hardness increases to  85kg/mm2 and remains 
almost constant if more tantalum is  added. Consequently, t e rna ry  alloys 
with 90 wt 70of tungsten and from 6 t o  10 wt 70of tantalum, and from 4wt 70 
t o  0 wt 70of rhenium, have the most stable hardness.  

Alloys with a constant content of tungsten of 8 0  wt 70 (curve 3 in figure) 
a r e  of the greatest  interest .  An analysis of the curve representing the 
variation in hardness with composition shows that the hardness remains 
almost constant over the range of compositions investigated. Apparently, 
this series of alloys has a stable hardness,  and possibly even a stable 
resistance to heat. At 1400°C the average hardness of this s e r i e s  of alloys 
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is -85kg/mm2. This has been confirmed by the US patent 171, which 
recommends te rnary  tungsten-base alloys containing tantalum (1-10 w t  Yo), 
and rhenium (1- 10 wtyo). Alloys with 8 wt 7’ of tantalum or rhenium are 
preferable. These alloys can be  hot-worked and in some cases  even 
cold -w orked. 

Dependence of the hardness of alloys at  140OOC on their co~npo
sition: 

1-section with 95 wt q o  of tungsten; 2-the same, 90 w t  % of 
tungsten; 3-the same, 80 wt % of tungsten. 

CONCLUSIOXS 

Ternary tungsten-base alloys with up to  20wt 70 of tantalum and 
rhenium have the highest hardness stability at 1400°C. The hardness of 
these  alloys at 1400°C i s  about 1 / 4  of that at room temperature.  
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REFRACTORY TERNARY ALLOYS OF THE 
TUNGSTEN-MOL Y BDENUM-RHENIUM SYSTEM 

Alloys for service at  1500°C o r  above can be prepared from refractory 
metals only, especially f rom tungsten and molybdenum. However, these 
metals like a l l  their  alloys of commercial  purity have a common drawback: 
they are br i t t le  under certain conditions such a s  after recrystall ization, 
working at elevated temperatures ,  or welding, and at  low temperatures .  
They a r e  thus difficult o r  sometimes even impossible t o  use, for  example, 
fo r  service under conditions of regular variation in temperature and strong 
vibrations. Alloying of tungsten and molybdenum with rhenium eliminates 
this  disadvantage. 

This work is  a continuation of the studies carr ied out for  many years  on 
new alloys containing rhenium. Due to  the large number of investigations 
on phase diagrams 111, new alloys with the required properties can be 
developed. 

Binary tungsten-base alloys with 27 70 rhenium and molybdenum-base 
alloys with 4770rhenium have a high strength at  elevated temperatures ,  
high ductility at low temperatures ,  and can be welded in the recrystall ized 
s ta te  to give a ductile joint. They have been developed by vacuum melting 
( B = 1 5 - 2 5 0 / ) .  

We also believe that some alloys of the tungsten-movbdenum- rhenium 
system should have high strength and high ductility. Therefore,  further 
studies were directed toward developing alloys of this system. 

W e  studied the par t  of the te rnary  W-Mo-Re system with 50 wt 7' of 
rhenium (Figure l a ,  b )  121. The concentration triangle (Figure 1 , b )  shows 
the solubility limits of the te rnary  solid solution of rhenium in tungsten and 
molybdenum at different temperatures ,  and the limit of twinning, which 
includes the region of te rnary  alloys. These alloys, like the binary W-Re, 
Mo-Re, and other alloys, can be deformed not only by s l ip  but a l so  by 
twinning. Deformation by twinning is the result  of the unique favoragle 
influence of rhenium on the ductility of tungsten and molybdenum. The 
reasons for this beneficial influence may also be changes in the s t ructure  
of the oxides, redistribution of oxygen, solubility of intersti t ial  impurit ies,  
and also mechanism of deformation and of the production of deformation 
twins 11-61. 

Studies /7 -10 /  have been carr ied out to  develop alloys with an  optimum 
composition, that is  alloys with the highest mechanical and technological 
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properties and the lowest amount of rhenium (hatched field in Figure 1,b )  
/ I l l .

The purpose of this work was to develop a technique for the production 
of w i r e s  of these alloys, and to investigate the properties of some of these 
w i r e s .  W e  took alloys of the M V R - 2 7 V P  series with 2770 rhenium and 
different molybdenum t o  tungsten ratios (Table 1). 

W Mo 

a 

FIGURE 1. Rheniuin-tungsten-molybdenum system: 

a-diagram of reactions in the system: b-concentration 
triangle with solubility limits of rhenium in tungsten and 
molybdenum at  different temperatures. 

The alloys were prepared by vacuum melting, and a technique has been 
developed for the production of w i r e s  with a diameter of up t o  50 p . 
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Chemical analysis of the alloys showed that the content of the chief 
components var ies  within the permissible l imits of * 3 % .  The contents of 
the chief impurities a r e  (in wt 70): 0.003-0.006N2; 0.028-0.043 0,; 
0.013-0.026 C;  and 0.09-0.019 Cu. 

TABLE 1. Composition of alloys of the MVR-27VP series 
~. 

1 Composition of charge, wt yo 
Alloy 

hlo Re 

hlVR-27VP1 18 27 
hlVR-27VP2 34 21 
MVR- 27VP3 20 53 21  

W e  have studied the mechanical properties of alloys at  room and elevated 
temperatures ,  as well a s  their  physical properties (ductility, e lectr ic  
properties,  and thermal  expansion). 
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FIGURE 2. Influence of the annealing temperature on the me
chanical properties of alloys containing rhenium, tungsten, and 
molybdenum: 

1- VR- 27VP; 2 -MVR- 27VP3: 3- MR-47VP. 

W e  investigated the dependence of the mechanical properties of 0.6
0.05 m m  diameter wire a t  room temperature on the degree of deformation 
(hot and cold) and on the annealing temperature.  The t e rna ry  tungsten
molybdenum- rhenium alloys of the MVR-27VP series are greatly hardened 
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by both cold and hot (400-500°C) working. The strength of an annealed 
alloy is 120- 140 kg/mm2 and its  elongation 6 =  20%.  After a deformation 
of 50-7070 the strength of the same alloy increases  to 200kg/mm2, and 
after a deformation of 98-9970 (diameter of the wire 50-60 p )  the strength 
increases  to 380-400kg/mm2, i.  e., it increases to  three t imes that of the 
annealed wire.  However, even after this amount of working the te rnary  
tungsten-molybdenum-rhenium alloys containing 27  70 Re a r e  sufficiently 
ductile and machinable to be rolled into a s t r ip  with a ra t io  of s ides  of 
1:10and athickness of less  than 10  k ,  which means that the technological 
properties of this alloy a r e  not inferior to those of binary molybdenum-
base alloys with 47 % rhenium. 
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FIGURE 3. Influence of testing temperature on the mechanical propertiesof wrought alloys 
of rhenium containing tungsten and molybdenum: 

1- VP- 27VPI 2-MVR-27 VP3; 3- MVR- 27VP2; 4-MR- 47VP. 

The influence of the annealing temperature on the mechanical properties 
of ternary alloys has been investigated. Figure 2 shows the mechanical 
properties of one of the ternary alloys MVR-27VP3 which has the highest 
content of molybdenum (5370 molybdenum, 20% tungsten), and the properties 
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of MR-47VP and VR-27VP binary alloys. It can be seen that annealing at  
temperatures  corresponding to  the beginning of recrystallization produces 
the lowest strength and the highest ductility. 

The strength of alloys of the te rnary  MVR-27VP se r i e s  is intermediate 
between that of binary rhenium- molybdenum alloys and rhenium-tungsten 
alloys, but their  ductility is closer  t o  that of the highly ductile MR-47VP 
alloy. 

TABLE 2. Some physical properties of alloys of rhenium with tungsten and molybdenum 

zoefficient 
Elasticity Shear mo- Poisson's of linear 

Metal modulus, E :  dulus, G ,  ratio, w expansion, 
kg/mm2 kg/mm2 ut.106, 

I 
Tungsten. . . . . . . . . . . .  
Rhenium . . . . . . . . . . . .  
Molybdenum . . . . . . . . .  
VR-27VP. . . . . . . . . . . .  
MR-47VP . . . . . . . . . . .  
MVR-27VP1. . . . . . . . . .  
MVR-27VP2.. . . . . . . . .  
MVR-27VP3. . . . . . . . . .  

I 

E c 60 

l /degree C 

40,800 16,000 0.28 4.3 
46,900 17,900 0.31 7.7 
32,200 12,300 0.35 5.6 
41,600 16,200 0.29 5.4 
36,400 - - 6.4 
37,100 - - 5.4 
37,500-

13,600 
-

0.33 
-

5.7 
6.1 

Temperature 
coefficient of 
electric resis
tivity, ap.  i o 3 ,  

l /degree C 

5.77 
3.3 
5.15 
1. l o  
1.7 

1.21 
1.88 
1.71 

FIGURE 4. Influence of temperature on the electric resistivity 
of alloys of rhenium containing tungsten and molybdenum. 

The mechanical properties of l o o p  diameter  strained wire  of binary and 
te rnary  alloys at  elevated (up to  16OO0C)temperatures  were studied by 
Amosov and Sokolova, who used an apparatus designed by NIKIMP with a 
tungsten heater .  The vacuum was about Hg and the specimens 
were loaded gradually to  determine ultimate strength, ductility, and 
elongation (Figure 3).  

Figure 3 shows that the strength of the alloys changes little up to  800°C. 
A considerable drop in strength takes place at 800- 1400"C, and then the 
strength decreases  slowly above 1400°C. A considerable increase in 
ductility begins above 1000°C. Ternary alloys with 2770 rhenium have a 
high strength at a l l  temperatures  up to  1600°C = 10-17kg/mm2). 

I 
I 1  111 111 1111 I1 



At these temperatures  the elongation is 20-257'0, which is relatively 
low, and equal to  the elongation of the annealed alloys at room temperature.  
The high strength and low elongation make these alloys suitable for service 
at the above temperature range. 

The ultimate strength is somewhat lower and the elongation slightly 
higher than those of binary and some ternary alloys of rhenium containing 
tungsten and molybdenum / 7 ,  9 / .  These discrepancies may be due to 
differences in shape, treatment,  and initial s ta tes  of the specimens, and 
also t o  possible differences in the testing conditions, since the loading of 
the specimens was carr ied out by various methods, and in this work was 
slower . 

Other properties of these alloys (shear modulus and elasticity modulus ) 
at room temperatures were determined by Fedotov, who used strained and 
annealed cast  specimens 4 m m  in diameter and 60- 110 mm in length, and 
the method of measuring the frequency of longitudinal, t ransverse,  and 
torsional vibrations (Table 2 ) .  The properties of binary and te rnary  alloys, 
and also of the pure initial metals,  were investigated. The elasticity 
modulus of binary alloys containing rhenium is higher than that of pure 
tungsten and molybdenum, but the elasticity modulus of te rnary  tungsten
molybdenum- rhenium alloys occupies an intermediate position between 
that of the tungsten- molybdenum and molybdenum- rhenium binary alloys. 
These alloys can be used for elastic components operating at elevated 
temperatures .  

The average coefficient of l inear expansion (Table 2 )  was found at  the 
temperature range of 100 to 900°C with specimens 4 m m  in diameter and 
1.5- 1.7 mm in length. The measurements were carr ied out in a vacuum 
dilatometer.  All  binary and te rnary  alloys investigated have a coefficient 
of thermal expansion close to  that of molybdenum, and can be classified a s  
a single group with an average coefficient of l inear expansion of 5.7 rt* 0.3. l / d e g r e e  C. 

We found that the coefficient of linear expansion of rhenium is equal to  
7.7. l / d e g r e e  C, which is somewhat higher than that given in the 
l i terature  (6.7.  l /degree  C).  Since the l i terature  data a r e  related t o  
cermet  mater ia ls ,  and our studies were carr ied out with cast  rhenium, it 
can be assumed that our resul ts  a r e  more  reliable.  

The electric resist ivity of the alloys was measured over a range of 
temperatures  of f rom 2 0  to 1000°C, with a potentiometer. The specimens 
were made of annealed wire 0.3-0.6" in diameter (Figure 4, s e e  Table2) .  
The resist ivity of a l l  the alloys studied is higher than that of tungsten and 
molybdenum, and about the same  or higher than that of rhenium. The 
electr ic  resist ivity increases  almost linearly with increase in temperature .  
The average temperature  coefficient of the electr ic  resist ivity of alloys is 
1 1-3 to  -2 of that of pure metals .  Fo r  tungsten-rich alloys this  coefficient is 

less  (1.1-l .2.10-3 l /degree  C )  than for binary and te rnary  molybdenum-
rich alloys (1.7-1.9. l /degree  C. The low temperature  coefficient of 
e lectr ic  resist ivity indicates that the alloys a r e  res is tant  to combustion 
when used a s  heating components. 
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CONCLUSIONS 

We developed a new group of te rnary  tungsten-molybdenum-rhenium 
alloys containing 27 7' rhenium and different tungsten to  molybdenum rat ios  
(18-5570). The new alloys of the MVR-27VP series are as readily workable 
as binary tungsten- rhenium and molybdenum- rhenium alloys. They have 
the  s a m e  high strength at room and elevated temperatures characterist ic of 
binary alloys. They also have a high ductility like binary molybdenum-
rhenium alloys, a low temperature coefficient of expansion and of e lectr ic  
resistivity, and a high modulus of elasticity. The amount of rhenium in 
these alloys is 6370 of that in binary MR-47VP alloys. 

These alloys can be employed in some fields of modern industry at 
elevated temperatures and with high loads. 
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THE DUCTILITY OF TUNGSTEN 

Until recently the ductility of tungsten was studied mainly in tests on 
wire  for tension and sp i r a l  winding. However, unsatisfactory ductility of 

5439 88 



the metal  during the intermediate stages of production can apparently lead 
t o  defects which impair the quality of the final product. 

Rotation forging of VA tungsten rods leads to  the formation of small 
t ransverse cracks on the surface of 10" diameter rods.  The Moscow 
electric lamp plant carr ied out several  studies to  determine the cause of 
this cracking. They investigated, f irst ly,  the influence of the composition 
of the protective atmosphere in the furnace, and found that i f  hydrogen is 
substituted by other protective media (carbon-containing atmosphere, 
nitrogen, argon, gas  forming) there  i s  a decrease in the number of cracks,  
but none of these media completely prevents their  formation. Secondly, 
the influence of temperature was studied, and it was found that a decrease 
in the temperature of forging of the s labs  t o  13OO0C, and an increase in the 
reduction per  pass a t  constant temperature,  improve the quality of the 
surface of tungsten rods.  A further decrease in the temperature  of forging 
leads t o  lamination of the material .  An increase in temperature,  however, 
increases  the amount of surface cracks.  To avoid surface cracks by 
reducing the forging temperature  or by increasing the reduction per  pass  
is a rather dangerous method, since it can lead t o  overworking of the metal. 

The purpose of this investigation was to  determine the influence of the 
process  of rotation forging on the ductility of tungsten. We used slabs with 
a c r o s s  section of 1 1 X  11 mm, and rods with a diameter of 10, 5.6, and 
3 mm, forged under different conditions. 

The slabs were forged to a diameter of 6 m m  on rotation forging 
machines, and were heated in an electric resistance furnace in an 
atmosphere of hydrogen at  1450°C. The specimens were reduced in 
diameter to 2.75 m m  with heating in gas furnaces at  1400--1300°C. The 
temperature of forging w a s  gradually reduced a s  the diameter of the 
specimens became smaller t o  avoid recrystallization of the metal. 

To homogenize the s t ructure  and relieve internal s t r e s s e s ,  1 0  m m  
diameter rods w e r e  subjected to recrystallization annealing at  2200°C. 

Several studies were ca r r i ed  out t o  determine the ductility of metals 
at  elevated temperatures.  

It is w e l l  known that the testing conditions should be a s  close a s  possible 
to  the process of deformation of the metal  in industry /1-3 / .  However, 
because of the complex s t r e s s e s  induced during rotation forging it is difficult 
t o  choose a method which will exactly simulate the process  of forging, and 
therefore to  obtain reliable resul ts  we decided to apply several  different 
testing methods and determine the ductility under different s t r e s s e s .  

Since the surface finish greatly influences the ductility of rods during 
rotation forging, all o u r  specimens had nonmachined surfaces .  

F o r  o u r  tes ts  we used the following methods: flattening, bending, 
stretching, and torsion. 

The flattening was carr ied out on a 100-ton crank p res s .  The average 
r a t e  of deformation was about losec- ' ,  and the specimens w e r e  heated in 
an  electric resistance furnace in an atmosphere of alcohol vapor. The 
blanks w e r e  made of 10  and 6mm diameter w i r e  and had rounded 
edges to  reduce the stress concentration at the edges. The tests were  
carr ied out at  temperatures of f rom 1000 to 1500°C, and the ductility was 
evaluated from the degree of deformation needed until the appearance of 
the first crack.  

It has been experimentally found that over the range of testing temper
atures ,  the ductility of rods forged at 1300°C to  a reduction th ree  t imes  
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that produced by accepted techniques i s  higher than the ductility of rods 
forged by other processes .  The ductility of rods forged by all  techniques 
increases  with increase in temperature.  

The ductility of the slabs was higher than that of 1 0  mm diameter rods.  
This w.ay be because when testing slabs we did not take into account the 
cracks formed as a result of the concentration of s t r e s ses  a t  the edges of 
the blanks. No such cracks were found on the forged rods.  

No  cracks were found on flattened rods 3 and 5.6 mm in diameter forged 
over the temperature  range of 800-l50O0C, even at a 9570 reduction. 

The bending tes t s  w e r e  a l so  car r ied  out on the crank p res s  with a special 
device. The average ra te  of deformation was about 2 sec-’. 

The middle part of a specimen 75 mm in length was treated by a mixture 
of aluminum oxide and kaolin. This material  is an additional protection 
against oxidation if the specimen is heated in a furnace in a protective 
atmosphere.  However, the main task of this mater ia l  is to  protect the 
specimen against rapid cooling during tes t s  in the a i r .  The specimen was 
placed on supports which could move along guides and be fastened by screws 
in the required position. 

The deformation was car r ied  out by a cutter with a radius of the champer 
of 2”. The degree of deformation can be varied by changing the length 
of the connecting rods and the distance between the supports. 

As  in the above case the ductility was determined from the degree of 
deformation needed for the formation of the f i rs t  crack. The degree of 
deformation was calculated from the external stretched fiber starting from 
the radius of its maximum curvature. The experimental resul ts  shown in 
Figure 1 indicate that the ductility of 10” diameter rods considerably 
increased f rom 1300°C for all  batches except that treated by the accepted 
technical process.  The ductility of the specimens of this batch was little 
dependent on temperature.  

TPC 

FIGURE 1. Dependence of the ductiliry of lOmm diameter 
rods and of slabs on the temperature of bending tests: 

1-forging by an  accepted industrial process; Z-temper
amre  of forging 16OO0C,reduction by an accepted industrial 
process: 3-temperature of forging 1300°C;4-1450°C, 
increased reduction; 5--1600”C,increased reduction; 6
16OO0C,increased reduction: 7- slabs. 
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The course of the curves over the range of temperatures  1000- 1300°C 
indicates that the rods forged to considerable reductions have a ductility 
lower than that of rods forged t o  ordinary reductions accepted in the existing 
technical process.  

If the temperature is  increased from 1300 to 1500°C the ductility of rods 
reduced by the accepted process i s  equal to that of rods with a reduction 
three  t imes a s  great.  

It was impossible to  determine the dependence of the ductility during 
bending on temperature for  specimens 3 and 5.6" in diameter,  since even 
at  the greatest  bending angles no cracks were noticed at 800- 1300°C. 

The tensile tes t s  on specimens 3 and 5.6 mm in diameter were carr ied 
out at 1000--1300°C on a P-5 machine at a ra te  of deformation of 0.02 sec-' .  
Specimens 250" in length were heated in an electric res is tance furnace in 
an atmosphere of argon. The calculated length of the specimen w a s  40". 
A l l  specimens exhibited a ductile manner of failure and clearly marked 
necking. The ductility of the metal increased gradually with increase in 
temperature.  F rom this point of view the most character is t ic  measure is  
the constriction. Because of the greatly limited zone of deformation, the 
elongation does not give a correct  picture of ductility. The elongation does 
not change appreciably over the range of temperatures f rom 1000 to  13OO0C, 

FIGURE 2. Dependence of the duc
tility of 5.6 mm diameter rods on the 
temperature during torsion tests: 

1-forging by an accepted industrial 
process; 2-temperature of forging 
1450"C, reduction trebled; 3-tem
perature of forging 1600"C, reduction 
by an accepted industrial process; 
4-16OO0C, reduction doubled; 5
13OO0C, reduction by an accepted 
industrial process; 6-13OO0C, reduc
tion trebled. 

and according to the data of elongation tes t s  
there  is  no great difference between the 
properties of rods forged by different industrial 
processes .  

Over the whole range of temperatures  rods 
with a diameter of 3 mm a r e  somewhat s t ronger  
than those with a diameter of 5.6". At  the 
upper limit of the temperature range the 
differences a r e  ra ther  smaller  than at the 
lower limit. 

The torsion tes ts  were carr ied out on an 
experimental machine of the K-50 type at a 
ra te  of deformation of 0.002 sec- ' ,  and in an 
atmosphere of argon. The calculated length 
of the specimen was 40". Rods 5.6" in 
diameter forged to  a reduction according t o  
the accepted industrial process  have a much 
higher ductility than rods forged to  a reduction 
three t imes a s  great .  This difference i s  
especially great at 1000--1100°C (see Figure 2 ) .  
The most ductile rods were those forged at 
16OO0C, including those with a normal  reduc
tion and with a reduction three t imes as  great .  

A s  the testing temperature  was increased, 
the ductility of rods forged according to  the 
accepted industrial process  decreased to 
- _ -I of the initial. 
3 2 

An exception was a batch of rods forged at 
1450°C to  an increased reduction. In this case  
the ductility was low, and was almost 
uninfluenced by temperature .  
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Rods 3 m m  in diameter a lso a r e  very ductile if forged according to  the 
accepted industrial process.  When the testing temperature was increased, 
the ductility a lso dropped although not s o  much as that of the rods 5.6 m m  in 
diameter.  The ductility remains almost constant over the temperature 
range of 1100--1300°C. 

To study the influence of s t r e s s e s  induced by forging on the ductility, 
the specimens were forged in dies of different shapes.  

According t o  Osipov 14, 5/  oval external gauges a r e  the most favorable 
for sma l l  deformations. However, after the f i r s t  blow expansion takes 
place along the horizontal axis and the spherical  blank becomes oval. The 
radius of the external surface of  the oval blank along the horizontal axis will 
be sma l l e r  than the radius of the gauge, and after turning over the deforma
tion will be s imilar  to that induced by forging with flat hammers.  Therefore, 
the oval gauge is not the best .  

W e  should like to  point out another change in the s t ressed state taking 
place during forging to  great reductions. If specimens a r e  forged by flat 
hammers,  they are subjected to  the same tensile s t r e s ses  along the vertical 
axis .  At large deformations, when the contact zone between the hammer 
and blank is determined by a surface and not by a line along the axis of the 
blank, a redistribution of s t r e s ses  takes place in zones close to the contact 
surface,  and the tensile s t r e s ses  a r e  converted into compressive. The 
s a m e  takes place during forging in angular dies. Here, at large deforma 
tions the tensile tangential s t r e s s e s  a r e  appreciably smaller ,  and a r e  not 
s o  dangerous from the point of view of reduced ductility. 

This analysis indicates that forging brit t le refractory metals and alloys 
on rotation forging machines with four dies or in angular dies gives the 
best  results f rom the point of view of the influence of tensile s t r e s ses .  
The drawbackof this type of deformation is that elastic zones exist in the 
center of the blank and that the stretching at  the center of the blank under 
the influence of the peripheral layers  leads to  the induction of tensile 
stresses along the axis of the blank. However, these are not very dangerous 
if the mater ia l  has a certain ductility. 

From the above considerations on the influence of s t r e s s e s  on ductility, 
square dies instead of oval ones for rotation forging of tungsten will 
considerably increase the ductility of the metal. 

To  evaluate the influence of s t r e s ses  during rotation forging of VA 
tungsten, the following se r i e s  of experiments was carr ied out. Slabs 
11.5X 11.5 mm in c ros s  section were forged on a rotation forging machine 
in oval dies t o  obtain approximately octahedral c r o s s  sections with an 
11.5" diameter.  The blanks were heated in an electric furnace to 1450°C 
in an atmosphere of hydrogen. The forging was then continued in dies with 
a square c r o s s  section until a rod with a 10" diameter was obtained. In 
this way s ix  slabs were forged from two batches of the metal. F o r  
comparison s ix  other slabs f rom the same batches were forged to  a 10" 
diameter under the conditions of an ordinary process with oval dies.  

The ductilities of rods forged by the different processes were compared 
by bending t e s t s  at 1200°C according to the  method described above, and 
the following results were obtained. For specimens of the two batches 
forged by an ordinary industrial process the degree of deformation of the 
external fiber which produced the first  crack was 29 .4  and 38 .4%,  
respectively. The rods of these two batches which had been forged in 
square dies showed a deformation of 55 and 71.50/0, respectively. 
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Thus, a s  expected from theoretical considerations, rods forged in 
square dies w e r e  much more ductile than those forged in ordinary oval dies.  
Only round rods or those s imilar  in shape can be forged in square dies.  
Consequently, the metal  must be forged seve ra l  t imes in oval dies before 
forging in square dies.  

CONCLUSIONS 

It  has been experimentally shown that torsion under conditions when the 
tangential stresses a r e  equal t o  or close to normal  s t r e s s e s  have the 
greatest  influence on the ductility of tungsten. 

Torsion tests on rods 3 and 5.6 m m  in diameter showed that the ductility 
of the metal  decreases  with the increase in the testing temperature.  At low 
forging temperatures  and high reductions the ductility is lower than under 
conditions of normal temperatures and reductions. 

Static tensile t e s t s  showed that there  a r e  no great differences between 
the properties of rods forged by different methods. 

Flattening tes ts  could be carr ied out only i f  the diameter of the rod was 
not less than lOmm, since the ductility of thinner rods was so high that no 
c racks  w e r e  formed even after the highest degrees of deformation. For  
the s a m e  reasons,  rods used for bending t e s t s  must not be thinner than 
1 0  mm.  Bending tes ts  showed that the ductility increases with the increase 
in the testing temperature.  The ductility of 10" diameter rods which 
had been forged by the usual process was higher than that of specimens 
with a higher reduction. Increase in the forging temperature to  1600°C 
under conditions of normal reduction also ensures  good ductility. If the 
forging temperature is reduced to  1300°C the ductility decreases  also.  

The tes t  resul ts  a lso indicate that there  is no direct relationship between 
the number of surface cracks on the rods and the ductility and strength of 
the metal .  

Comparative studies on the ductility of rods forged by the ordinary 
process  and in square dies showed that the latter have a much higher 
ductility. 
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V .  G. Osipov, E .  V .  Ushakov, E .  K. Drobyslieva, 
V .  I .  Kashin, and G. Kh. Vasyukov 

FORGING TUNGSTEN PRODUCED BY ARC MELTING 

Tungsten obtained by vacuum a r c  melting cannot be shaped by ordinary 
methods of forging because of its bri t t leness.  P r e s s  forming cast  tungsten 
is also difficult. 

The ductility of the metal during p res s  forming can be appreciably 
increased by increasing the hydrostatic compression and the uniformity of 
deformation / 1- 3 / .  On this assumption a method of forging has been 
developed which ensures that the above conditions a r e  fulfilled. It is based 
on the method of forging highly alloyed steels suggested by Prozorov 141. 

Tungsten ingots produced from slabs of 99.970 purity were forged. The 
ingots were melted in a vacuum a r c  furnace (AC) with a 50" diameter 
crystall izer.  

Before the ingots were forged they were machined t o  a diameter of 
45 mm, which freed them completely from surface defects. 

Ingot Thermal insulation 
__. 

FIGURE 1. Forging tungsten ingots FIGURE 2 .  Tungsten ingot in a 1Kh18N9T steel ring. 
in a die: 

1-ingot; 2-ring: 3-thermal in
sulation; 4-ring cover: 5-die; 
6-punch. 
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The cast  tungsten was forged on the machine shown in Figure 1. The 
ingot was placed into ring 2 made of 1Kh18N9T stainless s teel .  To slow 
down the cooling of the ingot the clearing between the ingot and the ring 
(2- 3 m m )  was filled with a mixture of aluminum oxide and kaolin. The 
thick bottom part  of the jacket was used as  a support. The thickness of the 
bottom should be approximately equal t o  the diameter of the ingot. 

The ingot welded in the ring was heated to  a temperature of 1300"C, and 
then placed into a conical die 5. The angle of taper a was 3 - 5 T .  A s  the 
angle a was increased the s t r e s ses  induced by the nonuniform compression 
at  all  s ides  increased, and the ductility of the metal  improved. The forma
tion was carr ied out with a punch 6 and a pneumatic hammer.  

A further deformation w a s  carr ied out after the ingot had been heated in 
another conical die with a smaller  diameter but the same angle of taper .  
To obtain the necessary degree of deformation 3-4 dies were changed in 
succession. After the ingot had been elongated by 60-700/0, it was further 
forged in ordinary die without taking it out of the ring into which it had 
been welded. The ring was removed by etching in a mixture of hydro
chloric and ni t r ic  acids. 

By the above method of forging, deformations of up to  70% can be 
obtained without any crack formation. The forging took place over the 
range of 1300-1000°C. 

Tungsten sheet was produced by upsetting in 1KhlON9T steel  rings. Kick 
/1 /  was the first  to recommend upsetting materials of low ductility in rings. 
A ring with a welded ingot is shown in Figure 2 .  Photographs of macro-
structures  a r e  given in Figure 3. The forging was carr ied out under 
pneumatic hammers with flat heads at a temperature of 1200--1300°C. 
After a deformation of 130-7070 the ingots were rolled in rings. Before 
the mater ia l  was rolled it was heated in an electr ic  furnace to  1250°C. The 
rolling in rings was carried out to a thickness of 4". The rings were 
etched away in a mixture of nitric and hydrochloric acids, and the tungsten 
was further rolled to  1mm thick sheet. 

FIGURE 3. Macrostructure of deformed ingots: 

1-after forging in dies: b-after upsetring. 
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Specimens (5X 1 X 60") fo r  bending tes ts  w e r e  cut out of the 1m m  
thick sheet for determining the ductile-brittle transition temperature.  
Before the test the specimens were cleaned and electrolytically polished in 
a 10% solution of KOH at a current  density of 1.5 amp/cm2. Electro
polishing removed a layer of metal  0.05 m m  thick from each side.  

The specimens were tested in the following three states:  a )  after 
rolling; b )  after annealing at  900°C for 1 h r  (to relieve s t r e s ses ) ;  and 
c )  	after recrystallization annealing at 1350°C for 1 h r .  

The bending t e s t s  were carr ied out on a crank p res s  by means of a 
device described in 151. 

CONCLUSIONS 

It has been experimentally found that the cri t ical  ductile-brittle 
transit ion temperature for recrystall ized tungsten is about 500°C. F o r  
deformed tungsten this temperature is 150°C and for tungsten annealed at 
900°C t o  relieve stresses, it is also 150°C. 

To determine the influence of the surface finish on the ductile-brittle 
transit ion temperature,  some of the specimens w e r e  electrolytically 
polished. The tes ts  carr ied out at  200°C showed that electrolytically 
polished specimens have an appreciably higher ductility. It has been proved 
that tungsten produced by a r c  melting can be forged in rings by a hammer 
at 1200--1300°C. The sheet has a satisfactory ductility. This has been 
confirmed by a bending t e s t .  
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L. I .  Ivanov, E .  A. Abranzyan, and V .A.  Yanushkevich 

NATURE OF HIGH- TEMPERATURE CREEP OF 
REFRACTORY METALS AND ALLOYS 

It has been found 11, 2 /  that the rate  of high-temperature creep of body-
centered metals with a high dislocation energy can be written a s :  

where z is the tangential s t r e s s ;  u is the normal s t r e s s  acting in the s l ip  
plane of dislocations; 9 is a coefficient representing the r e a l  shape of the 
dislocation loop, = 1; 1 is the coefficient of screening of the elastic fields 
of dislocations by the boundaries of the subgrains; is the shear  modulus; 
b is Burgers vector; (3 is the activation energy of self-diffusion 

2nh = -~0.8-1.3,
In r l R  

where R i s  the average distance between the dislocations in body-centered 
cubic metals during creep;  r = b .  

This equation is based on the assumption that high-temperature creep 
is completely controlled by the rate  of diffusion of vacancies. 

3t

-W 
M 

log d f E  

FIGURE 1. Dependence of log 
D 

on (31 go-21 g E )  
for tantalum: 

1-normal stresses 44, 130, 236 kg/nim2, temperature 
1690°C; 2-normal stresses 11, 22, 44, 70, temper
anire 2080°C; 3-normal stresses 15, 22, 44, temper
ature 239OoC; 4-normal stresses 2.4, 2.87, 15, tem
perature 263OOC. 

If the concentration of thresholds on the edge dislocations is insufficient, 
the shift of blocked dislocations and therefore the process of steady-state 
creep w i l l  be represented by the formula: 
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where ,fi is a coefficient with the same dimensions a s  Do, p is the concentra
tion of t he rma l  thresholds ; Q1approximately corresponds to  the activation 
energy of self-diffusion. 

F r o m  the above equation of the steady-state high-temperature c reep  it 
follows that: 

1) the r a t e  of steady-state c reep  of body-centered metals does not 
depend on their  initial s t ructure  at temperatures close t o  the melting point; 

2 )  the r a t e  of steady-state creep in these metals is strongly influenced 
by the coefficient of screening q, which is associated with the s ta te  of the 
boundaries of subgrains and of grains in the metal;  

3 )  the relationship between the creep ra te  and s t r e s s e s  is  governed by 
a formula with an exponent equal to  - 3; 

4) the c reep  r a t e  depends on the concentration of thermal thresholds, 
It has been experimentally shown that the above equations can be used 

to  determine the high-temperature creep of pure body-centered metals 
1 2 ,  3 1 .  

Figure 1 shows the ra tes  of the steady-state creep of pure tantalum 
experimentally obtained by Green /4/ for a temperature range of 0.6-0.8 T , .  
To calculate these ra tes  Green used  formula (1). The theoretical  and 
calculated rates agree well. Similar resul ts  were obtained for the creep 
of iodide p-titanium over a temperature range of 0.5-0.8 T, 1 5 1 .  For a l l  
these metals the activation energy of the steady-state c reep  does not 
depend on the applied s t r e s s  but corresponds to  the activation energy of 
self-diffusion over the same  temperature range. If we calculate the 
coefficients of screening from these experimental data, w e  can see that 
for a l l  the metals investigated these coefficients a r e  equal to -0.3. * The 
coefficients of screening for various metals and the alloys (a-solid 
solutions) Fe-A1 a r e  given below 1 6 1 .  

Metal p -Zr T a  Nb Fe-A1 a-solid solution 

11 0.24 0.35 0.28 0.2 

These coefficients of screening a r e  close to  s imilar  coefficients 
calculated theoretically 171. 

We have already shown / 3/ that contaminated metals have appreciably 
lower ra tes  of high-temperature creep. The exponent, however, increases 
with the s t r e s s  applied. This is proof of the influence of the applied 
s t r e s s e s  on the screening ability of the boundaries of grains and subgrains. 
The increase in q in contaminated metals,  which leads to  decrease in v ,  
is due to  the influence of intersti t ial  phases, and the decrease in q with 
increase in s t r e s s e s  is caused by a partial  dissolution of these phases in 
the matrix.  

The dependence of q on the s t r e s s e s  in contaminated metals is one of 
the reasons for  the close exponential dependence of the rate of steady-state 
c reep  on s t r e s s e s .  This was confirmed experimentally during an investiga
tion on the creep of commercial  metals with a body-centered lattice 1 8 ,  91. 

Let us  now see  how b2T influences the rate  of steady-state creep of 
body-centered metals.  It has been found /1 ,10/  that i f  we take into account 
the temperature dependence of the shear modulus in the equation for creep, 
we shal l  obtain somewhat smaller  values for the activation energy of creep. 

* The coefficient was calculated assuming that *==I and ?.=I 
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However, these changes are usually small .  Thus, it has been found that 
if w e  consider the temperature dependence of the shear modulus, the 
activation energy of the steady-state creep of tantalum decreases  by- 6 kcal/g.  atom (570 of the determined activation energy of creep)  141 .  
The empirical  equation of Sherby 1111 was used for these calculations. If 
we assume that equation (1) is correct,  the influence of the temperature 
dependence of the shear  modulus on the activation energy of creep for  P-Zr  
is even smaller  / 11. Thus, this product has little influence on the temperature 
dependence of the rate  of steady-state creep. The absolute magnitudes for 
various metals and alloys (substitutional solid solutions) a r e  very close t o  
one another. This is confirmed by the table, which gives the calculated 
product p2T at two homologous temperatures.  

For  these calculations the data on the shear modulus for Kb and Fe-A1 
obtained by the authors w e r e  used, and l i terature data for Mo and Ta. 

Consequently, for the same s t r e s ses ,  the pre-exponential t e r m s  for 
body-centered metals and for their  solutions differ only in the magnitude 

3 -10gB 

FeAlt13.3) 

FIGURE 2. Dependence of the pre-expo
nential term B i n  the empirical equations 
of the creep of body-centered cubic metals 
and alloys on the melting point (the mag

nitude of QCreep =Qself-diffusion for T i  
and Zr were taken at  Ts). 

of Do. This can be illustrated by the 
dependence of the creep r a t e  of body-
centered cubic metals and of their alloys 
on their  melting point. 

It i s  w e l l  known 112, 131 that the 
coefficients of self-diffusion of these 
metals and alloys at  the melting point 
a r e  almost the same.  Therefore, f rom 
the above analysis it can be assumed 
that the rates  of steady-state creep w i l l  
be the same for different metals and 
alloys at temperatures close to the 
melting point and under the same s t r e s ses .  

Figure 2 shows the dependence of the 
logarithm of the pre-exponential t e r m  on 
Q / T s ,  where Q is the activation energy 
of the steady-state creep; T,is the melting 
point. 

The experimental points lie on the 
curve with a slope of -0 .28  instead of 
o * 2 2  ('IR) J i. e.' l/R. 

These differences can be explained by 
the scattering of the experimental 
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pre-exponential terms in the e q u a t i o n  of c r e e p .  From this r e l a t i o n s h i p  t h e  
f o l l o w i n g  e q u a t i o n  f o r  t h e  creep rate c a n  b e  w r i t t e n :  

w h e r e  y is g i v e n  in [ l / s e c ] ;  Q is [ k c a l / m o l e ] ;  a n d  t is [ k g / c m 2 ] .  
The correctness of t h i s  e q u a t i o n  is c o n f i r m e d  by t h e  e x p e r i m e n t a l  d a t a  

on t h e  rate of t h e  s t e a d y - s t a t e  creep of some a l l o y s ,  N b - T i  a n d  Nb-W,  :: 
at temperatures a b o v e  0.5 Tmp. 

T h e  d a t a  on t h e  rate of t h e  s t e a d y - s t a t e  c r e e p  agree w e l l  w i t h  those 
c a l c u l a t e d  f r o m  e q u a t i o n  (3 ) .  

A n  analysis of t h e  theoretical e q u a t i o n  of c r e e p  of b o d y - c e n t e r e d  c u b i c  
metals ( 2 )  s h o w s  t h a t  it is p o s s i b l e  to  c a l c u l a t e  t h e o r e t i c a l l y  t h e  rate of 
s t e a d y - s t a t e  c r e e p  of metals a n d  alloys f r o m  t h e i r  m e l t i n g  p o i n t s .  
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A .  F. Orlov 

CREEP OF NIOBIUM UNDER HIGH STRESSES 

The creep of a number of metals and alloys with a face-centered cubic 
lattice at relatively low temperatures and under high s t r e s s e s  has  been 
studied in 11-31. It has been found that under high s t r e s s e s  the activation 
energy of creep decreases  at f i r s t  almost linearly with increase in s t r e s s  
until it reaches a constant value, and it i s  then no longer influenced by the 
s t r e s s .  A quantitative determination of this relationship for A l ,  Pt,Ni, 
and Ni-CU alloys has shown /4 /  that in this region the activation energy of 
creep i s  determined, after reaching a constant value, by the energy of 
migration of mobile point defects in the crystal  lattice. The purpose of this 
work is to determine the characterist ics of the c reep  of niobium under high 
s t r e s s e s  and to  find whether the above assumptions are also t rue  for metals 
with a body-centered lattice. 

F o r  o u r  investigations we took sintered niobium, which w a s  remelted in 
a vacuum a r c  furnace. The contents of the main impurities (in wt 70)w e r e  
a s  follows: Ta, 0.21;  Ti, 0 .09;  Si, 0.08; and Fe,  0.09. The rods w e r e  
melted and then reduced in diameter from 34 to 8 m m  by forging. They 
were then machined into specimens and thus the external oxidized layer of 
the metal removed. One batch of specimens was tested directly, and the 
other batch vacuum annealed for 10  h r  at 1400'C. 

FIGURE 1. Dependcnce of the creep rate of annealed (a) and deformed (b) niobium 
on tcinperarure under different stresses: 

1-21.01ig/inin2; 2-29.0; 3-33.6; 4-33.6; 5-42.4; 6-51.4; 7-56.3: 8-64.0. 
Letters a-k are the serial numbers of tests on the same specimen. 

- The t e s t s  were carr ied out on a VPM-S2 machine / 6 /  in a vacuum of 
Hg under constant s t r e s s .  The creep of the annealed niobium 

was studied over a temperature range of 700- 1 O O O " C ,  under s t r e s s e s  of 
21 .0  t o  33.6 kg/mm2. If a s t r e s s  of 33.6 kg/mm2 was rapidly applied the 
specimens failed at  a temperature close to room. However, it was found 
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that slow loading (the s t resses  were increased at an average r a t e  of 
0.25 kg/mm2 over 1h r )  accompanied by periodic short  annealing at  about 
3OO0C led to partial  strengthening of the specimens, which withstood the 
maximum load at creep-test  temperatures for  a prolonged period. Creep 
tes t s  under higher s t r e s s e s  (up to  64 kg/mm2) were carr ied out on deformed 
specimens over a temperature range of 550- 900°C. 

The resul ts  of the tes ts  a r e  given in Figures 1, a and b as the 
relationship between the logarithm of creep rate  and the reciprocal of 
temperature for the steady-state creep of annealed and deformed Nb.  F o r  
annealed niobium the slopes of the straight lines decrease monotonously 
with increase in s t r e s s ,  which corresponds to a decrease in the activation 
energy of creep.  In the case of deformed niobium this relationship is found 
up to  a s t r e s s  of 56.3 kg/mm2, but with further increase in s t r e s s  the slopes 
remain constant within the limits of experimental e r r o r .  The magnitudes 
of the activation energy of creep and of the pre-exponential t e r m  given in 
the table were found from the formula: 

e = A exp (- Q/RT),  (11 

where E is  the steady-state creep ra te  in 7 0 .  min-'; Q is the activation 
energy of creep in cal /g .a tom; R is the gas constant; T is  the temperature,  
OK. 

Magnitudes of the acrivarion energy of creep and of the pre-exponential term 

State u ,  kg/mm2 Q, kcal/g.atom 1nA 

Annealed niobium. ... . . 21.0, 29.0, 33.6 102.0, 85.7, 74.8 36.5, 32.8, 30.9 
Deformed niobium. . . . .. 33.6, 42-4, 51.4 72.3, 63.5, 53.4 24.5,'22.5, 21.6 

56.3, 64.0 53.7, 53.1 21.0, 23.5 
I 

* Not annealed during tests (see below). 

It i s  interesting to note that at  a s t r e s s  of 33.6 kg/mm2 the activation 
energy of creep of annealed and deformed niobium a r e  about the same, but 
the creep rates  at different temperatures differ by almost two orders  of 
magnitude. We were unable to  determine whether the activation energy of 
creep for  annealed and deformed niobium agree at other s t r e s s e s  also.  As 
we have already mentioned, annealed specimens of niobium fail even at 
room temperature under higher s t r e s s e s .  On the other hand, under 
relatively low s t r e s s e s  any noticeable creep rate  of deformed specimens 
takes place at  elevated temperatures close to  the recrystallization point. 
The nature of the variation in the creep ra te  of one deformed niobium 
specimen during thermal  cycling (experimental points for u =  33.6 kg/mm2 
on Figure 1 , b )  apparently indicates that a softening of the deformed 
specimens takes place during the steady- state  c reep  at these temperatures .  
In this experiment the total t ime of creep at temperatures corresponding 
to points e and f was about 6 hrs .  

The dependence of the activation energy of c reep  on the applied s t r e s s  
is  shown in Figure 2. Under s t r e s s e s  of 21-33 kg/mm2 the activation 
energy is a decreasing linear function of the applied s t r e s s .  Over this 
range the creep ra te  can be described with a satisfactory degree of accuracy 
by the equation: 

Q - T U
E = A, exp (- T ) .  
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where y = 2.3 cal- mm2/g. g-atom. A further increase in stress leads to  a 
retardation in the activation energy, and start ing at 55 kg/mm2 the activation 
energy becomes constant. The section with constant activation energy 
represents a region in which the exponential law of the dependence of the 
creep rate  on the applied s t resses  holds 

E -on. (31 

If the exponent in this formula is evaluated from the variation in the 
logarithm of the pre-exponential t e r m  it is found that r ~ ~ 1 8 . 7 .  

A s imilar  variation in the activation energy a s  a function of the applied 
s t r e s s  had already been noted 13-51, and the constant value of theactivation 

energy for high s t r e s s e s  was believed to  
be the maximum value which can be 

fa0 reached for a given metal. As we have 
already mentioned, this  value was 

90 compared t o  the value of the energy 
g parameter q ,  calculated on the basis  of 

80 the hypothesis on localized melting 151, 
k and to  the activation energy of the 

70 movement of point defects (vacancies 
and intersti t ials in the crystal  lat t ice).  

60 For  niobium q =46.8kcal/g-atom 151, 
and the activation energy of the motion 

50 of intersti t ial  atoms Ei  = 27.7 kcal/g-atom 
20 30 40 50 60 9kg/ lnm2 / 7 / .  The energy of formation of 

vacancies Ef.* in niobium is equal to 
FIGURE 2. Dependence of the activation 47.0 kcallg-atom 181, and the activation 
energy of creep of niobium on the stress: energy of self-diffusion E s . d  in niobium 
1-annealed specimens: 2-deformed is equal, according t o  different authors,  
specimens. to  97- 106 kcal/g-atom. Hence Es.d -E/ . ,  

gives u s  the activation energy of the 
motion of vacancies E,,,." in niobium, which is equal to  50-59kcal/g-atom. 

Figure 2 shows that the maximum activation energy of creep of niobium 
under high s t r e s s e s  is  about 53 kcal/g-atom. Such an agreement indicates 
that the creep of niobium under high s t r e s s e s ,  like that of metals with a 
face-centered cubic lattice, is governed by an energetically activated motion 
of the point defects in the crystal  lattice to  the s l ip  dislocations. In this 
case,  such defects a r e  apparently the vacancies. F r o m  the resul ts  of / 9 /  
it is possible to calculate that in our case (deformation of niobium at the 
ra te  of lo-'- .min-' at 600°C) the concentration of vacancies 
generated during deformation should exceed their  equilibrium concentration 
at  a given temperature by at  least  11-13 orders  of magnitude. Foudreaux 
1101 found by experiment that supersaturation of vacancies in niobium is 
produced in the process of low -temperature plastic deformation. 

It is characterist ic that in our experiment the high r a t e  of creep of 
deformed niobium was reached at  temperatures  above 5OOOC only, although 
according to the data of Ill/, the strength character is t ics  of niobium vary 
slightly between room temperature and 600°C. At the same  time, according 
t o  / 7 /  it can be expected that the single vacancies in niobium become 
mobile at  temperatures of 350-500°C. It is thus indicated that vacancies 
participate in the creep of niobium over the range of temperatures studied 
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and under high s t r e s s e s .  At lower temperatures (below 300°K) the 
deformation point defects in niobium are almost immobile, and the c reep  
rate is governed by the overcoming of the Peier ls-Nabarro b a r r i e r s  
because of energy fluctuations 1 1 2 1 .  
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V .  G. Chernyi and I .  111. Nedyukha 

PHYSICAL FACTORS LEADING T O  THE 
STRENGTHENING OF ALLOYED NIOBIUM 

The number of works on the nature of the strengthening of alloys and 
solid solutions has recently increased. However, most of these were 
car r ied  out with materials of low melting point. Considerably less attention 
has been paid to the strengthening of refractory metals which are today 
being increasingly used in new branches of industry. 

The purpose of this  work is to  investigate the factors which lead to the  
strengthening of cast niobium alloys and the i r  importance. 

We studied solid solutions of niobium with titanium, vanadium, tantalum, 
molybdenum, and tungsten over wide concentration limits (0-40 w t %  of the 
alloying element). 



I 

The alloys were melted in an a r c  furnace in an argon atmosphere. W e  
used the following metals a s  start ing material:  niobium (99.470, main 
impurity tantalum), titanium (99.5Y0), vanadium (99.4 Yo), tantalum (99.970), 
molybdenum (99.99 YO), and tungsten (99.95 YO). To distribute the components 
uniformly each alloy was remelted 4-5 t imes.  The alloys were investigated 
in the cast  s ta te .  

The elastic properties were determined by the dynamic pulse method 
using a device s imilar  to that described in 111. These measurements were 
carr ied out with an accuracy of 1-270 (including possible e r r o r s ) .  The 
numerical magnitudes of the elasticity modulus E and of the shear  
modulus G were found from the known formulas 1 2 ,  3 1 .  

The dimensions of the regions of coherent dispersion D (mosaic blocks) 
and the variation in the crystal  lattice parameters  Aula were found from 
the width of the interference lines (110) and (310) 141. In o u r  calculations 
of D and Aula we introduced corrections for  nonmonochromatic light and 
for the geometric layout of the whole apparatus 14, 5 1 .  The X-raydiagrams 
were produced by a URS-501 diffractometer with iron irradiation K,. The 
density of dislocations was evaluated from the width of the interference lines 
(110) and from the data on the dimensions of the mosaic blocks and variation 
in the parameter  Aa/a / 6 ,  7 1 .  

The microstructure was studied by the MIM-7 optical microscope at a 
magnification of X 220 .  The hardness was measured on a T P  hardness 
meter  (Vickers) at a load of 20kg. 

In this  work we also compared the experimental data with the theory of 
strengthening of substitutional solid solutions a s  suggested by Fleischer  
/ a - i o / .  

According to this theory, the elastic interactions between the dissolved 
atoms and the dislocations, which a r e  the main cause of the strengthening 
of alloys by solid solutions, a r e  the result  of two effects: 

1 )  the difference in the dimensions of the atoms of the solvent and solute, 
and 2 )  their  different elasticit ies.  

The f i rs t  effect which leads to the distortion of the c rys ta l  lat t ice is the 
dissimilari ty in the atomic dimensions, f i r s t  discovered by Mott and 
Nabarro. Quantitatively, this effect is determined by the magnitude E = ,  

which is  equal to l/a. 2 ,  where a is  the lattice parameter  and -2 represents  

i ts  change as  a function of the concentration of alloying elements in the 
solid solution. 

The second effect, which Fleischer calls modulus effect, character izes  
the interaction between dislocations and atoms of different rigidities which 
act  a s  elastic -hard and soft spots (regions) in the matrix.  This effect i s  
quantitatively determined by the magnitude E G '  , equal to 

1 dG 1 dG -' _ _  
G d C ( I  '?.\TI) ' 

where G is  the shear  modulus, and E is the variation in the modulus a s  a 
dC 

function of the concentration of the solid solution. 
According t o  Fleischer ,  the strengthening of the c rys ta l  by different 

atoms can be monotonous, and increase a s  a function of ES = ( E ~ ,- a ~ . ) .  The 
magnitude a shows which dislocations, l inear or screw,  control the s l ip  
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process.  F o r  linear dislocations, a cannot be less than 16, while for 
screw dislocations it cannot be greater  than 16  / 9 ,  11/. 

For an  experimental check of Fleischer 's  theory on strengthening, data 
a r e  necessary on the dependence of strengthening, lattice parameters ,  and 
shear  modulus on the concentration of alloying elements in a given matrix.  
If we have such data, it is possible to  plot the dependence of dH,ldC on E,, 

EO,, and e s ,  which can clarify the question of what strengthens the metal, 
and which dislocations govern the s l ip  process.  

Figure 1 shows data on E, G, 0 and 0for  the alloys studied. These 
data indicate that alloying niobium with vanadium, tantalum, molybdenum, 
and tungsten increases their  elasticity and shear  moduli. Alloying with 
about 20 at. 7'0 of titanium has almost no influence on E or  G . Further  
increase in the titanium content leads to  a decrease in E and G .  

The characterist ic temperature of niobium is appreciably increased by 
alloying with molybdenum and vanadium, and but is little influenced by 

Alloying element,  a t .  7'0 

FIGURE 1. Dependence of the normal elasticity E 
and shear G moduli, the characteristic temperature 
8, and the standard deviation of atoms in the 
crystal lattice of niobium on alloying. 

niobium alloys containing molybdenum, 

alloying 'w ith tantalum, tungsten, 
and titanium. The value of 0 is  
increased if  1 0  a t .  70 of these 
elements are added to  niobium. 
Further  increase in the content of 
tantalum and tungsten t o  25 at. 70 

and of titanium to 57.5 at .  70 has 
almost no influence on the charac
ter is t ic  temperatures of the alloys. 

The standard deviation of the 
atoms in the crystal  lattice of 
niobium decreases  in alloys 
containing vanadium, tantalum, 
molybdenum and tungsten over 
the whole range of concentrations 
studied but in the case of alloys 
containing titanium f72 is almost 
uninfluenced up to  25% of Ti, 
and then it increases.  

An analysis of the interference 
lines showed that the width of line 
(110) is little influenced by increase 
in the content of alloying elements 
in niobium. In the case of 
niobium- vanadium and niobium-
tungsten alloys, the width is 
somewhat increased, and for 

titanium, and tantalum variations 
in the width of the line remain within the l imits of experimental e r r o r .  The 
greatest  changes can be seen in the (310) interference lines. The width of 
line (310) is appreciably increased by adding vanadium and tungsten, and to  
a l e s s e r  degree, molybdenum. The width of line (310) produced by 
niobium-tantalum and niobium-titanium alloys is  increased if the content 
of tantalum is increased to 15at.  7'0 and the content of titanium to 25at. 70, 
but then the width of the lines decreases again. 

If the elements of fine crystal  structure a r e  determined from the width 
of interference lines (110) and (310), Figure 2 indicates that: the mosaic 

106 



blocks of the alloys investigated change little, and in Nb alloys with UP to- 2070of alloying elements the smallest blocks a r e  found in alloys containing 
molybdenum and titanium, and in more highly alloyed materials the smallest  
blocks a r e  in niobium- vanadium and niobium-tungsten alloys. 

The greatest variation in the lattice parameters ,  Aala,  over the whole range 
of concentrations studied can be found in niobium- vanadium alloys, while 
the smallest variation i s  characteristic of niobium-titanium alloys. 

0 
Alloying elemenr, ar .  q o  Alloying elements, at. Yo 

FIGUKE 2.  Dependence of rhe diiiiensions of the mosaic FIGURE 3.  Dependence of the 
blocks D and of the variation in the larrice parameter Aala hardness of niobium alloys on 
of niobium on the contcnr of alloying eleincnts. the content of alloying elements. 

The density of dislocations in these alloys was investigated by X-ray 
analysis, and shows that alloying leads to  an increase in the density of 
dislocations. Thus, alloys with about 5a t .  70 of alloying elements have a 
density of dislocations equaltoapproximately 6-7. 10'ol/cm2, alloys with 
25-30 at .  70of tungsten and vanadium have a density of 2-3.10" l /cm2,  
and alloys with the same content of molybdenum, titanium and vanadium 
have a s imilar  density of dislocations. 

The microstructure of niobium alloyed with small  amounts of other 
elements (up to  5 at. 70)differs  little f rom the polyhedral s t ructure  of cast 
niobium. If more than 10at .  70of alloying elements a r e  added t o  niobium 
its s t ructure  changes markedly. If tungsten, vanadium, and titanium a r e  
added, the microstructure of niobium is  clearly denditric in nature. 

Data on the variation in the hardness of the alloys studied a r e  given in 
Figure 3 .  According to the decrease in hardness caused by the addition of 
up to  5 at .  70 of alloying elements, the alloys can be placed in the following 
se r i e s :  niobium- tungsten, niobium- molybdenum, nobium-tantalum, 
niobium- vanadium and niobium-titanium. After fur ther  increase in the 
content of alloying elements to  25 at. 70, the niobium-tungsten and niobium-
molybdenum alloys a r e  st i l l  the hardest. The softest mater ia l  with 2 5  a t .% 
of alloying elements i s  the niobium-tantalum alloy. 

An analysis of the above data indicates that a s  the content of alloying 
elements in niobium increases ,  there  is a change in the factors which 
determine its strengthening. If the concentration of the alloying elements 
is 0-5 at. yo, the chief factor which determines the strength of the alloy 
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is apparently the strength of the interatomic bonds; the stronger the 
interatomic bonds become on alloying, the g rea t e r  is the strengthening 
produced in the alloy. The greatest  strengthening effect is found in niobium-
tungsten alloys in which the strength of interatomic bonds is highest, and 
the smallest  strengthening occurs in niobium-titanium alloys in which the 
strength of the bonds in the lattice is lowest. The data of X-ray and 
metallographic studies show that the role of s t ructural  changes over this 
range of concentrations is much sma l l e r .  

0 0.2 04 08 0.2 04 a8 16 02 0.9 08 16 

Ec'= 1dc (f +I,q)-'
G dC 2C dC 

FIGLJRE 4. Dependence of the strengthening of niobiuni alloys on the dissiniilariry in the atomic 
diiiiencions ~ , (a ) ,  thedissiiiiilarity in the elarric moduli ks(b), and on the total effect of the atomic 
and clastic disainlilarities FG, (c). 

A s  the content of alloying elements is increased, the role of s t ructural  
changes in the process of strengthening increases .  

Figure 4 shows the dependence of the strengthening of niobium on the 
parameters  E,, E G ' ,  and ES at a content of alloying elements up to  5 at.  70 (the 
data on the lattice constants a r e  taken from / 1 2 - 1 6 / ) .  

Figure 4, a shows that the dependence of dH,/dC on E,  is not smooth, and 
consequently the strengthening cannot be due to the dissimilari ty in atomic 
dimensions only. The dependence of strengthening on the parameter  E ~ .  

is almost smooth, but a certain scattering exists (Figure 4, b ) .  Thus, the 
strengthening cannot be explained only by the difference between the moduli. 

The dependence of dH,.ldC on ES = (EG,  -1 6 ~ ~ )shows a considerable 
scattering of data, which is increased i f  the coefficient a is above i ts  lower 
limit of 16 .  Considerably l e s s  scattering is found if a = 3 ,  and even less 
if a = 1 (Figure 4, c), i .  e., f o r  coefficients which correspond to screw 
dislocations. 

In this work w e  checked the accuracy of Fleischer 's  theory on 
strengthening for alloys containing more than 5 at .  70 of alloying elements 
also, but in this case we could not find any regular dependence of the 
strengthening of these alloys on the dissimilari ty in atomic dimensions, the 
dissimilari ty in elastic moduli, and on the combined effect of these two 
factors.  

This is apparently because the s t ructural  changes, which are not 
considered in Fleischer 's  theory, a r e  of great importance in the strengthen
ing of alloys. 

The data of this part  of the w o r k  indicate that the strengthening of 
niobium alloys by tungsten, molybdenum, tantalum, vanadium, and titanium, 
in amounts of up to 5 a t .  YO, i s  determined by the s t r e s s e s  necessary for 
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movement of edge dislocations, and that these s t r e s s e s  a re  determined by 
the differences between the atomic dimensions and between the moduli of 
elasticity of these metals (moduli effect). The moduli effect contributes 
m o r e  t o  the strengthening than the difference between the atomic dimensions. 
It should be pointed out that the differences between the moduli of elasticity 
of niobium and the alloying metals i s  the cause of f rom 65 t o  90% of the 
strengthening. 

The resul ts  of this part  of the work agree well with the experimental data 
of the first pa r t  of the work, with the data of Fleischer  19, 101 who 
investigated copper-base alloys, and also with the data of McAdam f 171, 
who studied niobium alloys forged at 600°C. 
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A. P. Semenov and V.V.Pozdnyakov 

METHODS AND RESULTS OF A STUDY ON THE 
FRICTION AND THE ADHESION BETWEEN METALS  AT 
ELEVATED TEMPERATURES IN VACUO AND IN GASES 

METHODS OF INVESTIGATION 

The main apparatus for studying friction and adhesion of metals at 
elevated temperatures  i s  a modified high-frequency vacuum furnace of the 
MVP-3R4 type with which it i s  possible to  heat specimens up to  200°C in a 
vacuum of about 10-4- 10- mm Hg. The apparatus /1/ i s  shown diagram
matically in Figure 1, and specimens which a r e  not in contact with one 
another can be heated (radiation heating from a tubular graphite o r  tungsten 
high-frequency heater) ,  and then brought into contact a t  the given temper
a ture .  The required load i s  then applied and the contacting surfaces  slide 
against one another. To make accommodation easy, sliding takes place 
between the butt ends of large tubular specimens.  

The lower specimen i s  mounted at  the top of the graphite tube and rotated 
together with it. The upper specimen is mounted on the graphite rod which 
passes  concentrically through the tube. The lower end of the rod is 
connected to  the loading-measuring mechanism which consists of two 
systems in the mutually perpendicular planes of the flat exchangeable 
springs. Each spring reacts  individually tc the normal  load and to  the 
moment of friction. The load is applied by bending the proper springs. 
The acting normal  loads and the moments of friction a r e  recorded on 
photographic plates without distortion (there a r e  no places with interfering 
friction in the loading- measuring mechanism), using high-temperature 
res is tance deformation devices, glued to  the springs, a TA-5 amplifier, 
and a loop oscillograph of the POB-14 type. 

With this  apparatus it is possible to investigate the following phenomena 
in vacuo and in gaseous media: a )  friction at  a constant temperature or 
during heating or cooling when the specimens slide continuously; b )  adhesion; 
c )  chemical reactions between contacting specimens; d )  welding under 
pressure  (which i s  important for the industrial production of ar t ic les  from 
these mater ia ls  and for diffusion welding); and e )  mechanical properties. 

By this method we investigated the friction of s imi la r  and diss imilar  
pure metals (total load -5 kg; ra te  of sliding 0.8 m/min)  in vacuo and in 
gases  at elevated temperatures .  

The tes t s  in gases were carr ied out af ter  the tes t s  in vacuo. The total 
feeding system and the vacuum chamber were flushed with gas a t  room 
temperature ,- and then the gas was evacuated to  a final p ressure  of 

mm Hg. The apparatus was heated to  the required temperature,  
and gas was again introduced (to a pressure  50-100mg Hg below atmo
spheric pressure) ,  and the tes t s  were carr ied out with the same  volume 
of gas ,  and the temperature was increased to  the maximum (recording of 
friction during heating). The gas was then cooled to  room temperature 
(friction during cooling). During both heating and cooling the friction 
moment and the load were recorded in the same way a s  during tes ts  in 
vacuo. 

In our studies we used pure argon (content of oxygen less  than 0.0570), 
pure helium (content of oxygen and other impurities about 0 .02q0)  and 



Sieht elass 

N 

Water 

To vacuum puinps 

FIGURE 1. Diagram of an apparatus for 
studying friction and adhesion a t  elevated 
temperatures: 

1-specimens; 2-graphite tube made to 
rotate (the lower specimen is fastened to 
the top end); 3-bevel pinion; 4-ball 
thrust bearing: 5-driving bevel pinion; 
6-drive shaft: 7-graphite rod (the upper 
specimen is fastened to the top end); 8
loading and measuring mechanism; 9
suspension springs; 10-cam; 11-rigid 
frame of the loading and measuring me
chanism: 12-springs for recording loads 
along the rod; 13-springs for recording 
the friction moment; 14-tubular heater; 
15- induction coil: 1 6-water-cooled 
quartz cylinder; 17-system of molyb
denum and quartz screens. 

commercial  nitrogen (content of oxygen 
0 .50 / ) .  Since the graphite heater and the 
molybdenum screens  become heated to 
higher temperatures than the specimens 
themselves,  the oxygen in the chamber 
reac ts  f i r s t  with them, producing oxides 
of molybdenum and carbon monoxide 
(reduction atmosphere).  Thus, the oxygen 
which enters  the chamber together with 
the inert  gas becomes neutralized and 
has no great influence on the test resul ts  
at  elevated temperatures .  

The curves characterizing the 
dependence of friction on temperature 
w e r e  plotted for the average values of 
the friction coefficient. 

INFLUENCE OF TEMPERATURE ON 
THE FRICTION AND ADHESION OF 
SIMILAR AND DISSIMILAR METALS 

The metals were tested for friction 
during heating and cooling under conditions 
of continuous sliding of the specimens. 
Before the test  the specimens were heated 
(without contact ) in vacuo at  1200°C to  
f ree  the surface from any t races  of 
impurit ies.  In the adhesion tes t s  different 
specimens were brought into contact at  
a given temperature  and load, and held 
under this load for  3min. The force 
needed to  separate  the specimens was 
recorded. The ability of the metals to 
adhere was evaluated from the adhesion 
coefficient, which is  the ratio of the 
breaking force to  the compressive force 
initially applied. The studies in gases 
were carr ied out after friction and 
adhesion t e s t s  in vacuo. 

We tested pairs  of s imilar  metals of 
group IVB (titanium, zirconium), VB 
(niobium, tantalum), VIB (molybdenum, 
tungsten) and VI11 (cobalt) of the periodic 
system of elements and also seven pairs  
of diss imilar  metals.  Some character
is t ics  of the metals a r e  given in the table. 

The resul ts  of adhesion tes t s  on 
s imi la r  metals a r e  given in Figure 2,a 
in the coordinates: adhesion coefficient 
versus  relative temperature .  F o r  the 
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metals w e  investigated the temperature at  which adhesion s t a r t s  is 0.3
0.4 Tmp. This agrees  well with the values already found for temperatures 
at  the beginning of sintering of powders in a reduction atmosphere, and of 
the adhesion of crossed wires in a vacuum of 10-*mm Hg 1 2 1 .  The 
adhesion under these conditions is apparently due to  the beginning of 
sintering under pressure caused by thermal activation. The surface films, 
which can be formed in a vacuum of Hg, either vaporized 
(oxides of molybdenum and tungsten) or were removed from the zones of 
contact into the crystal  lattices of the contacting specimens (dissolution)a s  
a result  of diffusion. 

Properties of the iiierals studied 
-

hlctal 
Group of 
periodic 
sysreiii 

Crystal lattice Atoiiiic 
radius. d 

hlelring point, 
Y: 

h Ic tiiod o f  prod uc Iion 

Tiraniuiii ivn Hexagonal, abovc 1.41 1 C C S i 5  lodidc, forFed 
882.5"Cbody-
centered cubic 

Zirconium IV B Hexagonal, abovc 1 .6O 1852 The same 
865°C bQdy-
centered cuhic 

Niobiuni VU Body -cen tc red 1.47 2468i 10 Keniclted in a vacuuiii 
cubic arc furnace furnace 

Tantaluiii VG 3ody-centcred 1.47 3000 f 50 Sintered, forged 
cuhic 

hloly bdcnuni VIR 3ody-centcrcd 1.40 2620+1 0  IRe~iiclrcd iri a vaciiiiiii 
cubic arc furnace 

Tungsten VIE bdy-cenrered 1.41 3380 Sintcrcd (rod) 
cubic 

Cobalt VIILB jexagonal, above 1.25 1495 Sinrered, forged 
400"C, face-
centered cubic 

The adhesion of titanium, which over this range of temperatures has a 
hexagonal close-packed crystal lattice, s t a r t s  at  the lowest temperature.  
This metal is followed by the metals of groups V B  and VIB 1 3 1 ,  which have 
a body-centered cubic lattice. The influence of additional mechanical 
activation on adhesion has been demonstrated on molybdenum and tungsten 
A repetition of the adhesion tes ts  on tungsten specimens shortly after the 
f i r s t  tes t  led to  a less rapid increase in the adhesion coefficient (dashed 
line in Figure 2 ,  a )  whiEh may be due to a relief in the distortion of the 
crystal  lattice (caused by friction) during the f i r s t  s e r i e s  of adhesion 
tes ts .  In the case of molybdenum the influence of additional mechanical 
activation during tes ts  in which the application of a small  twisting moment, 
but without sliding of one specimen over the other, led to additional 
deformation at the a reas  of real  contact. The application of such a moment 
under pressure caused a considerable increase in the adhesion coefficient, 
to a value above 0 .2  at relatively low temperatures.  

Zirconium, with i ts  hexagonal structure up to  865"C, is l e s s  susceptible 
to adhesion than titanium and the body-centered metals of groups VB and 
VIB. 
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Of the metals w e  investigated, cobalt (group V I I I B )  has the lowest 
susceptibility t o  adhesion, which only s t a r t s  at a high temperature .  The 
increase in the adhesion coefficient of cobalt is slow. The adhesion 
coefficient of cobalt is the s a m e  in helium a s  in vacuo. 

The friction tes ts  carr ied out in vacuo showed that a certain correlation 
exists between the coefficient of friction and its variation, and the type of 
crystal  lattice and position of the metal in the periodic system. Figure 3,a 
shows the dependence of the average values of the coefficients of friction 
(without taking into account fluctuations in the coefficient of friction due to  
frictional autovibrations) on temperature.  The dashed line character izes  
the temperatures at  which adhesion s t a r t s  (see Figure 2,  a), and the 
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continuous line the temperature of polymorphic transformations (in the 
case of cobalt and titanium). 

Titanium and zirconium with hexagonal close-packed latt ices have low 
coefficients of friction, which vary little with temperature up to  0.4Tmp. 
Further  increase in temperature leads to  a considerable increase in the 
coefficient of friction (in particular for  zirconium). The coefficient of 
friction of niobium and tantalum (group VB), which a r e  relatively ductile 
and have a body-centered cubic s t ructure  over the whole range of temper
a tures ,  decreases  appreciably (from a value of above 1)at room temper
a ture  to .-0.5, but then increases a s  rapidly. The minimum coefficient of 
friction for  niobium almost coincides with the temperature at  the beginning 
of adhesion, but for  tantalum the minimum coefficient of friction was found 
t o  be - 200°C below the temperature at  which adhesion s t a r t s .  The curves 
for niobium and tantalum representing the dependence of the coefficient of 
friction on the relative temperatures almost coincide. 

I I T I 1 

250 500 750 1000 125-0 
i: OC 

FIGURE 3. Dependence of the average value of the coefficient of 
friction on temperature: 

a -similar metals in vacuo (tested during heating); b-dissimilar 
metals in vacuo (tested during heating). 

Over the range of relatively low temperatures,  the coefficient of friction 
of molybdenum and tungsten (group VIB) is  appreciably lower than that of 
metals of group VB, but it is higher than that of metals of group IVB. The 
dependence of the coefficient of friction on temperature for molybdenum is 
s imi la r  to  that for the more  ductile metals of group VB. Tungsten shows 
a character is t ic  smal l  decrease in the coefficient of friction from about 
11OO"C, which is followed by a sharp increase.  A comparison of the resul ts  

114 



of a study on transition metals of three groups of the periodic sys tems (IV, 
V, VI)  which have unfilled d-shells, indicates that the curves for metals of 
group VIB lie between the curves for metals of groups IVB and VB. 

The resul ts  of the study on molybdenum and tungsten a r e  interesting. 
They show that the oxides of these metals a r e  volatile and the retained 
oxygen has no influence on the character is t ics  of friction of these metals 
a s  the surfaces  a r e  self-abrading 141. However, w e  found no fundamental 
differences between the behavior of all seven metals during the investigation 
(vacuum 10-4-10-5mm Hg). 

The resul ts  with cobalt a r e  a lso very interesting. At temperatures  up 
to  the s t a r t  of the polymorphic transformation from the hexagonal close-
packed s t ruc ture  to  a face-centered cubic s t ructure ,  a t  which adhesion 
s t a r t s ,  the friction of cobalt is very low (coefficient of friction - 0.2). 
Above these temperatures  the coefficient of friction increases  greatly. If 
the temperature  is increased, the opposite occurs ,  but with certain 
hysteresis .  This is apparently due to a hysteresis  in the r eve r se  polymor
phic transformation into a hexagonal close-packed lattice. There a r e  
reasons to  believe that during friction cobalt can exist in two crystal  
modifications (hexagonal close-packed and cubic face-centered) over a wide 
range of temperatures .  

The resul ts  of investigations of s imilar  metals  given in Figure 3, a show 
that metals with a hexagonal close-packed s t ructure  a r e  l e s s  susceptible 
to  friction. This conclusion agrees  well with the resul ts  of other studies 
car r ied  out in a i r  151. The decrease in the coefficient of friction caused 
by an increase  in temperature to about 0.3- 0.4 Tmp i s  particularly marked 
in metals with a body-centered cubic s t ruc ture .  This phenomenon i s  
apparently due to  a decrease in the role  of work hardening of the volumes 
of metal  which participate directly in friction. At temperatures  which a r e  
close t o  that at the beginning of recrystallization (in the case of cobalt a lso 
the beginning of polymorphic transformation), the susceptibility of metals 
t o  galling and adhesion increases  greatly (see Figure 2, a ) ,  a s  already found 
by the method of combined plastic deformation / 6 1 ,  and the coefficient of friction 
s t a r t s  to  increase greatly. These temperatures  a r e  very much influenced 
by the purity of the metal (chemical composition) and by the type of crystal  
lattice. The la t ter ,  in turn, is determined by the position of the metal  in the 
periodic system, and finally by the nature and the alignment of bonds bet.ween 
atoms in the crystal  lattice (the role of the exchangeable directional bonds 
1 3 1 ) .

A study of the adhesion between seven pa i rs  of different metals has 
shown (see Figure 2, b )  that diss imilar  metals adhere to  one another, 
although at higher relative temperatures  than s imi la r  metals (the relative 
temperature  is calculated for the metal  with the lower heat res is tance) .  
The lowest temperature at which adhesion s t a r t s  is found in the molyb
denum-tungsten pair ,  which can be explained by the s imi la r  crystal  
s t ruc tures  and the equality of atomic rad i i  (which differ by only 0.7%), 
by the complete mutual solubility (formation of a continuous se r i e s  of solid 
solutions at  all concentrations), and by s imi la r  chemical properties, a s  
both metals belong t o  the same group of the periodic system. A certain 
influence can also be exerted by the volatility of the oxides of tungsten and 
molybdenum. 

The relatively low starting temperature  of adhesion between pa i rs  
containing cobalt (cobalt-zirconium, cobalt-titanium, cobalt-tungsten) 
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i s  apparently due to  the polymorphic transformation of cobalt into a body-
centered cubic modification. A reason for this low temperature  may also 
be that in the periodic system cobalt is fa r  f rom tungsten, titanium, and 
especially zirconium. The activity of the chemical interaction between 
these metals should also be influenced. These factors ,  apparently, lead 
to  considerable adhesion between these metals even though the dimensional 
factors  a r e  unfavorablf (considerable difference between atomic radi i ) .  

In the titanium- tungsten and titanium- zirconium pairs ,  the higher 
susceptibility to  adhesion of the f i r s t  pair may be because the differences 
between the atomic radi i  (4%) a r e  smal le r  than in the second pair (870). The 
slow growth in the strength of adhesion between titanium and niobium is  
unclear (the adhesion s t a r t s  a t  a relatively low temperature) ,  especially a s  
the atomic radi i  of these two metals a r e  the same,  though over this rLnge 
of temperatures ,  their  crystal  s t ructures  a r e  different. 

The friction between different metals depends on the properties of the 
individual metals  and on the relationship between the properties of the 
metals in the pair ,  which is determined by the position of these metals in 
the periodic system. 

The curve representing the dependence of the coefficient of friction on 
temperature  for tungsten- molybdenum pairs  (Figure 3, b )  was plotted from 
the average data for  tungsten and molybdenum. The beginninp, of the 
increase in the coefficient of friction coincides with the recorded temper
ature  a t  which adhesion s t a r t s .  This point and also the minimum on the 
curve representing the temperature dependence of the coefficient of friction 
lie at lower temperatures  than that for molybdenum. 

The coefficient of friction-temperature relationships for the cobalt-
zirconium, an6 especially for the cobalt-tungsten, pairs  a r e  the same as  
for specimens of cobalt alone. Apparently, during friction between two 
different metals, the softer and less  heat-resistant cobalt is t ransferred to  
the surface of the other metal, and as  a result cobalt rubs against cobalt 
with the ease character is t ic  of this metal at low temperatures .  

The dependence of friction on temperature for titanium against cobalt, 
zirconium, niobium, and tungsten is s imilar  t 3  that of titanium against 
titanium. The determining factor in all these cases  i s  apparently titanium 
(except, perhaps, the cobalt-titanium pa i rs ) .  The metal paired with 
titanium exerts  a certain influence on the friction coefficient. Thus, the 
friction is highest for  the titanium-niobium pair (the atomic radi i  of these 
metals a r e  the same),  the friction is somewhat lower for the titanium-
tungsten pair (the difference between the atomic radii of these metals i s  
4700,and it is st i l l  lower for titanium-zirconium pairs  (the difference 
between the atomic radi i  of these metals i s  870).  

As in the case  of two specimens of the same metal, the beginning of 
adhesion is accompanied by a sharp  increase in the coefficient of friction. 
The polymorphic transformation at elevated temperatures  also leads to  an 
increase in the coefficient of friction. This can be seen well on the example 
of pairs  with cobalt. Over this range of temperatures the cobalt-titanium 
pair undergoes two polymorphic transformations (cobalt at about 400°C and 
titanium at  882.5"C). 

When the metals a r e  cooled in an atmosphere of pure argon and helium, 
the relationship between the coefficient of frictior, and temperature  i s  
almost the same a s  that during cooling in vacuo. In commercial  nitrogen 



the coefficient of friction i s  somewhat lower than in vacuo, which is due to 
the relatively high content of oxygen and other impurities in nitrogen, and 
also to the more active formation of adsorption layers  of nitrogen and its 
possible chemical interaction with the metal (formation of nitr ides) during 
friction at  elevated temperatures.  

F r o m  the studies whic,h w e  have discussed above we can draw the 
following conclusions : 

1. Adhesion between s imilar  metals s t a r t s  at a range of temperatures 
of f rom 0.3-0.4 Tnp, but between dissimilar metals at  a range of temper
atures of f rom 0.35 to  0.5 Trip. 

2. Friction experiments, carr ied out during heating, showed that if the 
temperature at which adhesion s t a r t s  (due to thermal activation) i s  exceeded, 
friction is greatly increased. 

3 .  The polymorphic transformation influences the magnitude and nature 
of friction. 

4. The friction between s imilar  metals with a hexagonal close-packed 
crystal  lattice i s  lower than that between metals with a body-centered 
lattice. The lowest coefficient of friction was found for hexagonal cobalt 
at  temperatures below its transformation into a face-centered modification. 

5 .  The friction and adhesion between s imilar  metals depend on their  
position in the periodic system, and the friction and adhesion between 
dissimilar metals depend on their  relative position in the system, the 
relationship between their  atomic radii, the type of the crystal  structure 
(which has a considerahle influence on the mutual solubility) and on the 
nature of the bonds between s imilar  and dissimilar atoms. 

6 .  There is a certain hysteresis shown by the coefficient of friction 
during cooling and the coefficient of friction during heating, which leads to  
a hysteresis loop on the diagram representing the dependence of the 
coefficient of Friction on temperature.  

7 .  Friction in pure argon and helium differs little f rom friction in vacuo 
( lo- ' - Hg). 
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A .  P .  Semenov and V .  V .Pozdnyakov 

PRELIMINARY RESULTS OF A STUDY ON ADHESION 

AND FRICTION AT ELEVATED TEMPERATURES 

BETWEEN OXIDES AND REFRACTORY METALS 

AND OXIDES IN VACUO AND IN GASES 


A study of contact processes between refractory metals and oxides, 
including external friction and adhesion, is very important for mechanisms 
working at elevated temperatures,  and also for solving problems on the 
theory, technology, and application of cermets  for joining metals to oxides 
and for machining metals with cermet tools. In this work contact reactions 
of metals with oxides a r e  studied. To analyze the resul ts  of contacts 
between pairs  of dissimilar materials (metal- oxides) correctly, we carr ied 
out preliminary investigations with s imilar  materials.  The results of 
studies on s imilar  metals a r e  given above (see p. 110). 

Molybdenum 
Iron 

Cobalt 

Aluminum oxide (Al,O,) 
Magnesium oxide (MgO) 
Cerium oxide @eo,) 

system 

Atomic radius 
(of metal), d 

Melting point, 
O C  

Crystal structure 

VIB 1.40 2620*10 Body-centered cubic 
' J I I I  1.27 1534 Body-centered cubic, above 

910% face-centered cubic 
VI11 1.25 1495 Hexagonal, above 400T 

face-centered cubic 
IIIA 1.43 2050 i10  Hexagonal (corundum) 
IIA 1.60 2800+13 Cubic (structure of NaCL) 
IVC 1.82 2125 i20  Cubic (fluorite CaF,) 

Studies on oxides were carr ied out with the same  apparatus and the 
same method a s  that used for studying friction and adhesion of metals. 
This method has already been described in greater  detail 11, 2 1 .  Some 
general  data on the materials w e  studied a r e  given in the table. 

When the adhesion and friction between s imilar  oxides of aluminum, 
magnesium, and cerium were studied it was shown that these oxides 
behave fundamentally like refractory metals.  The adhesion typical 
of metals is also characterist ic of oxides (Figure 1 ,  a ) ,  but s ta r t s  at higher 
temperatures ,  f rom 0.45to 0.65 Tmp for the oxides w e  studied. It is 
interesting t o  note that adhesion between the oxides of magnesium and 
cerium, which have a cubic lattice, occurs at  lower temperature than that 
between specimens of aluminum oxide which have a hexagonal lattice. 
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Relative temperature, Tlrmp 

The friction between s imilar  oxides (Figure 2, a ) ,  which is high at  
relatively low temperatures,  falls as  the temperature increases,  and for 
oxides of magnesium and cerium the minimum friction occurs at temper
atures directly preceding those at which adhesion s t a r t s .  For  aluminum 
oxide specimens we found no minimum on the curve representing the 
dependence of the coefficient of friction on temperature,  although the 
coefficient of friction falls continuously with increase in temperature and 
reaches a fairly low value at 1350--1500°C (about 0.3). Cerium oxide has 
the lowest coefficient of friction over the range of temperatures f rom 400 
t o  1200°C. However, at  higher temperatures the coefficient of friction of 
this oxide increases most rapidly. 

Al&-AL,O, 

a 

L?6 0.7 
Relative temperature, Tlrmp 

FIGURE 1. Dependence of the coefficient of adhesion on the relative temperature: 

a-for similar oxides; b-for a number of metal-oxide pairs (for the Mo-A1,0, pair the data are also 
related to the melting point of the oxide). 

Any further change in the friction of these oxides during further increase 
in the vacuum cannot be expected, since the decrease in the content of 
oxygen (which has the greatest  influence on the friction between metals)  
cannot be expected t o  have any appreciable influence on the friction of 
oxides. 

It has been found that the adhesion between dissimilar materials such a s  
metal- oxide (molybdenum and oxides of aluminum, cerium, and magnesium; 
iron and aluminum oxide; and cobalt and magnesium oxide, s t a r t s  at 
temperatures which a r e  lower than those at  which adhesion s t a r t s  between 
oxides (Figure 1, b).  Thus, if we take as  the basis for the calculation of the 
relative temperature the melting point of the metal (for the molybdenum-
aluminum oxide pair  plotted, because of the high melting point of molyb
denum the resul ts  a r e  obtained by two different methods of calculation), 
the temperature at  which adhesion s t a r t s  l ies within the range of 0.4
0.6 Tmp (Figure 1, b). Adhesion s t a r t s  at  lowest temperature for iron-
aluminum oxide, molybdenum- aluminum oxide, and molybdenum- cerium 
oxide pairs .  In our experiments the adhesion between molybdenum and 
magnesium oxide did not s t a r t  up to a temperature of 0.51 TmP. Adhesion 
s t a r t s  at  the highest temperature for the cobalt-magnesium oxide pair  
(adhesion between molybdenum and magnesium oxide s t a r t s  at an even 
higher temperature).  The strength of adhesion increases  with temperature 
ra ther  slowly, and this  relationship is s imilar  t o  that for cobalt specimen 
pairs .  
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The resul ts  of t e s t s  on friction between molybdenum and oxides during 
heating a r e  given in Figure 2, b. The highest coefficient of friction over the 
whole range of temperatures was found for the molybdenum- aluminum 
oxide pair .  The coefficient of friction of molybdenum against magnesium 
oxide is considerably lower (about 0.2 at 1250°C). 

.-5 ! O r - I 

Mo- CeOz 
16 -0 250 500 750 l000 1250 /SO0 

FIGURE 2. Dependence of the mean coefficienr of friction on t e~ l lpc r 
attire: 

a-for similar oxides i n  vacuo (tests during heating); b-fricrion of 1110

lybdenuiii against oxides in vacuo (tesrs doring heating). 

Up t o  about 400°C, the curve representing the friction of molybdenum 
against cer ium oxide l ies somewhat higher than the corresponding curve 
fo r  the friction of Mo against magnesium oxide, but then it falls below. Most 
probably it will r i s e  again above the curve for magnesium oxide on further 
heating. A comparison of these results with those obtained by friction tes ts  
between s imilar  specimens of molybdenum and oxides showed that the oxide 
has a prevailing influence on the friction between different specimens 
(although molybdenum also has a certain influence). Heating t o  the temper
ature at which adhesion begins does not lead to an increase in friction, a s  
during friction between s imilar  specimens of oxides and metals, and the 
average value of the coefficient of friction continuously decreases  with the 
increase in temperature.  The coefficient of friction for the molybdenum-
magnesium oxide pair ,  for which the temperature of adhesion was not 
reached, dropped sharply at  temperatures above 1000°C, and reached a 
value of about 0.2 at 1250°C. It should be pointed out that the coefficient of 
friction of molybdenum against magnesium oxide grows very slowly on 
cooling, and remains the lowest of the coefficients of friction of the three 
pairs  studied over the whole range of temperatures.  

Peculiar curves with a single maximum were obtained for the cobalt-
magnesium oxide pair  (Figure 3,a). During heating the coefficient of 
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friction remains low (average value of 0 .3)  up to the temperature  of 
polymorphic transformation of cobalt f rom a hexagonal s t ructure  to  a 
face-centered cubic modification, then it s ta r t s  to r i s e  and passes  through 
a maximum at about 700°C (coefficient of friction about 0 .7 ) ,  and finally it 
drops sharply to  about 0 .2  at 1100°C. An increase in temperature  above 
the point at which adhesion s ta r t s  did not lead to  the usual increase in the 
coefficient of friction, but on the contrary to a decrease.  During cooling 
the resul ts  were essentially the same although the maximum was shifted 
toward lower temperatures (by about 200°C). This was repeated several  
t imes before adhesion tes t s  w e r e  started. The friction between cobalt and 
magnesium oxide during cooling showed a very different dependence on 
temperature directly a f te r  the adhesion tes t s  (dashed line on Figure 3, a ) .  
The difference was even greater  in the following tes t s  on the same 
specimens (also during cooling) in atmospheres of argon and helium. The 
coefficient of friction increased with decrease in temperature and did not 
drop to  the values characteristic of cobalt. The reason for this change in 
the character is t ics  of friction is that after adhesion tes t s  under normal 
loads the particles of magnesium oxide passed from the oxide specimen 
and stuck to the surface of the cobalt specimen. A continuation of the 
friction tes t s  only aggravated the situation, since more worn-out particles 
of the oxide (the wear increased a f te r  the initial damage to  the surface)  
passed onto the metal surface, and the friction between different materials 
was gradually substituted by friction between s imilar  mater ia ls ,  i .  e . ,  
between two specimens of magnesium oxide. 

b bO C  

FIGURE 3. Dependence of the average value of the coef
ficient of friction on temperature: 

a-for the cobalt-magnesium oxide pair in vacuo (tests 
during heating and cooling) and in gaseous media (tests 
during cooling); b-for the iron-aluminum oxide pair in 
vacuo (tests during heating and cooling). 

Tests  on Armco iron-aluminum oxide pairs  were s tar ted in connection 
with the machining of s teels  with cermet  tools (on the basis  of aluminum 
oxide). The dependence of the coefficient of friction (Figure 3,  b )  on 
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temperature is s imilar  to that for the cobalt-magnesium oxide pair  
(Figure 3,  a )  but the curves for heating and cooling l ie considerably higher. 
During heating the coefficient of friction a t  f i rs t  fell, but after passing 
through a minimum it s tar ted to r i s e  again. The temperature at which the 
average coefficient of friction started to increase almost coincided with the 
temperature at  which adhesion began. Af te r  passing a maximum at about 
750°C the coefficient of friction dropped sharply, but started to r i s e  at the 
temperature of the polymorphic transformation of iron from a body-centered 
cubic s t ructure  to a face-centered cubic modification. The same  happened 
during cooling, but as in the case of the cobalt-magnesium oxide pair  the 
maximum was shifted toward lower temperatures (by about 200°C). The 
apparent reason for the analogous behavior of two different pairs (cobalt
magnesium oxide and iron- aluminum oxide) is that both metals belong to 
the same group of the periodic system. It should be pointed out that the 
pair  with the greater  difference between the atomic dimensions of the metals 
(cobalt-magnesium) has a lower average coefficient of friction over the 
whole range of temperatures.  

According t o  the existing theory 3 1 ,  a strong bond can exist directly 
between the components and also through oxygen bridges.  In addition, it is 
possible that in this case reduction reactions (although par t ia l )  take place 
in the zone of contact, which lead to the formation of oxygen alloys and of 
metal-metal- oxygen alloys at the interface. In this connection the ability 
to adhere is probably influenced by the radii  of the metal atoms and by the 
position of the metals in i3e periodic system of elements, and also by the 
nature of the reaction of the metals with oxygen. The influence of the 
relationship between the atomic radii  of the metals of the pair was confirmed 
by the above experiments on friction and adhesion of cobalt and iron to 
oxides. The resul ts  of tes ts  on molybdenum in contact with oxides a r e  not 
so clear.  However, even here  the maximum coefficient of friction and the 
maximum adhesion a r e  characterist ic of the molybdenum- aluminum oxide 
pairs  in which the radii  of the metal atoms differ least  (2.1 70). Results 
which do not conform to this rule were obtained for the molybdenum-
cerium oxide pair only. 

The following conclusions can be drawn from the above studies:  
1. Pa i rs  of s imilar  oxides, like pairs of similar metals,  have a strong 

mutual adhesion which s t a r t s  at higher temperatures (0.45- 0.65 K n p )  than 
adhesion between metals.  

2. Pai rs  consisting of an oxide and a metal s ta r t  to adhere to one 
another at  temperatures lower than those for pairs of s imilar  oxides but 
higher than those for pairs of s imilar  metals (in our studies adhesion 
started at a range of 0.41 -0.6 Tmp of the metal). 

3 .  Friction and adhesion of metals and oxides depend on the relationship 
between the radii  of the metal atoms, the polymorphic transformations in 
the metals,  the position of the metals in the periodic system of elements, 
and their  affinity for oxygen. 
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STUDY ON THE VIBRATION ENERGY (INTERNAL 
FRICTION) AS A RESERVE OF STRENGTHOF 
REFRACTORY ALLOYS AT ELEVATED 
TEMPERAT URES 

PURPOSE O F  STUDY 

The damping of vibrations of refractory alloys is  often of great importance 
for evaluating their  strength under conditions of resonance, for example, 
when these alloys a r e  used to produce blades of steam and gas turbines. 
In such cases the amplitude of resonance vibrations, and consequently the 
maximum s t r e s s e s  in the material, a r e  inversely proportional to  the 
damping of a given system. Since the damping of vibrations is  a character
ist ic greatly influenced by the s t ructure  of the metal, it is possible to  
change it by varying the heat treatment of the material .  The strength of 
the material  under conditions of vibration can also be influenced in the 
same  way. 

Since there  a r e  few data on the ability of modern refractory materials 
t o  dissipate energy during vibrations 11-71, a solution to  the problems 
associated with a study of the damping of vibrations of these materials is 
very important. 

The purpose of this study i s  t o  find the chief groups of modern refractory 
alloys: 1) medium-alloyed ferromagnetic s teels  on the basis of a-solid 
solutions of iron (E1415 and 18KhllMFB); 2 )  highly alloyed austenitic steels 
(E1787 and EI696M); 3) nickel-base alloys (EI437B, E1893 and EI765). 
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Dependence of the damping of vibrations on the amplitude of stresses a t  
different temperatures: 

a-for ferromagnetic steels: 1-perlitic steel EI415; 2-martensitic
ferritic steel 18KhllMFB; b-precipitation-hardening austenitic steel 
EI696M: l '-in thehot-worked initial state; 2' -in the initial cast state; 
c-nickel-base precipitation-hardening alloy EI893: l"-in the initial 
hot-worked state; 2 - in  the initial cast state. 
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Particular attention is paid to  a comparison between the properties of hot-
worked and cast  materials.  The properties of cast  materials a r e  of 
particular interest  in modern methods of precision casting of refractory 
alloys, particularly of turbine blades and even of complete turbine wheels. 
P r io r  t o  the investigations, all alloys w e r e  given a heat treatment which 
ensured a maximum heat resistance.  

DEPENDENCE OF THE DAMPING O F  VIBRATIONS 
O F  REFRACTORY ALLOYS ON THE AMPLITUDE 
OF VIBRATIONS AT DIFFERENT TEMPERATURES 

The problem of dissipation of energy during vibrations has been especially 
studied in this work. W e  found the relationship between the damping of 
vibrations in these alloys and the amplitude of s t r e s s e s  and temperature.  
These measurements w e r e  carr ied out by the method of impulse counting 
with special  specimens and devices 11, 2 1 .  

The dependence of the damping of vibrations of some of the alloys w e  
studied on the amplitude of s t r e s s e s  at different temperatures a r e  given in 
the figure. The temperatures w e r e  chosen according to  the ability of a given 
alloy to  withstand high temperatures under service conditions. For practical 
use and for a quantitative comparison of the damping abilities of alloys, 
it is convenient to have numerical data on the damping of vibrations for 
some static s t r e s ses .  The static s t r e s s e s  applied were 10, 15, and 
2 0  kg/mm2. For  these magnitudes the table gives the damping for all  alloys 
studied at  different temperatures.  

DISCUSSION O F  RESULTS 

1. The specific characterist ic of nickel alloys and austenitic steels 
studied in this work is the existence of solid solutions which are strengthened 
by the precipitation of intermetallic compounds of borides and carbonitrides 
1 8 1 .  These alloys a r e  nonmagnetic. These properties influence the 
relationship between the damping of vibrations and the increase in the 
amplitude and temperature (Figures 1,b and c).  A s  a result of the specific 
properties of these alloys, the damping of vibrations i s  little influenced 
by the amplitude of s t r e s ses ,  and this relationship is only slightly improved 
by increase in temperature to a maximum value. 

These facts can be qualitatively analyzed according to  dislocation theories 
on the dependence of internal friction on amplitude. Of these theories the 
most important i s  that of Swartz and Weertman / 9 / ,  which is essentially 
a continuation of the work of Granato and Liicke /IO/. These works a r e  
based on a model in which the dissipation of energy is determined by the 
migration of dislocation loops which a r e  fixed not only on the branchings 
but also on the atoms of impurities. 

The differences between the damping of vibrations of wrought and cast  
alloys a r e  very interesting. It has been found that the damping of vibrations 
of cast  austenitic EI696M steel  (Figure 1,b )  below 600°C is smaller  than 
that of the same hot-worked steel .  The damping of forged nickel-base 
E1893 alloys (Figure 1, c )  and its dependence on the amplitude of s t r e s ses  
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a r e  also grea te r  than in cast  alloys. The cause of these differences probably 
l ies  in the s t ructures  of these alloys. In fact, an analysis of the s t ructures  
has shown that wrought materials have finer dispersed particles than cast  
alloys, This indicates that in wrought alloys with fine-grained precipitates 
the dislocations can break more easily through the impurity b a r r i e r  than in 
cast  alloys with their  coarse coagulated particles.  Therefore the damping 
of vibrations of cast alloys (particularly at  elevated temperatures)  is lower 
than of wrought alloys. 

On the other hand, a decrease in the temperature of aging reduces the 
amount of intermetallic precipitates and makes them more dispersed. 
Therefore,  in E143733 alloys aged at 700°C the dislocations can break more  
easily through the b a r r i e r s  than in the same material  after aging at 750°C. 
The damping of vibrations of such alloys is less than of alloys aged at 700°C 
(see table). 

The damping vibrations of ferromagnetic E1415 and 18KhllMFB steels 
(see Figure 1, a )  i s  one order  of magnitude higher than that of the above 
alloys. This may be due to the heterogeneous s t ructure  and the magnetic 
properties of these s teels .  It has been found /6/ that the dissipation of 
energy in ferromagnetic materials i s  higher because of the deflection of the 
fields of spontaneous magnetization under the influence of external s t r e s s e s .  

The i r regular  variation in the damping of vibrations of 18KhllMFB steel  
(see Figure 1,a and the table) with increase in temperature has also been 
explained by the migration of atoms of carbon along the intersti t ial  s i tes  in 
the retained austenite 1111. 

2. The damping of vibrations of a number of refractory materials 
studied in this  work have a specific scientific and practical  interest  a s  
characterist ics closely related to the s t ructures  of the alloys. 

However, for practical  engineering, the damping of vibrations should 
be considered together with other character is t ics  determining the strength 
of the materials,  including one which determines directly the process of 
failure.  

For  failure under conditions of vibration, one such characterist ic is the 
fatigue limit of the material  at  a given temperature.  Thus, the fatigue limit 
should be considered in connection with the damping of vibrations. 

Let u s  now consider the quantitative relationship between these physical 
character is t ics .  

It i s  known 1 1 2 1  that during resonance the maximum amplitude of 
vibrations ea  of the system is  

where Fo is the amplitude of periodically acting induced forces;  I is an 
inertion characterist ic of the system (mass) ;  mr is the frequency of angular 
resonance of the system; 6 is the logarithmic damping of vibrations. 

At the same time the permissible amplitude of vibrations of the system 
8r is determined by the geometry of the vibrating element (its rigidity), 
and by the magnitude of permissible s t r e s s e s .  Obviously, under conditions 
of resonance vibrations the leve l  of permissible s t r e s s e s  is  determined by 
the fatigue limit at a given temperature.  At the same  time each alloy has 
an optimum temperature for  a given service t ime.  Let us designate the 
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fatigue limit at this temperature by u-,. In this case it is possible that 

where E is the rigidity characterist ic of the vibrating system. By 
substituting formula ( 2 )  into formula (l), w e  obtain 

F ,  = CU_,G, (31 

where C=/(,,: Bln is a certain constant magnitude characterizing the geometry 
and elastic properties of the system. 

The result  given by (3) shows that the maximum value of the induction 
force Fo is determined by the product of the fatigue limit and the damping 
of vibrations of a material  under s t r e s s e s  equal t o  the fatigue limit. Thus, 
the n.,h product is determined by the fatigue strength of the material .  Let 
us  designate this product by A ,  and consider it a s  a new strength charac
ters i t ic  of heat-resistant materials under conditions of resonance vibrations. 

The above discussion shows that the damping of vibration is a very 
important r e se rve  of strength in metals used in machine building. If it is 
possible to increase the damping of vibrations of a metal without reducing 
i ts  fatigue limit, the strength of the construction is increased also.  The 
damping of vibrations can be increased, for example, by heat-treatment, 
alloying, surface coating, and other methods. 

Since the fatigue limit should always be considered together with the 
damping of vibrations w e  have given these characterist ics and the values 
of A at  service temperatures for the alloys investigated in the table. It 
should be pointed out that a t  700°C the EI437B alloy has  a higher value of 
A than the E1787 alloy. 

COJY CLUSIOKS 

1. F r o m  the experimental data on the dependence of the amplitude of 
vibrations on the amplitude of s t r e s ses  at  different temperatures it is 
possible to compare the characterist ics of 7 refractory alloys in 11 states, 
since the measurements were carr ied out by the same method. These 
data have a direct practical value for designers.  

2 .  The magnitude of the damping of vibrations of refractory alloys 
depends on their  s t ructure ,  and can be explained on the basis  of the 
dislocation theory of internal friction developed by Swartz and Weertman. 

3. Coarse precipitates in the alloys lead t o  a decrease in the damping 
of vibrations. 

4. For  a correct  evaluation of the strength of a metal  under conditions 
of vibration, it is necessary to  consider both the fatigue limit of the 
mater ia l  and its damping of vibrations under s t r e s s e s  equal t o  the fatigue 
limit. F o r  a quantitative evaluation of the heat resistance of a material  
under conditions of resonance vibrations, a magnitude has  been introduced 
equal t o  the product of the fatigue limit and the damping of vibrations at 
the service temperature of the alloy. 

5 .  The nonferromagnetic austenitic heat-resistant s teels  and nickel-
base alloys show a damping of vibrations considerably lower than the 
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ferromagnetic low- and medium-alloyed steels. This is because in addition 
t o  the dislocation mechanism of dissipation of energy, these  alloys have a 
magnetomechanical hys te res i s  which leads to  additional great losses  of 
energy in  the material .  

6. The damping of vibrations in nickel-base alloys increases  over the 
range of se rv ice  temperatures  of which these alloys are heat res is tant .  
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M.  B .  Guterman, and A.  S. Trekalo 

SUBSTRUCTURE AND GRAIN BOUNDARY POROSITY 
UNDER CONDITIONS OF CREEP 

Two character is t ic  processes  take place during the c reep  of metals. 
1. A change in the s t ructure ,  in particular the formation of subgrains 

whose dimensions and disalignment greatly influence the c reep  r a t e .  
2 .  The formationof smal l  centers  of f racture  along the grain boundaries. 

The kinetics of the development of these apparently determine the serv ice  
life of mater ia ls  under stress. 

Substructural changes during creep have been studied in severa l  papers  
11- 41. However, the mechanism of formation of substructures  i s  st i l l  
controversial. Even more doubtful is the mechanism of the nucleation and 
growth of grain boundary pores .  The purpose of this work is to  determine 
the specific conditions under which these processes  take place in mater ia ls  
which differ considerably with regard to  the formation of a substructure  
and of grain boundary porosity. We shall f i rs t  discuss the processes  of 
strengthening in nickel and in nickel-base alloys at different temperatures  
of deformation, a s  well as  the softening which occurs  during subsequent 
annealing. 

We studied the temperature  dependence of the strength and the thermal  
stability of severa l  single-phase nickel alloys containing titanium, molyb
denum, and iron. 

After a homogenizing anneal the specimens were stretched to  a 10% 
deformation at a constant ra te  of about min-I at different temperatures .  
The s t r e s s - s t r a in  curves a r e  w e l l  represented by the equation 

where u is the difference between the acting s t r e s ses  and the s t r e s s e s  a t  
which flow s t a r t s ;  E is the elongation. 

The parameters  X and n in this equation character ize  the strengthening 
of a given alloy. The first coefficient gives the slope of the s t r e s s - s t r a in  
curve, and should be considered'as a character is t ic  of the ability of the 
crystal  lattice to become strengthened, which is associated with the ease  
of motion and interaction of dislocations. The coefficient n determines 
the shape of the curve, and character izes  the development of softening 
processes .  As an example Table 1 gives the values of X and n for nickel 
and nickel- titanium alloys. 

It can be seen that both parameters  decrease with temperature .  This i s  
due to  a smal le r  accumulation of defects, and therefore t o  a smal le r  
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strengthening (XI, and the gradual development of the softening processes ( n ). 
It can also be seen that the strengthening ability of pure nickel decreases  
more rapidly with temperature than that of the nickel-titanium alloy. 

The stability of strengthening and the elimination of accumulated 
microdefects was studied by the calorimeteric method using a special 

Ni+3at .  To Ti  NiTemperature of __
deforma X n X I 

-
20 105 0.63 120 700 20 0.29 

400 45 0.56 108 800 14 0.30 
-5 00 0.43 900 4.5 

600 16 0.32 

don de forma tion 

Figure 1 shows the evolution of energy accumulated by deformation a t  
20, 400, and 900°C during slow heating. An increase in the temperature of 
deformation from 20  t o  400°C greatly increases the stability of microdefects. 
In addition, the region where energy ( A )  associated with various unstable 
point defects is evolved exists during cold deformation only. On the other 
hand, the region of stable defects during deformation at elevated temper
atures  is divided into two subregions, apparently because of the formation 
of two different groups of defects. It is a lso possible that one of the high-
temperature peaks i s  caused by polygonization, and the other by the 
existence of complex configurations. A comparison of the properties of 
nickel and of nickel-base alloys shows that the addition of alloying elements 
increases the stability of the defects, and consequently of the strengthening, 
particularly at low temperatures of deformation. 

AW, joule/g. degree C 

FIGURE 1. Evolution of accumulated energy during annealing of nickel(a-c), and of nickel alloys 
containing 3 at .  To of titanium (d-f), deformed at  20°C(a, d), 400°C (b-e) and 900°C (c, f). 

The addition of molybdenum to the alloy shifts the region of stability 
even more  (by almost 200°C) [to higher temperatures], while i ron shifts 
this region toward lower temperatures.  It is interesting to  note that even 
after deformation at 900°C certain defects still exist. 

The dislocation structure and the substructure were also studied by 
metallographic methods. Figure 2 shows some of these structures,  and 
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FIGURE 2. DisIocation structure: 

a--nickel, rdef=400"C; X100, 6-nicker, rdef=90O0C, X 500; c-nickel alIoy with 3ar. % oft imuium, 
r d e f  =900aC, ~1000. 
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indicates that the density of dislocations in nickel i s  considerably higher 
than in  nickel-titanium alloys. It can also be clearly seen that a higher 
temperature of deformation (900OC instead of 400°C) leads to the formation 
of a substructure during the deformation process proper;  the dislocation 
density in this case is also lower. 

Thus, the degree of strengthening and its thermal stability a r e  greatly 
influenced by the composition of the alloy, the temperature of deformation, 
and the substructure which is visual even under an optical microscope. 

To study the formation of pores and of a substructure during creep, w e  
chose M1 copper (99.9%), NO nickel (99.9970), and three nickel-base alloys: 
1)  a single-phase solid solution 28.5'7'0 C r - 2 . 6 %  Al-Ni; 2)  a binary 
nickel-base alloy with a composition s imilar  to that of the f i r s t  alloy but 
strengthened by a dispersed y-phase (Ni3Al);and 3 )  the industrial complex 
refractory E1765 alloy strengthened by carbide and intermetallic preci
pitates. The nickel w a s  tested at 500-700°C for  up to  300 h r .  The 
substructure was revealed metallographically. 

The best etchant for nickel i s  a mixture of three concentrated acids: 
nitr ic (40- 30  ml),  acetic (60- 7 0  ml),  and hydrochloric (0.5 ml). The grain 
boundary porosity in nickel was not revealed, and only the grain boundaries 
were etched more.  The degree of development of the substructure varies 
between grains,  and depends on the orientation of these grains with respect 
t o  the axis of tension. The thick, well etched continuous subboundaries a r e  
located perpendicular t o  the direction of shear ,  and apparently characterize 
the relatively higher disalignment. These subboundaries can be identified 
with the bending planes. The thin boundaries can be etched only slightly. 
They consist of points located along this direction, and have a low carbon 
content. Therefore, the substructure looks banded. The dimensions I 
of subgrains have been calculated. The curve representing the distribution 
of subgrains according to  their  dimensions is asymmetric t o  the elongated 
branch of the coarse  grains,  and can be given approximately by the 
logarithmic-normal distribution. The average dimension of subgrains (as 
found in our experiments) decreases approximately linearly with increase 
in s t r e s s  and i s  equal t o  1-2 1.1 at t = 500°C and at u = 5 kg/mm2 applied for 
2 0 0  h r .  The disalignment of thin boundaries (parallel to the direction of 
s l ip )  determined from the distance between the etched holes i s  equal to - 1 ' .  According to o u r  data, the formation of a substructure i s  not 
terminated by the first  stage of creep. This fact together with the 
appearance of the subgrains, a s  mentioned above, confirms the theory of 
MacLean, according to which the first  stage of creep leads to  division 
of the s l ip  bands, and the formation of bend planes perpendicular t o  the 
direction of sl ip.  The next process is the formation of a substructure by 
polygonization. These processes a r e  probably the cause of the banded 
substructure,  and the orientation of the continuous and point s ize  subgrains 
discussed before. K O  substructure could be found in copper (only recently, 
we found a work in which a substructure with 3 . 3 ~large blocks was revealed 
after c r eep  a t  465°C by means of a transmission electron microscope). After 
creep at 350-500°C for up to  a few tens of hours large amounts of small  
pores were found in copper. These pores were located chiefly (about 90% 
of them) along the grain boundaries perpendicular t o  the axis of stretching. 
These pores w e r e  oval in shape with an  average relationship between the 
axes of 1:1.2, and were slightly elongated along the grain boundaries. Most 
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pores were joined in chains in the vicinity of the fracture .  Many cracks 
which preserved the shape of the pore chains were also found. 

In specimens with different cross-sectional a reas ,  tested at  450°C for  
4 h r ,  the pore distribution was found in sections corresponding to s t r e s s e s  
of 5 and 2.4 kg/mm2. The curves representing the distribution of pores 
according to  their  dimensions at both these s t r e s s e s  have a well-marked 
maximum at 1 . 2  p .  The distribution of pores was studied in a l l  cases  f rom 
200 measurements.  The distribution curves,  plotted in semilogarithmic 
coordinates, a r e  symmetrical .  On the distribution v e r s u s  log d (where d i s  
the dimension of pores)  graph, the distribution law is represented by a 
straight line. This indicates that the distribution of pores according to  their  
dimensions is governed by a logarithmic-normal. law of distribution. 

The number of pores per unit of microsectional a r e a  has been counted 
for the different diameters of failed specimens. It has been found that the 
relationship between the number of pores N and the s t r e s s  a is almost 

linear (Figure 3), and therefore ua = A = const, where a -1 is  the averagem 
distance between the pores (Table 2 ) .  

The dependence of the dimensions of pores  on the testing t ime is  shown 
in Table 3. As the dimension of the pores,  we took the diameter of the pore 

d perpendicular to  the boundary 
(small  axis).  Every magnitude 
of d in Table 3 corresponds to an 
arbi t rary magnitude on the curve 
representing the distribution 
of pores according t o  their  
dimensions, which was plotted 
from at least  200 measurements.  
It was found that this dependence 
is almost a l inear function in the 
d -x'la . coordinates . 

It is interesting to  note that 
such a dependence on t ime is 
characterist ic of the diffusion 
processes of sintering and 
coalescence. Figure 3 and 

FIGURE 3.  Dependence of the number of pores N on the Table 2 show that during inter-stress U for nickel alloys: 
granular failure the number of 

1-E1765 alloy, T = 850°C; T =4202 hr; 2-Ni-Cr-A1 pores N,,, after accelerated 
alloy, T = 7OO"C, T =993 hr: 3-the same,  T =7OO0C, spontaneous fracture  takes place
T = 557 hr. 

is almost identical at  a l l  temper
atures  and testing t imes.  

It should be pointed out that the rate  at which N,,, is attained is  greatly 
influenced by the conditions of testing and may vary by one order  of 
magnitude. Thus, in copper at  T =450"C, N,,, is reached after 43 h r  at 
(I = 3 kg/mm2 but after 4 h r  at  u = 5 kg/mm2. Pores  have also been found 
along the grain boundaries of nickel alloys creep tested at 700- 850°C for 
from 300 to 10,000 hr .  It was found that the laws which govern the 
mechanism and kinetics of the development of porosity in copper also hold 
for this whole group of alloys. It is interesting to note that N,,, for  various 
conditions of testing of different alloys is very s imi la r ,  but considerably 
less  than N,,, for  copper. The photomicrograph in Figure 4 shows that the 
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pores in the heterogeneous alloy a r e  formed along the grain boundaries 
between the precipitates of the strengthening phase. These precipitates, 
apparently, hinder the joining of the pores into chains and the formation of 
continuous cracks.  

TABLE 2. Dependence of thenumber of pores in copper on the stresses 

T = 390°C, 7 =4h1 43hr 

"E "E 
N N 

\ 
E 

6 2  
li 2 
% U  

-. li 2
6 2  r &  

2.85 24.5; 0.114 4.75 24.3 0.195 6.00 25 .O 0.240 2.85 21.oo 0.135 
2.20 17.5 0.125 3.97 17.2 0.200 4.00 17.8 0.224 2.40 20.00 0.120 
1.65 13.7 0.120 2.80 14.6 0.185 3.42 14.0 0.224 1.EO 13.70 0.132 
1.40 11.6 0.122 2.06 10.4 0.204 2.35 11.2 0.210 1.48 11.95 0.125 

aa E E aa E E aa
7;; E 7;; 

N max, corresponds tO about 0.95 abreak. 

TABLE 3. Dependence of the transverse dimension of pores on the testing time 

E1765 alloy, 75OOC 1 Alloy (solution), 7 0 0 T  

7 ,  hI d .  P T I  hr 

288 0.87 200 1.76 
974 1.02 557 1.78 

10,202 2.34 1000 1.E2 
1615 1.92 

~~ 

It can be assumed that the cr i t ical  number of pores depends on the 
properties of the basis  metal, but if  other conditions a r e  equal, the ra te  
at which this cr i t ical  number of fracture centers is reached, and 
consequently the life of the material ,  depend on the degree of strengthening 
of the grain boundaries by the carbide o r  intermetallic precipitates. 

F rom these results certain assumptions can be made on the mechanism 
of deformation and fracture  caused by creep. The f i rs t  stage of creep leads 
mainly to  transient processes of sl ip and the formation of bend bands and 
adiathermal fragmentation. Although the initial stage of nucleation of 
f racture  centers has not yet been sufficiently clarified, it can be assumed 
that the strengthening of the metal  gives r i s e  to conditions under which the 
formation of fracture centers by thermally activated rupture of atomic 
bonds in small  regions becomes possible. The maximum s t r e s s e s  a r e  
exerted chiefly at the boundaries perpendicular to  the tension axis.  A 
gradual increase in the number of f racture  centers up to a certain number 
N which is characterist ic of a given material  and a given structure,  
takes place during the whole test ,  start ing at the second s ta te  of creep. 
When the number of pores N,,, is reached, the total surface of the pores is 
a small  fraction, about 170,of the surface of the grain boundaries of the 
microsection. 
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At the beginning of the process  the maximum s t r e s s e s  at the ends of the 
pores lead to the formation of new pores  in the  immediate vicinity of those 
in existence; this resu l t s  in the formation of pore chains. After N,,, is 
reached, the  distances between individual pores in the chains becomes s o  
narrow that the maximum s t r e s s e s  at the  ends of two neighboring pores  
overlap, and the stress is sufficient to f rac ture  metal  between the pores .  
As we have already mentioned, the  precipitation of a strengthening phase 
along the grain boundaries is an obstacle to  the joining of the pores into a 
continuous crack. The growth of the pores is due to  diffusion processes .  

FIGURE 4. Pores in the E1765 aIIoy afEer snetching at 850°C for 
4000hr,0% kg/mm*: 

a-X300: b-XIOOO. 

We found no d i rec t  connection between the  formation of a substructure  
and the susceptibility of a metal  to the  formation of pores .  Although the  
substructure  of nickel and aluminum can  easily be revealed, the  pores  are 
not discernible. F o r  copper the opposite is t rue .  Pavlov, Mel'nikova and 
Pecherkina / S I  showed that this behavior of copper may be due to  the  
stacking fault energy. 
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K.  I .  Terekhov 

ALLOYING, STRUCTURE, AND PHASE COMPOSITION 
OF HEAT -RESISTANT NICKEL- CHROMIUM ALLOYS  
CONTAINING NIOBIUM* 

Most complex alloyed heat-resistant s teels  and alloys contain seve ra l  
elements which either enter the solid solution (Ni, Cr ,  Mn, Mo, Co, W )  or 
form the main strengthening intermetallic y'-phase (Ti, Al), with some 
carbide phase (Cr,  Ti,  Nb, C, V).  

During the ear ly  stages of the development of dispersion-hardened heat-
resistant nickel- chromium alloys titanium w a s  the chief strengthening 
element. Later it w a s  found that aluminum i s  even more  effective in 
forming the y'-phase. **<Aluminum forms a compound with nickel of the 
berthollide type Ni,A1, which has a lattice s imilar  t o  that of the solid 
solution, but the y'-phase has a l a rge r  lattice parameter .  The above 
compound can dissolve large amounts of titanium, which leads to the 
increase in the lattice parameter  of the $-phase. 

The importance of niobium for stabilizing the solid solution and forming 
the main strengthening phase has long been underestimated, and therefore 
few niobium-alloyed heat-resistant s teels  and alloys a r e  produced today 
in the Soviet Union (EI481,E I G O C )  o r  abroad (Inko-718, Rene-62, USA, and 
g-18B and g-32B, England). 

* The experimental parr of this investigation was carried out with the participation of N. I. Kurkina, 
A .P. Ozerova, G. G. Georgieva, and E. V. Polyak.

* *  According to the data given by S.T.Kishkina, N.F.Lashko, e t  a l .  
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In 1953- 1954 the investigations carr ied out together with N. I. Kurkina 
on a number of heat-resistant alloys containing up to  2- 370 niobium, 
2.5-370 molybdenum, and 1.3-1.6'70 aluminum (the E1437 alloy contains 
only 0.5- 0.90% AI)  led to  the development of an original heat-resistant 
alloy with no cobalt o r  tungsten, which had good mechanical properties 
(up to  750°C) over the range of the most important working temperatures  
(550°C-750°C). 

The mechanical and high-temperature properties of this Soviet heat-
resis tant  alloy a r e  superior to  those of the English Nimonic-90 alloy, which 
contains 18% cobalt, and a r e  comparable to  those of the complex alloyed 
Rene-41, Waspaloy, and other alloys (USA) with 10-14'70 cobalt and 4-1070 
molybdenum. The amounts of alloying elements forming the chief 
strengthening $-phase in nickel-base alloys a r e  about the same,  namely, 
2.5 -3. O %  titanium and 1.570 aluminum. 

According to  l i terature  data the influence of niobium is often s imilar  to  
that of other alloying elements (Mo, W, Co), as  it effectively strengthens the 
solid solution, inhibits the diffusion processes ,  and greatly increases  the 
recrystallization temperature.  It thus  appreciably increases the resis tance 
of alloys to  plastic deformation at  elevated temperatures .  

According to  Lashko and Georgieva, more than half the niobium (e170) 
forms an intermetallic y'-phase, about one third forms  a solid solution, and 
part (0.2-0.3'70) a pr imary carbide phase of the Nb(CN) type. 

The influence of niobium on the s t ructure  of heat-resistant s teels  and 
alloys is most important. The coarse liquation particles consist of 
carbonitrides, titanium oxides, and chromium borides. The chief liquation 
elements in heat-resistant nickel-base alloys a r e  titanium, aluminum, and 
to  some extent boron and carbon. According to  the studies of Stepanov 
et al . ,  the presence of 1.5- 2 '70 niobium in the alloys binds the carbon during 
the ear ly  stages of crystallization, and thus changes the physicochemical 
properties of the mother liquor and creates  conditions for  reducing the 
separation of liquation elements. 

The presence of heat-resistant initial niobium carbides which a r e  almost 
insoluble up to 1250- 1300°C inhibits the rapid grain growth during the 
heating of the alloy, and thus prevents the formation of a coarse  zonal 
nonuniform crystal  s t ructure  during hot pressing and heating for quenching. 

INVESTIGATION OF THE PHASE COMPOSITION O F  
A NICKEL- CHROMIUM ALLOY 

The data of a phase analysis given in Table 1 show that quenching this 
alloy from 1000, 1120°C in water leads to  the formation of a solid solution 
and smal l  amounts of a pr imary carbide phase NbCN which does not 
dissolve even i f  the metal  i s  heated to  1250°C. Slow cooling in the a i r  f rom 
the solution heat-treatment temperature leads to  the precipitation of 
considerable amounts of the strengthening y'-phase, about 10% of the 
y'-phase af ter  a single heat treatment and about 14.570 of the y'-phase 
af ter  a double. 

Aging at 750-775°C for 16hr  leads to  an increase in the content of the 
?'-phase to  2070, i .  e.,  double the amount produced by a single quenching. 
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Double aging increases  the content of the y'-phase to 2270 and reduces 
the s ize  of i t s  particles.  This leads to an appreciable increase in the 
strength of the alloy (ob, u ~ . ~ .HB)and the long-time strength of the EI-602 
alloy over the whole range of working temperatures  up to 750°C. 

TABLE 1. Phase composition of a nickel-chromium alloy after different heat-treatment processes 

Content of 
elements in 

Heat-treatment process Content of alloying elements in the y-phase,  the carbide 
phase, q o  __ 

N i  T i  AI Nb Cr Mo e ,  sr, T i  Nb -
112O"C, 8hr ,  a i r+  lOOO"C, 12hr,  water 0.1c 0.04 traces naces races traces 0.1 0.05 0 2.2 
1120°C, 8hr, a i r . .  ...... . .. . . . . 8.37 0.85 0.4 0.53 0.41 0.10 10.6 0.05 0.11 
112O"C, 8hr, air+100O0C, 4h1, a i r . .  . 11.8 1.05 0.53 0.60 0.37 0.09 14.4 0.06 0.13 
112O"C, 8hr, air+100O0C, 4hr ,  a i r+  0 

+750-775"C, 16hr ,  a i r . .  . . . . .. . 15.7 1.58 1.05 1.1 0.68 0.18 20.2 0.06 0.18 
112O"C, 8hr,  air + l O O O O C ,  4hr ,  a i r+  

+750°C, 16hr, air+650°C, l6h r .  . . . 18.0 1.621 1.101 1.18 0.72 0.72 22.8 0.06 	 0.17 
__ 

An analysis of the content of alloying elements in the y'-phase shows that 
it consists chiefly of Ni, Ti, Al, and Nb. The contents of A1 and Nb in the 
$-phase a r e  almost the same.  Although chromium and molybdenum also 
enter the $-phase they remain mostly in the solid solution of the alloy. The 
amount and composition of the strengthening carbide phase (about 0 . 2 7 0 )a r e  
almost the same after a single or double solution heat treatment.  

An X-ray analysis carr ied out under the supervision of N. F. Lashko 
showed that the alloy contains two main phases:  the strengthening inter-
metallic y'-phase Ni, (Al, Nb, Ti,  Cr ,  Mo), the carbide Nb (CN) phase, and 
very small  amounts of TiN and Cr2B,. 

It should be pointed out that this heat-resistant nickel-base alloy is the 
only one that does not contain the cubic chromium carbide of the Cr,,C, type, 
which precipitates mainly along the grain boundaries and appears to  be the 
main reason for the considerable reduction in the impact strength of heat-
resistant alloys on heating. This is  apparently because the total amount 
of carbon in this alloy is  used up by niobium and titanium, and little is left 
for the formation of chromium carbide. 

A study on the embrittlement of EI-437B alloys during heating showed 
that heating to 550-650°C for 50-500 hr  reduces the impact strength of 
the metal to 1.5-1.2 kgm/cm2. Further  heating for 5000hr does not change 
this value. After 10,000 h r  of heating at  650, 700, and 750°C the impact 
strength of heat-resistant alloys containing 2 70 niobium does not drop below 
3.5-4kgm/cm2 (Figure 1). 

Niobium inhibits the diffusion processes,  particularly the process  of 
coagulation of the y'-phase, which in itself is very slow in the range of 
600 -750°C. 

This is shown by the resul ts  of an'analysis on the relationship between 
the composition of the alloys and the temperature during prolonged aging 
(from 3000 to 10,000 h r )  given in Table 2. * 

The specimens were aged and tested for strength after a long t ime by E.E. Levin and 1.G.Taubina. 
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The data in Table 2 show that even prolonged heating (from 3000 to  
10,000 h r )  at  650, 700, and 750°C does not influence the relationship between 
the chief alloying elements in the y'-phase. The amount of this phase is 
increased f rom 14.56 to 1 9 - 2 0 %  on heating. 

o 	 ~ zoaa waa 6aao moo moo 
Time,  hr 

FIGURE 1. Relationship between the impact strength of 
alloys and the duration of aging: 

1-EI-437L3, heated a t  6OOOC; 2 - nickel - chromiuni 
alloy, heated at  650°C (2') and 700°C ('2"). 

TABLE 2. Phase coinposirion of nickel-chromium alloys after prolonged hearing a t  elevated temperatures 
under stress 

Temperature, holding 
t ime, and stress 

Initial state after hea t  
t reament  by the pro
cess: 

1120"C, 8h1, 1ooo"c, 4h1, 
+8OO0C, 16  hr 

The  same + 650°C, 3000hr 
" +7OO0C, 3000hr 
" +7OODC,10,000h 
" +l5O0C, 3000hr 
" + 750°C, 10,000hi 
'* 700, a = 38 kg/mm2, 

4040 hr 
I'  700, u =  38 kg/mmz, 

200 hr 
___. 

Content of elements in the
Content ofelements in the y-phase, q o  

carbide phase, 70 
__ __ 

N i  T i  Cr Mo AI Nb e ,  qo Ti  Cr M O  K b  E ,  % 

11.55 1.22 0.30 0.13 0.71 0.60 14.56 0.08 0.02 0.03 0.24 0.37 
14.90 1.55 0.35 0.16 0.9 0.90 19.76 0.08 0.03 0.03 0.28 0.42 
15.29 1.60 0.37 0.18 -0.9 0.98 19.40 0.08 0.03' 0.03 0.26 0.40 
14.96 1.54 0.38 0.17 1.0: 0.92 19.2 0.08 0.03 0.04 0.24 0.40 
14.58 1.54 0.37 0.15 1.0: 0.95 18.68 0.08 0.03 0.03 0.25 0.39 
14.44 1.52 0.39 -0.16 1.0: 0.96 18.52 0.08 0.04 0.04 0.25 0.41 

15.2 1.50 0.40 0.16 1.1: 0.94 19.82 0.09 0.06 0.03 0.26 0.44 

15.3 1.54 0.40 0.20 1.1( 0.95 19.70 0.09 0.05 0.03 0.26 0.43 

* In this heat the content of AI, T i ,  and Nb, i.e., of the chief elements in the 7,-phase, was a miniiiiu~n. 
The higher temperature of aging (8OOOC) applied earlier led to a certain coagulation of the strengthening 
y-phase. 

The total content of alloying elements in the carbide phase was 0.4
0.4370, compared to  0.20% before aging. This increase was chiefly at  the 
expense of niobium. The data on the phase analysis obtained for alloys 
heated under stresses at  700°C for 2000 to 4000 h r  a r e  very interesting. 
Specimens s t ressed by a force of a=33kg/mm2 at this temperature did 
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not fail  before 4000hr, but specimens s t r e s sed  by a force of 0=38 kg/mm2 
failed after about 2000 hr.  

Prolonged heating at 650°C leads to additional strengthening of the alloys 
caused by precipitation of a finely dispersed strengthening phase, which 
somewhat increases the strength and the  hardness of the alloy but consider
ably reduces ductirity and impact strength. 

2 

C 

FIGURE 2 .  Microsuucmre of heat-resistant nickel-chromium alloys: 

a-solution h e a t - u e a m e n t  and aging, X 300, X 1000; b-solution heat-treatment +aging a t  700°C,for 
10,000 hr, X 300 and XIOOO; c-solutionheat-neatment +aging at 75OoC, for l O , O O O h r ,  X300 andx1000. 
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These properties of the alloys, their  s t ructural  and phase t ransforma
tions, and a l so  their  high thermal  stability, indicate that they w i l l  be very 
reliable under conditions of prolonged service,  and satisfy the requirements 
of high-temperature serv ice  for engines and stationary gas turbines. 

METALLOGRAPHIC ANALYSIS 

The microstructure  of these alloys was studied by optical and electron 
microscopes with a magnification of 300 and 10,000, * respectively. The 
heat-treated alloys consist of a solid solution, y‘-phase, and pr imary  
carbides of the Nb(CN) type. The particles of the f-phase a r e  very small  
and cannot be seen at  a magnification of 300 (Figure 2, a ) .  These par t ic les ,  
however, become coarser  after aging for 3000 and 10,000 h r ,  and the alloy 
can be more readily etched. The particles of the y‘-phase in an alloy heated 
at 700°C for 3000-10,000 h r  grow to  a s ize  of 0.1-0.15 p (Figure 2,b) .  At 
750°C the particles of the y’-phase become coagulated, which leads to  a 
softening of the alloy (Figure 2, c) .  

[In Figure 2,  ~ 1 0 0 0 . 1  

Yu. P. Romashkin 

INFLUENCE OF TEMPERATURE AND DEFORMATION 
ON THE NATURE OF ACTIVATION AND THE 
BEHAVIOR OF STRESSED METALS AT ELEVATED 
TEMPERATURES 

If we assume that a solid has a certain viscosity, q, then the ra te  of 
plastic deformation of this body under a s t r e s s  u=const  can be written a s  

m u

E - - .  

‘I 

According to  the theory of the ra te  of a reaction 111, 

where AF is the f ree  energy of activation of the process ,  qn is the viscosity 
when AF = 0. 

If we substitute formula (2)  into ( l ) ,  we obtain the well-known formula 

where a is a cer ta in  a rb i t ra ry  parameter  which can be used as  a coefficient 
of overs t ress ,  and 

. L U T en=-. (4) 
qn 
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In general, any molecular-kinetic process,  which we shall call  & (rate 
of plastic deformation E,  ra te  of bulk diffusion Db and grain boundary 
diffusion Dgb, failure, etc. ) can be characterized by the formula 

where a1 is a certain factor characterizing AF or  gmi. 
In this study an attempt has been made to  clarify the nature of the 

activation of processes such a s  plastic deformation and diffusion. 

1. GENERAL TEMPERATURE DEPENDENCE O F  
THE RATE OF KINETIC PROCESSES IN SOLIDS 

Model of the "hard1' activated complex 

It can be assumed that activation takes place if  the atoms of a certain 
complex acquire a kinetic energy A H p ,  which we shall  call the activation 
energy at the "pole," as a result  of which the forces of interaction between 
the atoms of the complex (which w e  shall  call  the modulus of normal 
elasticity E ) a r e  overcome. The value of AHp can correspond to  a certain 
temperature of activation at  the "pole" Tp s o  that the activated complex at 
T = 0 will tend to increase by the magnitude. 

However, since the activated complex is surrounded by a "hard" matrix 
which has a modulus of bulk elasticity K ,  the extension of this complex 
will be counteracted by a certain pressure:  

P p  = K OA"P-. 
v o  

A s  a result  the extension A v p  will not take place, and the distances between 
the atoms will remain almost unchanged. Therefore, we can assume that 
the relative volume changes of the activated complex POTpi s  constant, and 
does not depend on the conditions of the system, such as temperature,  and 
this type of activated complex can be called "hard." 

Fur ther  on we shall use this model for temperatures above the Debye 
temperature,  and therefore Po, V,, E , ,  e t c . ,  w i l l  be magnitudes obtained by 
extrapolation according to  laws  governing the relationship between these 
factors and the temperature (we shall  consider T = 0). 

Activation energy H p  of the activated complex 

According to  the above model the kinetic energy of the activated complex 
will be 

AHp =E,Avp= PoTpEOVw (6) 
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In the general  case  w e  can apparently assume that 

AVp = AVT~+ AVbi,  (7) 

where AvTi is the volume change caused by thermal  fluctuation; is the 
volume change in the lattice caused by any factor other than the thermal  
(we shal l  cal l  it the 6-factor). The 6-factor may be a distortion of the 
lattice caused by deformation, incomplete filling of the lattice by atoms 
(spheres)  even in the case  of close-packed s t ructures ,  vacancies produced 
by irradiation, etc. 

If we connect the f ree  spaces buri and Aubi with certain temperatures  
(the temperature  of fluctuation T T ~and the temperature TOi of the 6-factor)  
then in analogy with ( 6 )  we obtain 

AHp = AHri +AHbi. ( 8  1 

Hence 

AHTi 1AHp- AHai, (9)  

where the magnitude A H n  is the activation energy of some kinetic process ,  
and AHai is a certain configurative energy which can be transformed into 
the kinetic energy of the motion of atoms at the moment of activation only. 
For  this reason, and since at the moment of activation part of the kinetic 
energy should correspond to  PpAup (the energy consumed to  compress the 
complex), the maximum magnitude of 6Hbi w i l l  be 

In general  the following equation w i l l  apparently be true: 

where bOi is a certain characteristic value of h i .  According to  1 2 1 ,  the 
function f(6i/SOi) should be equal to  the tangent of the hyperbola, and the 
activation energy of the process can be written a s  

6. 
A H ~ i = A H p - ( A H p - l ' p b ~ p ) t h I .

6oi 

6
At 8 i>26, i th2+ 1 ; therefore f rom ( 1 2 )  it follows that 

6Oi 

lim AHTi -+PpAvp ( 1 3 )
bi >%by 

This result agrees  with the theory of the maximum activation energy 
of processes  developed by Osipov 1 6 1 .  It should be mentioned that this 
will be t rue  only if the action of the 8-factor does not upset the isothermal 
process  even in certain microvolumes; otherwise the 6-factor can influence 
the kinetic t e r m  PpAvp also, and it w i l l  appear that 

lim AHTi+O. 
bi >abd 
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It is possible that the dependence of the activation energy of c reep  on deformation 
and the resultantunsteadiness ofthe c reep  ra te  /5 /  i s  due to  the upsetting 
of the isothermal conditions in the microvolumes, since according to  / 5 /  
the combined action of s t r e s ses  and deformation may lead t o  very small  
activation energies of creep.  

Entropy of activation of the process  ASri  

Since the temperature of the activated complex is Tp i r respect ive of the 
type of process  and of the ratio AHp to AHbi, and the thermal  effect of 
activation is AHri ,  the relationship 

can be determined as  the entropy of the activation of the process .  The 
t e rms  ASP and a r e  the entropies of activation of the complex and of the 
6 -factor, respectively. 

F r e e  energy of activation of the process and the 
temperature  at the "pole"' 

From equations (14) and (12), the f ree  energy of activation of the process 
can be written 

AHp-(AHp-PpAvp) th 

If we consider that PpAvp=(PoTp)2KoVo, and assume that K o - E o ,  a s  is usually 
the case,  then 

where it i s  assumed that 

if  we disregard second order  t e rms  in the expansion of E and V in t e r m s  
of T .  

Formula (15) shows that at T =Tp. E should be equal t o  zero,  since 
AFi=O . Consequently, the temperature  at the "pole" is the temperature  
at which the binding forces  between the atoms in the activated complex a r e  
overcome, and a pressure  Pp develops. 

If w e  assume that T =0, equation (15 )  leads to  the known laws of Bugakov 
/ 3 /  and Portevin 141. On the other hand, if in the l a w s  of Bugakov and 

I45 


II.., 1 1 1  I I II 1111 II. I I., 1111 1111 I.. I,. .I I.. .I 11.1 ... 11.1 ... 11..1 I.., I 



Portevin we disregard the melting point Tmp and take into account the 
temperature dependence of E and V ,  w e  obtain an  equation of the type (15) 
in the form 

AFi =CiEV. 

Since this formula w a s  the r e a l  reason for this analysis, and its resul ts  
a r e  w e l l  confirmed by experiments, a s  shown below, equation (15) should 
be called the m o d i f i e d  P o r t e v i n - B u g a k o v  l a w .  

If we substitute AFi f rom (15) into (5) ,  we obtain the formula 

which is S h e s t o p a l o v ' s  e q u a t i o n  1 2 1 ,  theoretically derived and 
experimentally confirmed for plastic deformations. * 

Let u s  take equation (17) as  the basis  for comparing the proposed theory 
with experiment. The validity of this theory can be best checked by an 
analysis of the temperature-rate  dependence of the resistance of solids to  
deformation. In this case w e  can obtain experimentally the magnitudes of 

6.
Tp ,  AH,, PPAvp, Eni , and th' The resul ts  can be approximately checked 

' o i  * 

by comparing equation (12)  with the data on the activation energy of self-
diffusion of pure metals.  We shall re turn to this la ter .  

2 .  COMPARISON OF THEORY WITH EXPERIMENT 

The temperature-rate  dependence of the resis tance 
of solids t o  deformation 

According to  the resul ts  of 1 2 ,  5 1 ,  it can be assumed that 

-
where E is the average creep rate ,  Tf is the t ime to  failure a s  a result  of 
creep;  E is transient or steady-state creep rate;  ef is the deformation at the 
moment of failure,  7 N 2- 1. 
' 	Equation (17) is very important for diffusion. Since diffusion in  the bulk and along grain boundaries can be 

described by an equation of type (171, and since 

where e is the angle of disalignment of neighboring grains, then a t  T =T p  , 
Dgb= Db = Dp (18) 

Together with Fick's formula for diffusion along grain boundaries from the last formula it is possible to 
determine the absolute magnitudes of Dgband the width of the grain boundary 6gb  if we know the product 
Dgb 6gb. 
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If ef (0.3- 3 )  is sufficiently large, then the rRTmp can be disregarded, 
and therefore w e  shall continue to  leave it out. 

Figure 1 shows the log �-log u and log Tf-log u relationships at different 
values of T = const given by different authors for a number of substances 
/ 2 ,  6- l o / .  These data were also plotted in the log E- 1 / T  and log Tf- 1 / T  
coordinates at different values of u = const, and the relationships between 
the activation energy of deformation and s t r e s ses ,  shown in the figure, were 
also obtained. 

According to  (19), the point of intersection of the straight lines should 
correspond to  T = Tp and e = ip, o r  Tf  = T ~ .  

The magnitude of AH at u = O  should correspond to AHp, and its maximum 
value corresponds to  the product P p A v P .  

A l l  the curves of AH = f (u )  a r e  theoretical. 
a .  D e f o r m a t i o n  r a t e  a t  t h e  " p o l e . "  According to  the graphs 

given in Figure 1, the following equation i s  t rue  for all  the above substances: 

Since according to  the above model of the activated complex the substance 
i s  in the gaseous s ta te  a t  T = Tp and P = P P I  so  that its density is s imilar  to  
that of a solid, the viscosity of the activated complex will have an order  of 
magnitude : 

q p =  10-3poise (20)  

The magnitude of the arbi t rary parameter a in equation (4)  will be equal t o  
dimensionless units. If we assume that 

?P v p r  = y, 
where qPri s  the viscosity of a certain relaxation element, which can be 
represented as  a certain unloaded zone around an activated complex, then 
the value a indicates that the viscosity of the relaxation element is lo5 t imes 
greater  than that of the activated complex. An analysis of the value qpI is 
difficult. It can be stated only that the solution to this problem requires an 
exact knowledge of the number of atoms in the activated complex and of 
the duration of its life. 

b .  T e m p e r a t u r e  a t  t h e  " p o l e "  T p .  Data a r e  given i n t h e  
following table and in Figure 2 in which a comparison is made between 
the values of I/Tp calculated according to  formula (16) (in certain cases  w e  
used the well-known empirical  relationship /11/: (l/�,, (dE/dT)-88p) and the 
values of l/TF obtained from Figure 1. Tp" is the temperature which 
corresponds to the intersection of the straight lines plotted in thelogs - 1/T 
or logof - 1/Tcoordinates. Let us call T; the experimental temperature 
a t  the "pole," i .  e. ,  the temperature of the activated complex. It can be 
seen that the calculated data agree satisfactorily with the experimental. 

Substance Cu Pb A I  Fe Sn Zn In Ag Se Polymers' 

i/rp.io4,OK-' . .. ... 4.5 6.0 6.0 3.6 6.0 6.0 12.0 4.3 30.0 20.053 
l/'T'F104, OK-' . .. . . . 4.6 5.0 8.5 2.3 3.0 4.0 9.0 5.0 28.0 16.0-25.0 

TP/T; .. .. . .. . . . . 1.0 0.8 1.40 6 0.5 0.7 0.8 1.1 0.9 0.8-1.2 

The data for (i/E0)(dE/dnwere taken from /12,13/. 
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FIGURE 1. Temperature-rate dependence of the resistance to deformation and the dependence 
of the activation energy of deformation on the applied stress for the following substances (froin 
left to right downward) / 2 7 / :  

1-copper, AH,^ = 110-95 th 0.11 u kcal/mole; 2-silver, AHmp = 82-72 th 0.07 ukcal/mole; 
3-indium, AHmp = 30-25 th 3.5 ukcal/mole: 4-amorphic seleniuiii, A H,np  zllO-lOOth 
0.14 okcal/mole: 5-capron fiber, AHmp = 96-60 th 0.015 ukcal/mole; B-"chlorin" film, 
AH mp = 120--114th 0.06 ukcal/mole; 7-polystyrene fiber, AHlnp = 100-92 th 0.16okcal/mole. 
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It can be seen that if  l /Tp i s  changed by about one order  of magnitude, 
the average agreement between the calculated and experimental results is 
f 30q0,which is within the accuracy of the estimates.  

c .  A c t i v a t i o n  e n e r g y  a t  cr=O-AHp.  At cr-+O, the activation 
energy of deformation according to formula (19) can be written a s :  
A H p  = PoTpEoVo -

Below we compare the calculated activation energies of deformation at 
a = 0 (AHp = ~oTpEoVo)with the experimental data found for several  metals (A%). 

M e t a l . .  . . . . . . . . . . . . . . . . .  Cu Pb Pt Ag a - F e  A1 Mg In Zn 
AHp, kcal/mole (calculated) . . .  110 38 130 90 80 95 67 37 50 
AHe,  kcal/mole (experimental). . 110 35 120 80 80 75 . 60 30 33P 

Fig. 1 [Zp [14,151 Fig.1 [21" [161 Fig.1 [21" 
AH~/AH;  . . . . . . . . . . . . . . . .  1.0 1.1 1.1 1.1 1.0 1.25 1.1 1.2 1.5 

' The data for AH^ are given in / 2 /  and r ~ = A H ~ ( l - i " ~ ~ ) ,therefore we have made the necessary recalcularion, 
and Tp has been taken from / 2 / .  

Further data required for AHp of some metals, particularly of refractory 
metals,  were calculated: , 

Th,Mo, W, Re 
Meta l . .  . . . . . . . . . . .  Na L i  Ni Ta  7 = F e  Rh Ir Ru os 
Tmp, OK.. . . . . . . . . .  371 459 1728 3270 2000-3500 2239 2723 2773 2973 
4 H p ,  kcal/mole.  . . . . .  30 1 2  220 140 160-170 340 570 300 360 

These values a r e  compared graphically in Figure 3 .  It is  believed that 
for  metals with a hexagonal close-packed lattice V ,  = 1.55 a;,,in where a,nin 
is the minimum distance between atoms. This volume corresponds to the 
space occupied by an equivalent close-packed body-centered cubic lattice 
into which the hexagonal lattice is transformed at T = T p  and P = P p ,  i. e. ,  
in the activated state.  

I dE 
Eo dt 

FIGURE 2. Comparison of calculated and experi
mental data on the inverse temperatures at  the 
"pole" for the following substances: 

1-copper; 2-lead; 3-aluminu1r1: 4-iron; 5-tin; 
6-zinc; *7-indium; 8-silver; 9-polystyrene; 10
capron fiber; 11--"chlorin" film; 12-amorphous 
selenium. 
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The highest value of A H p ,  and consequently the highest heat resistance,  
can be expected for iridium, osmium, rhodium and ruthenium, although 
these metals do not have the highest melting points, but tungsten, molyb
denum, tantalum, rhenium, and thorium, can be expected t o  have a lower 
heat resistance,  although they have higher melting points than, for example, 
rhodium. 

d. M a x i m u m  a c t i v a t i o n  e n e r g y  - P p A v p .  The experimental 
(lim AHp) and calculated (,PpAvp) magnitudes of the maximum activation energy 
Q > ? Q o  

of deformation a r e  given below: 

Substance . . . .. . . . . . . . . . . Cu Ag In Ca?ron "Chlorin" Polystyrene 
l im AHp, Itcal/mole" . . 15 10 5 6 6 8 
U>2Q
pP~.i ,kcal/mole . . . . . . . . . 12 1 2  6.5 Tentatively -7 for a l l  

* Experimental data taken from Figure 1. 

The agreement between these data can be considered satisfactory. 
Thus, equation (19)  conforms well with the experimental data. 

AH:, kcal/mole (experimental) 
0 200 400 6K

600-
W 
c 


-
400-0 -W 

05 200 
m
Y 

Zn 

I n 
0 

AH:. kcal/inole (experimental) 

FIGURE 3.  Calculated and experimental data on the activation energy 
of self-diffusion d u r i n s  the process of deformation a t  U+O: 

Dark circles designate the required calculated values for AHd or AHp. 

Activation energy of self-diffusion A H ,  

Tn the case of self-diffusion and in the absence of any s t r e s s e s  caused 
by the 6-factor the crystal  lattice can apparently have a f r ee  space, i. e., 
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where II i s  the packing coefficient, V,, = a3 (for cubic lattices a is the lattice 
parameter) ,  v a t =  &in, where amhis the minimum distance between atoms, 
and consequently vat is the minimum volume of a cube in which an atom can 
be located. In such a case the equation for calculating the activation energy 
of self-diffusion for cubic s t ructures  can be written a s :  

A H d =  AHp-(AHp-PpAvp)th a3 . . (23)
min 

For noncubic s t ructures  the problem of determining V ,  and vat should 
apparently be investigated further. For hexagonal lattices the calculated 
and the experimental values of AH, agree,  if it i s  assumed that the magnitude 
of Av/vat i s  the same as  for face-centered lattices, i. e. ,  equal to  0.73. 

The values of the activation energy AHm for some metals, calculated 
from formula (23) ,  and experimental values a r e  given in the table and in 
Figure 3. 

Activation energies (Itcal/inole) 

Meral AH^ calculated AH^ calculated AH; experimental A H , / A H $  

Copper . . . . . . . . . . . .  
7-iron . . . . . . . . . . . .  
Silver . . . . . . . . . . . .  
Gold . . . . . . . . . . . . .  
Lead . . . . . . . . . . . . .  
Nickel . . . . . . . . . . . .  
Pla t inu i i i  . . . . . . . . . . .  
Ma gnes iu in . . . . . . . . .  
Indium . . . . . . . . . . . .  
Zircoiiiuiii . . . . . . . . . .  
Zinc . . . . . . . . . . . . .  
a -Lron . . . . . . . . . . . .  
Lithiuin . . . . . . . . . . .  
Sodium . . . . . . . . . . . .  
Rubidiuni . . . . . . . . . .  
Tantaliiiii . . . . . . . . . .  
Tungsten . . . . . . . . . . .  
Thoriuiii . . . . . . . . . . .  
Khodiuni . . . . . . . . . . .  
Iridiuin . . . . . . . . . . .  
8erylliuiii . . . . . . . . . .  
' 

110 (12) 50 48 L171 1 .o 
160 (15) 70 70 L171 1.0 
90 (12) 42 45 [171 0.9 

130 (10) 50 50 [171 1.o 
38 (9) 20 24 r171 0.8 

185 (25) 80 66 I181 1.2 
130 (20) 65 57 [ I91 1.1 

54 (7) 25 32 [20] 0.8 
36 (7) 18  1 8  1171 1.0 
85 (10) 40 85' 40 1.o 
50 (8) 24  23 r171 1.o 
80 (10) 50 60 [I71 0.8 
15 (2) 9.5 18. * 10  r211 1.o 
25 (3) 1115'" 10.5 E171 1.o 
12 (1) 7 9 [221 0.8 

140 (15) 80  110 r231 0.7 
175 (25) 100  135 [241 0.7 
175 (35) 80 - -
350 (30) 170 90'' -
560 (20) 210 110' -
100 (5) 40 -

Values of the product P AOP P  are given in round brackets. 
* *  Values of A H a  which can be expected froin Bugakov's law (20 R T m p ) .  

It can be seen that the calculated and experimental data agree,  within 
the limit of the e r r o r  of evaluation and measurements,  with an accuracy 
of * 2070 (average * 10%). 

It should be pointed out that Bugakov's law does not hold s o  well. For  
example, as  we can see  from the table, the values for lithium and zirconium 
obtained experimentally a r e  one half of those expected onthe basis  of this law, 
while for rhodium and iridium the values of AHz calculated from formula 
(23)  a r e  twice those obtained according to  Bugakov's law. An experimental 
verification of Bugakov's law is of considerable interest. 
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3. 	 COMPARISON O F  THE ACTIVATION ENERGY AT 
THE "POLE" A H p  WITH THE ACTIVATION ENERGY 
OF SUBLIMATION A H ,  

Since the activation at  the "pole" and the volatilization of atoms from 
the surface of metals (sublimation) a r e  both associated with the overcoming 
of binding forces between atoms, it can be assumed that there is a certain 
relationship between these two mzgnitudes. 

A comparison between these two magnitudes is  given in Figure 4. It 
can be seen that the relationship between them i s  very remote: usually the 
deviation of some points from a certain mean line is 3 30070, although if 
AH^ is varied 50-fold, a certain correlation does exist .  

0 100 200 300 
AHs,  kcal/inole 

FIGURE 4. Relationship berween the acrivation energies 
a t  the "pole"and the activation energy of sublimation 
( A H J :  

The values of A i f  P were obtained: 1- by calculation; 
2 - from the teiiiperature-irate dcpendence of the resistance 
ro defonnation. 

CONCLUSIONS 

1. We suggested a model of the activated state.  
2. With this model we derived formulas for the free  activation energy 

and for the energy and entropy of activation of deformation and of diffusion. 
The resul ts  of our calculations agree well with the experimental data. 

The author wishes to express his gratitude to L. M. Shestopalov for his 
useful r emarks .  
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L. A. Ryabtsev, I .  I .  K m i l o v ,  ana' L. I .  Pryakhina 

HEAT RESISTANCE A N D  PHYSICOCHEMICAL 
PROPERTIES OF COMPLEX NICKEL-BASE ALLOYS 

Modern nickel- chromium heat-resistant alloys usually contain from 
five to  eight or more components. 

Of all  the phases which can be produced in these alloys (carbides of 
different composition, nitr ides,  intermetallic compounds, etc.  ) the most 
important for  strengthening alloys is  the intermetallic phase on the basis  
of the Ni,A1 compound. 

Intermetallic compounds in combination with solid solutions a r e  very 
important factors in the heat resistance of an alloy. The highly dispersed 
particles of these phases which precipitate f rom supersaturated solid 
solutions lead to additional strengthening of the alloy / l / .  However, the 
intermetallic compound cannot ensure a maximum possible heat resistance 
of the alloy. Therefore, metals a r e  alloyed with several  elements which 
strengthen both the solid solutions and the intermetallic compound and 
increase their  ability to maintain a high strength for long periods at elevated 
temperatures.  The combined action of alloying elements depends on their  
individual properties.  

A study of the laws governing the physicochemical properties and the 
heat resistance of complex alloys will help to solve problems of optimum 
alloying. 

The purpose of this work is  to icvestigate the physicochemical properties 
of nickel-base alloys containing from two to  eight elements. The data were 
compared with those we had obtained ear l ie r  1 2 1 .  We produced our  alloys 
by introducing successively elements such a s  chromium, titanium, tungsten, 
molybdenum, niobium, and cobalt in such amounts that the alloys 
consisted of a single-phase solid solution. *< By adding f rom 0 to  1 2  wt yo 
of aluminum we produced alloys with the same  strengthening y'-phase on 
the basis  of the Ni,A1 compound. The table below gives the composition of 
alloys (in wt  70)studied. 

Element N i  Cr Ti W Mo Nb Co A1 
1 Chief - - - - - 0-12 
2 element 1 0  - - - 0-11 
3 " 1 0  2 - - - - 0-10 
4 " 1 0  2 6 - - - 0-10 
5 " 1 0 2 6 3 - - 0-10 
6 " 1 0 2 6 3 2 - 0-10 
I " 1 0 2 6 3 2 5 0-10 

The alloys were annealed before the investigation: at 1200°C for 10 hr ;  
at  1150°C for 24hr ;  at  1100°C for 24 hr ;  at  1000°C for  50hr ;  and at  900°C 
for 100hr .  The specimens were then cooled together with the furnace. 
This heat treatment does not produce the maximum heat resistance,  but 
if facilitates more complete precipitation of the y'-phase. The purpose of 
this work was to clarify the influence of the y'-phase on the physicochemical 

* 	 We chose these elements because they are usually used for the production of modern heat-resistant nickel-
chromium alloys. 
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properties and the heat resistance of complex alloys. The dispersion of 
the precipitated particles was thus not a maximum. 

W e  used the electron microscope to study the nature of the precipitation 
of the y'-phase and determine the s ize  of the precipitate particles in alloys 
of the highest high-heat resistance (Figure 1). W e  showed that the particles 
of the $-phase a r e  not uniformly distributed in binary and t e rna ry  alloys 
(Ni-A1, lOwt 70 Al; Ni-Cr--1, 9 %  Al;  Ki-Cr-Ti-Al, 870 Al). The 
s ize  of these particles was up to 10-15p. The average s ize  of these 
particles decreases  a s  we pass f rom binary to  ternary and quarternary 
alloys. For example, the average s ize  of particles in a binary alloy was 
5 - 7 p ,  but it was only 2-311 in a ternary alloy. W e  found very sma l l  
particles of s i ze  0.1- 0 . 2 ~besides large particles. The precipitate 
particles in more complex alloys (consisting of six or eight components) 
a r e  more uniform, their  average s ize  in an eight-component alloy is below 
111. The deviations from this a r e  very small .  The s t ructures  of some of 
these alloys a r e  shown in Figure 2 .  

FIGURE 1. Phase diagrains of scctioiis srudicd (a):  crystal lattice parainetcrs of alloys quenched from 1200°C 
(b); high-temperature strcngtlt of alloys at  900°C and cr= 1 2 k g / t n i r 1 ~(c):  

0- Xi-Al ;  I-Si-Cr-Al: 11-Si-Cr-Ti-Al: 111-Xi-Cr-Ti-W-AI: IV-h'i-Cr-Ti-W-hlo-A1; 
V-Xi-Cr-Ti-W--lo-Nb-Al; VI-Xi-Cr-Ti-W-hlo-Nb-Co-AI. 

The photomicrographs show that the dimensions of the particles of the 
y'-phase and the nature of their  precipitation in alloys with the highest heat 
resistance a r e  greatly influenced not only by the content of aluminum in 
the alloy but also by the number of components. 

X-ray spectral  analysis of the 1.-solid solution and of the $-phase of 
five- to  eight-component alloys was carr ied out with a French apparatus 
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of the "Kameka" type with a lp diameter probe. We chose alloys in which 
the particles were not smaller than 5p. The data of this analysis agree 
we11 with those for inl-ermetallic compounds of similar alloys, and with 
literature data. Thus, for  example, it was found that certain amounts of 
all components of the alloy are present in both the y-solid solution and in 
the ?'-phase. The concentration of chromium, tungsten, and molybdenum 
in the y-solid solution is higher than in the $-phase (particularlyfor 
molybdenum). The concentration of aluminum in the $-phase is higher than 
in the y-solid solution. 

FIGURE 2. EIecuon photomicrographs of allays, X 5000: 

a-Ni-AI, 10% AI; b-Ni-Cr-Ti-W-Ma-AI, 6% AI; c-Ni-Cr-Ti-W-Ma-Nb-Ca-AI, 5% AI. 

An earlier X-ray structural anaIysis showed / 3 /  (see Figure I) that 
with increase in the content of aluminum in the alloy and the number of 
elements in the alloy, the parameters and the distortion of the crystallattice 
of the nickel-base solid solution increase. 

This has been confirmed by measurements of the electric resistivity of 
these alloys at elevated temperatures (Figure 3). The electric resistivity 
increases with increase in the content of aluminum and also with increase 
in the number of alloying elements inthe alloys. 

The results of measurements of the coefficients of linear expansion of 
alloys agree well with literature data for alloys of the Nimonic type /4, 51. 
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The dependence of the coefficient of linear expansion of alloys of the Ni- Cr -
Ti-W-Mo---A1 systems on temperature and aluminum content is 
given in the table. 

a b C 

c 


9' 
130 t 2% A1 1 
120 

ZOO (IO0600 BOO 1000 ZOO YO0 600 BOO 1000 ZOO $00 600 800 IO00 
7:*C 7;oc 7 3  

FIGURE 3.  Dependence of the electric resistivity of alloys on the temperature and 
the aluininuin content: 

a-Ni-Cr-Ti-W-Al; b-Ni-Cr-Ti-W-Mo-Nb-Al; c-Ni-Cr-Ti-W-
Mo -N b -Co -A 1. 

Coefficient of linear expansion of alloys as a function of temperature and the aluminum 
con tent _______ ~ ____-__-

Content of Al, 
Coefficient of linear expansion Q. l o 6 .  degree-' 

over range of temperatures, "C 
W t  70 ~~ I__ - .. 

20-1000 20-900 20-800 20-700 
.~--. __._- .  _ _ ~__ 

18.1 17.4 16.6 15.8 
16.8 15.9 15.1 14.3 
16.7 15.8 15.0 14.2 
16.4 15.5 14.6 13.7 

-

The table shows that the coefficient of linear expansion decreases  not 
only with decrease in temperature but also with increase in the content of 
aluminum. This coefficient decreases also with increase in the number of 
alloying elements in the alloy. 

Thus, for example, in six-component alloys (Ni-Cr-Ti-W-Mo--1) 
containing 5 and 6 wt 70 of aluminum, the coefficient of l inear expansion 
over the temperature range 20-900°C is  equal to  16.8 and 16.1. 10-6degree-' ,  
respectively, and for seven-component alloys containing 5 and 6 wt  70 of 
aluminum (see table) this coefficient is 15.8 and 15.5- lo6  degree-', respec
tively. This variation in the coefficient of l inear expansion is a direct  
proof that i f  the number of components in the alloy is increased, the binding 
forces between different atoms increase,  and there  is a decrease in the 
root-mean-square displacement of atoms from the equilibrium position. 

The microhardness of alloys cooled from 1200°C is shown in Figure 4. 
We also found the limits of solubility in three- ,  four-,  and five-component 
systems.  It has been shown by experiment that the hardness of the y-solid 
solution increases not only with the increase in the aluminum content in the 
alloy but also a s  we pass f rom three- to  five-component alloys. 
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Annealed specimens whose microhardness was measured at a magnifica
tion of 1080 behaved similarly.  The hardness of the y-solid solution and of 
the y’-phase increased with increase in the content of aluminum and in the 
number of alloying elements. 

a b c 

4 6 8 1 0  2 4 6 8 1 0  2 4 6 8  
A t ,  Wf % 

FIGURE 4. Dependence of the microhardness of alloys 
cooled from 1200°C on their aluminum content: 

a -N i  -Cr - A  1; b -N i - Cr -Ti  -A 1 ;  c -N i - Cr -Ti  -
W - A I .  

The hardness of the y‘-phase in a five-component alloy with 6 wt% of 
aluminum was 380-390kg/mm2, and in a seven-component alloy with 5 and 
8 w t  yo of aluminum it was 580 kg/mm2 and 640 kg/mm2, respectively. 

CONC L U  SIONS 

1. An electron microscopic study showed that an increase in the number 
of alloying elements in the alloy leads to a decrease in the s ize  of the 
particles of the y’-phase, more uniform distribution in the matrix,  and 
grea te r  uniformity of grain s ize .  The increase in the heat resistance a s  
we pass from two- to eight-component alloys can be explained by the 
influence of the structural  factor.  

2. The resul ts  of an X-ray spectral  microanalysis show that the chemical 
composition of the y-solid solution and of the y’-phase becomes more complex 
if additional elements a r e  introduced into the alloy. Al l  the alloying 
elements, chromium, titanium, tungsten, molybdenum, niobium, cobalt, 
and aluminum dissolve in the y -solid solution and in the y’-phase. Micro-
hardness measurements confirmed that this leads to a strengthening of the 
s t ructural  components of the alloys. 

3. The high-temperature electric resist ivity of each of these alloys 
increased with increase in the content of aluminum and in the number of 
alloying elements. This phenomenon can be explained by the increase in 
the distortion of the crystal  lattice of solid solutions when additional alloying 
elements a r e  introduced into the alloy. This assumption agrees  with the 
resul ts  of an ear l ie r  X-ray structural  analysis. 

4 .  The coefficient of linear expansion of alloys decreases  a s  w e  pass 
from less  complex to more complex alloys. It can thus be concluded that 
the binding forces between different atoms in the alloys increase when new 
elements a r e  introduced. 
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THE NONUNIFORM CRYSTAL STRUCTURE OF THE 
KhN77TYuR (EI437B) ALLOY 

Recrystallization processes  can be divided into pr imary recrystall ization 
(nucleation and formation of new grains) ,  and secondary recrystall ization 
(growth of some grains at  the expense of others) .  

P r i m a r y  recrystall ization is terminated when the grain boundaries of 
new grains  meet.  An increase in temperature  or prolonged heating after 
this stage leads t o  secondary recrystallization, during which some grains  
grow at the expense of other new grains .  Secondary recrystall ization is 
due to  the tendency of sma l l  grains  t o  decrease their  surface energy. A s  
a result ,  this type of recrystall ization leads to the formation of a s t ructure  
consisting of grains  of ra ther  different s i zes .  

During certain conditions of plastic deformation and subsequent heating, 
certain grains  appear t o  be in a better position for grain growth than others.  
A s  a result ,  they grow much more  rapidly and consume their  slower 
growing neighbors. 

It is believed that secondary recrystallization consists of s eve ra l  
processes  of grain growth. These processes  a r e  associated with sma l l  
(cri t ical)  degrees of deformation, with deformation of a texture a t  a high 
degree of deformation, or with dissolution of dispersed phases.  

The mechanism of the formation of coarse  and nonuniform crystal  
s t ruc tu res  has not yet been sufficiently studied. 

This problem is difficult because the grain s ize  and the uniformity of 
the crystals  are influenced by many factors,  which can be divided into the 
following th ree  groups: 

1) influence of the initial mater ia l  (chemical composition, impurit ies,  
liquation, dispersed phases,  and initial s t ruc tu re ) ;  

2 )  influence of the process  of deformation (temperature,  lack of unifor
mity, r a t e  and degree of deformation, and also s t r e s s e s ) ;  

3 )  influence of heat treatment (temperature and duration of heating). 
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Of these factors the dispersed phases (bar r ie r  mechanism) and the 
"critical" degrees of deformation a r e  particularly important. 

The ba r r i e r  mechanism operates when alloys a r e  heated to  temperatures  
below the point at which dispersed phases s t a r t  to  dissolve. The non
dissolved particles a t  the grain boundaries hinder diffusion and se rve  a s  a 
ba r r i e r  which inhibits grain growth / 1-41. 

The influence of smal l  ("critical") degrees of deformation on rapid grain 
growth has been investigated by many authors. The smal l  "critical" degrees 
of deformation were induced either mechanically 1 5 ,  61, etc., or by a cold-
hardening process  1 7 ,  8 1 ,  etc. 

It can be seen that there  is no unanimous opinion on the reasons for the 
formation of nonuniform crystal  s t ructures .  The different approaches to  
the problem a r e  due to  the fact that in most research  the recrystallization 
was studied under conditions of nonuniform deformation, so  that reliable 
conclusions cannot be formed. 

Studies car r ied  out under conditions of a uniform deformation / 9 /  led to  
the discovery of a new factor (thermal effect) a t  the spots wheredeformation 
is localized, and a coarse-grained s t ructure  is formed during heat t reatment  
of the EI437B alloy. 

To find the influence of the thermal  factor, experiments were  car r ied  
out under conditions of very nonuniform deformations induced by stamping 

specimens with a diameter  D o =  
= 45 mm and a height H o  = 62 mm, 
a s  well a s  specimens with a 
diameter do = 26 m m  and ho= 
= 36 m m  high. The specimens 
were cut f rom rolled and heat-
t reated rods of the KhN77TYuR 
(EI437B) alloy, and were stamped 
at 1000- 1200°C. Large specimens 
were stamped on a 200-ton 
hydraulic p re s s ,  and small  speci
mens on 100-ton eccentr ic  presses .

Die The dies were prepared in such.~ 

a way (Figure 1)that a l l  regions
FIGURE 1. Die for deforlnarion of specimens. of the specimens were  deformed 

to  not l e s s  than 2070 (Table 1, 
dies 1 and 2). I t  has been experimentally found that this minimum degree 
of deformation was necessary for completion of recrystallization. * 

The specimens were divided into two batches. The f i r s t  batch was 
subjected to  high-temperature deformation at 1200- lOOO"C, followed by 
rapid cooling, and the second batch was also given an intermediate 
recrystallization annealing directly af ter  deformation, and was then rapidly 
or slowly cooled. For an intermediate recrystallization anneal at the 
temperature  of deformation, we used hot-worked specimens which had not 
been cooled. The specimens were  held at  the annealing temperature  for 
10- 30 min. 

The purpose of this study was to  determine the optimum process  of 
intermediate recrystallization annealing to  ensure uniform recrystal l izat ion 
over the whole bulk of the specimen, and to  produce a uniform crys ta l  
s t ruc ture .  

* The average reduction of specimens deformed in different dies was 70-7570. 
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rA8LE 1. Dimensions of dies and specimens 

Dimensions of specimens before
Degree of defor-

No. of stamping, mm
mation a t  end 

d i e
of specimens, To D. HI H, 

26 1 38 15 23 
20 2 30 8 11.4 

W e  found by experiment that five character is t ic  regions can be formed 
in the stamped disks,  depending on the conditions of hot working and heat 
treatment (see Figures 1 and 2): 1 and 2 a r e  the regions where deformation 
is difficult (formed a s  a result  of cooling and contact friction); 3 is a region 
of maximum deformation (formed in the middle of the specimen under the 
action of regions where deformation is difficult); 4 a r e  c i rcular  regions of 
local deformation which a r e  formed under the influence of contact friction 
and cooling at  the transition points of the center (bosses or  wedged-in butt 
ends);  5 is a la te ra l  region formed a s  a r e s u l t  of cooling of the la teral  face 
of the specimen. 

There a r e  considerable thermal  effects in regions 3 and 4 /11 f .  As a 
result  the temperature in these regions can r i s e  s o  high that recrystall iza
tion may be highly advanced or  even completed in a very short  t ime. The 
temperature  then drops sharply a s  a resul t  of rapid removal of heat by the 
cold metal  of the specimen and instrument, and small  grains (0.05-0.08") 
are formed in regions 3 and 4. The grain boundaries a r e  in this  case 
sufficiently pure.  If these specimens a r e  air-cooled from 108O"C, very 
coarse  grains a r e  formed (Figure 2, a - c )  where deformation is localized, 
i. e., in regions 3 and 4. In the other regions (1, 2, and 5 )  the recrystall iza
tion processes  start to  develop la ter  o r  may even not take place. 

Thus, deformation of the five characterist ic regions in hot-worked 
specimens takes place a s  a r e su l t  of cooling or  of cooling and contact 
friction. 

It i s  impossible to  eliminate completely the influence of contact friction 
during stamping. At the ends of the specimens contact friction can be 
reduced to  a level at which deformation in the layers  adjacent to  the surface 
w i l l  be  less than 20770. As we have already mentioned t h i s  was achieved 
by deformation in specially engraved dies.  

The resis tance of the KhN77TYuR (EI437B) alloys to  deformation at 
1000°C i s  about double that at 1200°C. Consequently, it can be expected 
that the higher thermal effect w i l l  take place at lower temperatures  of 
deformation. However, the general  temperature in the region and not only 
the thermal  effect should be taken into account. The specimens were 
therefore  stamped over a wider range of temperatures  (1200- 100O'C). 
For every experiment we deformed two or three specimens.  The resul ts  
of the experiments a r e  shown in Table 2, and indicate that the thermal 
effect and the cr i t ical  degrees of deformation a r e  the main factors which 
facilitate the formation of nonuniform regional crystal  s t ructures .  It 
should be pointed out that the influence of the thermal  effect on the formation 
of a nonuniform crystal  s t ructure  is closely connected with the temperature 
of deformation. 

Table 2 shows that a coarse-grained s t ructure  with a grain s ize  of 3 m m  is 
formed in regions 3 and 4 af ter  deformation a t  1200--1170°C (experiments 
1 and 2). 
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FIGURE 2. klicrosmcmre of the  Khi\l?'iTYuR alloy: 

a-after deformation in die  1at 1000°C, air cooling, 2nd standard hea t  tceamenr,  X 1; 6-thesame, 
macrosuucmre of region 4, x 20; c-after deformation in die 3 at 1000°C, air cooLing, and standard heat 
u e a m e n t ,  X 1; d-after deformation in d i e  1at 1150°C, intermediate recq'sralIization anneal at 115OoC, 
SIOWcooIing, and standard heat u e a m e n t ,  x1. 
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No. Of f ,  OC and f "C/holding Heat treat- Grain size within the regions, niin Characteristic of structure and 
average grain sizc, inn1 and 

ment 1 2 3 4 5 ' degrees(sca1cof GOST 5639-51) 

1 1200, 2 - Arcelerated None 0.03-1 0.1 0.1 0.1 0.03-1 ZNG: 0.03-1; 7- ( -3 )  
(in air) Standard 0.8 0.6 3 3 0.8 CGN; 0.8-3; - 3  > (-3) 

2 1170,  2 - The saine None 0.03-1 0.1 0.1 0.1 U.03-1 ZNG; 0.03-1; ?-(-3) 
Standard 0.7 1 3 3 0.7 CGN; 0.1-3; -2 > (-3) 

3 1140, 2 - ., I. None 0.03-0.1 0.04 0.04 0.03 0.03 NG; 0.03-1; 1 - ( - 3 )  
,. ,, Standard 0.1-1 0.1-1 0.1-1 0.1-1 0.1-1 CG; 0.1-1; 3-(-3) 

4 1100, 2 - , I  ,, None 0.03-0.8 0.03 0.03 0.03 0.03-0.3 ZNG; 0.03-0.8; 7-(--?) 
Standard 0.1-0.1 0.4-0.1 0.4-0.7 0.1-0.7 0.1-0.7 CG: 0.1-0.7; 3-(-2) 

5 1000,l - I, .I None 0.5-2 0.5-2 0.02 0.005 0.05-1 LNG; 0.005-2; 1 2  > (-3) 
Standard 0.3-1 0.3-1 0.25 2 0.3 CGN; 0.25-2; 1 >(-3) 

6 1200, 2 1200/10 Retarded (to- Nonc 0.25 0.25 0.25 0 2 5  0.25 IING; 0.25; 1 
gether with Standard 0.25 0.25 0.25 0.25 0.25 RNG; 0.25; 1 
furnace) 

7 1170,  2 1110/30 The same None 0.7 0.7 0.7 0.7 0.5 RNG; 0.G5; -2 
Standard 0.7 0.7 0 .I 0.7 0.5 IWG; 0.65; -2 

8 1140, 2 1140/30 ,. ., None 0.7 0.7 0.7 0.7 0.7 RXG; 0.7;-2 
Srandard 0.7 0.7 0.1 0.7 0.7 RNG; 0.1;-2 

0 1100, 2 1100/30 ,, .I Nonc 0.5 0.5 0.5 0 .s 0.5 IING; 0.5; -1 
Standard 0.5 0.5 0.5 0.5 0.5 RNC.: 0.5; -1 

1 0  1000,l 1000/30 ,. ,, Nonc 2 2 0.018 0 .018 -1 0.03-1 Z N G  (0.018-2), 8 >(-3) 
Standard 0.3-1.5 0.3-1.5 0.15 0.15 0.15 L N G :  0.1-1.5; 3; (-3) 

11 1200,  2 1200/10 Accelerated None u.25 0 2.5 0.25 0.25 0.25 IWG; 0.25; 1 
(UI air) Standard 0 2 5  0.25 0 2 5  0.25 0.25 I"; 0.25; 1 

12 1150, 2 1150/30 Tlic same Nonc 0.3 u.3 0.3 0.2 0.3 IWG; 0.3; 0 
Standard 0.3 0.3 0.3 0.3 0.3 IING; 0.3; 0 

1 3  1100,  2 1100/30 .I ,. None 0.4 0.4 0.4 0.4 0.4 IKNG; 0.4;-1 
Standard 0.4 0.4 0.4 0.4 0.4 IWG; 0.4; -1 

14 1000,l 1000/3@ ,, I. Nonc 0.03 0.00- 0.02 0.15 0.02 NG; 0.02-0.15; 8-2 
Stmdard 0 .? 0.2 0.2 2.5 O.'? ZSG; 0.2-2.5: 1>f-3) 

N o t e .  Designations: t -deformation tcinperaturc; I p- tenipcraturc of interincdiatr rccrystallizarion annealing; ZNG-regional (zondl) nonunifortn grain size; C G N 
coarse-grained nonuniform; NG-nonuniform grain size: CG-coarse grained: RNG -relatively nonuniform grain size. 



FIGURE3. Microstructure of rhe KhN77TYuR alloy: 

a-after deformation at lOOoOC and rapid cooling, X 100; b-after deformation a r  12OOOC and accelerated 
cooIing in air, ~100:c-the same, pIus standard hea t  treatment, X 85. 

E, however, the recrystallization anneal of the deformed specimen is 
carr ied out at the same  temperature (without cooling after deformation), 
no nonuniform structure  is formed either directly after the intermediate 
anneal and cooling or  after the regular quenching which does not fundamen
tally change the  grain size.  Thus, deformation at 1200-1100°C followed 
by a recrystall ization anneal leads t o  a structure with a uniform grain 
size of 0.25 -0.7 m m  in all five regions (depending on the conditions 
of deformation) (see experiments 6-9, 11-13 and Figure 2, d). * 
* 	The beneficial influence of hea t  treatment (forging at 1150-10OO0C, heating &om 1000 to 1150°C for 
7-8 min and cooIing in the  air) on the formation of a uniform fine-grained suucture in KhN6767MTYuR alloys 
w2s found by ChiZtrov and Eernshtein /lo/. The authors believe that mer& with such a s m c n u e  a re  not 
susceptible co reconday recrystalZization. 
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Specimens deformed at 1000°C and annealed at 1000°C (experiments 10  
and 1 4 )  were exceptions, and had a nonuniform grain s t ructure  after standard 
heat treatment (1080°C). 

A uniform structure  with grain s izes  of 0.17 m m  can be produced by 
standard heat treatment if  the deformation is uniform and does not cool the 
specimen. This is  achieved by open upsetting, during which the specimens 
a r e  fully insulated by asbestos against loss  of heat. 

The formation of a coarse-grained s t ructure ,  where local heating takes 
place, can be explained as  follows: as  w e  have already mentioned, non
uniform deformation causes thermal effects in certain regions of the 
deformed metal ,  and recrystallization occurs.  On the other hand, rapid 
cooling (between cold volumes of metals)  leads to  the formation in the same  
regions of small  grains (0.02 m m )  with very thin intercrystall ine layers  of 
second phase precipitates. In certain regions of the metal there  a r e  no such 
layers  at the grain boundaries (Figure 3, a ) .  

If the specimens were not cooled by the cold volumes of metal but in the 
a i r  (from 12OO"C), the grain coarsened considerably (to 0.13 m m )  a s  a 
result  of secondary recrystallization (Figure 3, b).  

During the standard heat treatment the layers  of the grain boundaries 
s ta r t  to coagulate and pass into the solid solution s o  that the b a r r i e r  
obstacles a r e  eliminated (Figure 3, c ) .  

The removal of the b a r r i e r s  in certain regions leads to  regular secondary 
recrystall ization. 

Therefore,  the process of secondary recrystall ization (and consequently 
the formation of a coarse-grained s t ructure)  is closely connected with the 
action of thermal effects at the points of localization of deformation. 

CONCLUS O N S  

1. It was determined that the thermal effect is one of the chief factors 
leading to the formation of a coarse-grained s t ructure  at  points of localiza
tion of deformation. 

2. Stamping disks of the KhN77TYuR alloy may give r i s e  to five regions 
in the deformed volume, in which recrystallization does not develop 
uniformly, and s t ructures  of different grain s izes  a r e  formed. 

3. It was shown that an intermediate recrystall ization anneal followed 
by slow cooling prevents the formation of grain nonuniformity during the 
standard heat treatment in the various regions of KhN77TYuR alloys, 
deformed (over the whole bulk) to not less  than a 2070 reduction at 1200
1100°C. 

4.  The formation of a coarse-grained s t ructure  in a nonuniformly 
deformed KhR77TYuR alloy can to a certain degree be prevented under 
the following conditions: 1 )  the deformation should take place at 1100
1200°C and the reduction should be not less  than 2070throughout the whole 
deformed par t ;  2 )  the specimen being deformed should be insulated against 
loss of heat (the specimens should not become cooled when they a r e  moved 
from the furnace to the press ,  during deformation, or for  a certain t ime 
after this) ;  3 )  it is useful to  c a r r y  out an intermediate recrystall ization 
anneal followed by slow cooling. The temperature and the duration of the 
anneal depend on the grain s ize  required.  
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M. Ya. Dzugutov and V .P .  Stepanov 

PREVENTION OF THE FORMATION OF A NON
UNIFORM GRAIN STRUCTURE IN A CRITICALLY 
DEFORMED KhN77TYuR ALLOY 

The mechanical properties at normal  temperatures  (cs,os, 6, $, a , ) ,  and 
the fatigue limit, the long-time strength, and c reep  res i s tance  of alloys 
of the KhN77TYuR type over a wide range of temperatures  are very 
dependent on the grain uniformity, as shown by inspecting the  final 
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macrostructure .  It has often been found, e .g . ,  in 111, that the KhN77TYuK. 
alloy, heat t reated by the standard process  (lO8O0C, holding for 8 h r ;  aging 
at 750°C for  1 6  h r )  has the highest values of at,o ,  $ , and a,, when the c rys ta l  
s t ructure  is uniform and the grain s ize  is 5-8. If the grain becomes 
coarsened these properties deteriorate. 

The long-time strength increases  with increase in grain s ize  f rom 1 to  
3 according to  the GOST 5639-51 scale .  but decreases  if the grain becomes 
coarser .  If the c rys ta l  s t ructure  is not uniform, the above properties 
deter iorate  more if the nonuniformity is g rea te r .  

Alloys of the KhN77TYuR type with optimum composition can have good 
properties specified by technical conditions or by GOST, and not by a given 
crystal  s t ructure ,  but only if they have a relatively uniform grain of 
optimum size.  

After hot working these alloys usually have a fine-grained s t ructure  but 
heat treatment leads to  nonuniform grain growth and the formation of a 
nonuniform crystal  s t ruc ture .  In some regions the grain growth is inhibited, 
but in others it is accelerated, and whole regions or aggregates of coarse  
grains  a r e  formed. 

A s  a resul t  of s t ructural  studies on this alloy, th ree  main types of 
s t ructural  nonuniformity have been determined: 

1. regional grain coarseness ,  due to  a cr i t ical  deformation imparted to  
a given region followed by secondary recrystallization during the final heat 
t reatment;  

2 .  the formation of dispersed coarse grains or grain aggregates as  a 
result of the heterogeneity of the phase and chemical composition: absence 
or low concentration of a second phase, and also secondary recrystallization; 

3. the presence of bands of very fine grains ,  caused by an accumulation 
of large amounts of precipitates insoluble at the temperature  of heat 
t reatment ,  which inhibit grain growth. This classification agrees  well 
with the data of Gorelik / 2 / .  

The formation of a nonuniform crys ta l  s t ructure  of the second type can 
also be influenced by an increase in the temperature  of the final deformation 
1 3 ,  41. 

A decrease in or annulment of each of these types of nonuniform 
structures  i s  important, since this improves the properties of the alloy. 
This improvement can be achieved in different ways for every type of 
s t ructural  nonuniformity. In this work we shall discuss data on the f i r s t  
and second types of nonuniform crystal  s t ruc tures .  

Despite the considerable number of investigations 11, 5, 6, and o the r s / ,  
we sti l l  have no industrial process  of deformation which will prevent cr i t ical  
degrees of deformation in individual regions of forged and stamped speci
mens.  This deformation is at present unavoidable a s  is the formation of 
coarse  grains  in these regions during subsequent standard heat t reatment  
a s  a resul t  of secondary recrystallization. 

In this connection any study car r ied  out to  prevent the formation of 
regions with a coarse-grained s t ructure  in KhN77TYuR alloys during 
standard heat treatment by annealing is of great  pract ical  interest .  The 
most important of the papers on this problem from both the practical and 
theoretical points of views i s  the one by Gorelik. 

The numerous data on the influence of annealing on the recrystallization 
processes  which follow a r e  st i l l  contradictory. Thus, Kornfel'd and Pavlov 
/ 7 /  showed that if the annealing i s  car r ied  out a t  320°C for 20hr  on slightly 

168 



deformed fine-grained aluminum, the incubation period increases several  
t imes.  Other authors 1 8 ,  9 /  found that such a preliminary annealing during 
which relaxation and polygonization take place leads to  deterioration in the 
conditions for recrystallization. 

The clearest  conclusions on the positive influence of preliminary 
annealing a r e  given by Gorelik / l o / .  He believes that the relaxation 
decreases  the gradient of elastic s t r e s ses  betwcen neighboring grains,  
and thus reduces the tendency of some grains to grow at the expense of 
others during the reci,ystallization anneal which follows. The decrease in 
the grain s ize  is due to the polygonization process.  

In this paper data a r e  given on the decrease in the s ize  of recrystall ized 
grains after aluminum with a cri t ical  degree of deformation is annealed at 
temperatures lower than those of the recrystallization anneal. 

The purpose of this work is to  investigate the influence of annealing 
KhN77TYuR alloys with a cri t ical  degree of deformation on the final 
s t ructure  produced by standard heat treatment (1080°C for 8 h r  and cooling 
in the a i r ) .  

METHODS AND RESULTS;:; 

For o u r  studies we used specimens with regions with a cr i t ical  degree 
of deformation, a s  well a s  ones with a smaller  or larger  degree of deforma
tion, and also regions that were not deformed at all.  O u r  simple method 
of preparation of specimens produced all these regions in a single specimen. 
The specimens were prepared from rolled rods 26  and 35" in diameter,  
with a normal fine-grained s t ructure  in the rolled state;  the standard heat 
treatment which followed did not upset the structural  uniformity. 

The specimens which had been cut f rom rods before heat treatment were 
heated to  950°C and held at this temperature for 30min. Then, t r ansve r se  
notches were made on these (with the help of s imilar  cold rods).  A study 
of the macrostructure showed that the notched specimens had a uniform 
structure .  The specimens which had undergone standard heat treatment 
had coarse-grained regions, produced by a cri t ical  degree of deformation 
followed by secondary reci-ystallization (Figure 1). In some cases  w e  also 
found dispersed coarse grains or aggregates of such grains,  apparently 
formed by secondary recrystallization. 

The notched specimens were cut longitudinally into two symmetr ical  
equal parts,  and one was subjected to  a preliminary anneal. The two halves 
were given a standard heat treatment a t  1080°C for 8 h r  followed by a i r  
cooling. 

The influence of the preliminary anneal was found by comparing the 
macrostructures of the two halves. Our  experiments showed that the 
preliminary anneal of specimens at 600-950°C for 6-4Ohr and at  450
750°C for 15-90 min had no favorable influence on the resul ts  of the 
following standard heat treatment.  In all  cases  the specimens had regions 
of coarse  grains coinciding with regions of cri t ical  deformation. The s a m e  
was found in specimens that had not been given a preliminary anneal 
(Figure 1, b, d, f ) .  

* The experiments were carried out with the participation of V. P.hlironova. 
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A preliminary anneal at temperatures  above that of the standard heat 
treatment (1080°C)gave a more favorable final s t ructure .  Al l  specimens 
held for 5-35min at 1100--1160°C and then t reated according to the 
standard process  (1080°C for 8 h r  plus annealing at 700°C for 1 6 h r )  had a 
uniform structure  with an optimum grain s ize  (Figure 1, a ,  c,  e) .  At the 
same t ime the symmetr ic  halves that had been given standard heat treatment 
without any preliminary anneal at the above temperatures had a nonuniform 
structure  as  a result of secondary recrystallization (Figure 1,b, d, f ) .  

The photomicrographs show that a prolonged preliminary anneal at 
temperatures  above 1100°C prevents secondary recrystallization during 
subsequent heat treatment and thus also the formation of a nonuniform 
structure .  

This is apparently because during short  heating at  temperatures  above 
those of the standard heat treatment (1080°C) intense processes  of relaxation 
and polygonization proceed, which finish during the incubation period before 
recrystallization s t a r t s .  As  a result, secondary recrystallization in regions 
with a cr i t ical  degree of deformation a r e  suppressed either completely or 
to  a considerable extent. 

To produce a uniform fine-grained s t ructure  in KhN77TYuR alloys, the 
preliminary heat treatment should be carr ied out over certain ranges of 
temperatures  and t ime.  

Heating above 1190°C and holding at this temperature for 35-40min f i rs t  
leads to  slight grain coarsening, but then the process produces the same 
s t ructure  a s  ordinary heat treatment. Figure 2 shows the dependence of 
the s t ructure  of the alloy on the temperature and t ime of the preliminary 
heat treatment. 

to za 30 40 50 60 
Duration of heating, min 

FIGURE 2. Influence of temperature and the duration of heating 
during preliminary heat treatment on the structure of KhN77TYuR 
alloys after standard heat treatment: 

1-uniform structure; 2-rransitional structure: 3-nonuniform 
structure. 

According to  the processes  represented by a r e a  1, heat treatment of the 
metal  ensures  a uniform fine-grained s t ructure  after the final treatment. 
If the metal  is treated by a process represented by a rea  2, the s t ructure  
is more coarse  grained, and processes  represented by a rea  3 give a 
nonuniform grain s ize  (after the final heat treatment). 
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Thus, a short preliminary treatment of the KhN7'7TYuR alloy by heating 
at 1110-i180°C f o r  from 5 to  35 min ensures a uniform structure of norma 
grain size, >-respective of the degree of deformation, after the final 
standard hea!: treatment. 

We studied the influence of the favorable effect of a short preliminary 
heat treatment ai the mechanical properties of the KhN77TYuR alloy. 

FIGURE 3. Microstrncture' of 70 l ~ ~ mdfameter specimens made of a KfrN77TYuR alloy a�ter the �olIorving 
heat neatment: 

a-108OoC, 8hr: cooling in theair, + 75OoC, 16hr; cooiing in the air; b-i150cC, 25 min; cooling in the 
ab, +1O8O0C, 16hr; cooling in the air, +75aOC, i6hr;  cooling in &e air. 

The mechanical tests were carried out on 70 mm diameter specimens, 
in which standard heat treatment produced an appreciable nonuniformity 
of grain size. The specimens were cut longitudinally into two equal halves 
before the heat treatment. One of these halves was subjected to  a prelimi
nary heat treatment at 1150°C for 25 min, and cooled in the air. Then, 
together with the second half, it was subjected t o  the standard process: 
heating at 1080°C for 8 hr, cooling in the air, aging at 750°C for 1 6  hr, 
cooling in the air. The macrostructure and the mechanical properties of 
the specimens were studied after the heat treatment. The macrostructure 
of the specimens is shown in Figure 3. 
InfIuence of preIirrinarp heat treaunent on the mechanical properties of &e KhLU77TYuR alIoy 

h,IechanicaIproperties at 20°C 
Heat treament process 

1080°C, 8hr, air+750"C, 1 $6.0 66.9 12.2 13.ti 4.88 3.8 
16hr,air ......... 91.0 66.3 14.4 17.8 5.l3 

1150"C, 25min, air+ 
+ l08OoC, 8 hr, air + 104.0 68.6 21.6 21.4 5.13 - 3.75 
+750"C, i6hr, air .-.I 101.8 67.8 20.6 21.4 4.8 

* Ddacrostmcture may be meant.] 
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P r e l i m i n a r y  h e a t  t r e a t m e n t  p r o d u c e s  a u n i f o r m  f i n e - g r a i n e d  s t r u c t u r e  
in  s p e c i m e n s  w h i c h  h a v e  a n o n u n i f o r m  s t r u c t u r e  after o r d i n a r y  h e a t  
t r e a t m e n t .  

T h e  d a t a  c o n f i r m  t h a t  p r e l i m i n a r y  h e a t  t r e a t m e n t  of t h e  KhN77TYuR 
a l l o y  e l i m i n a t e s  t h e  t e n d e n c y  t o  f o r m  a n o n u n i f o r m  g r a i n  s t r u c t u r e  a n d  
e n s u r e s  a u n i f o r m  s t r u c t u r e  wi th  a g r a i n  s i z e  of f r o m  -1t o  + 1 ( a c c o r d i n g  t o  t h e  
GOST 5639-51  s c a l e ) .  T h u s ,  t h e  m e c h a n i c a l  p r o p e r t i e s  (see t a b l e )  are 
b e t t e r  t h a n  t h o s e  of s p e c i m e n s  c u t  o u t  of a l l o y s  w h i c h  h a v e  no t  b e e n  g i v e n  
a n y  p r e l i m i n a r y  h e a t  t r e a t m e n t  a n d  h a v e  a n o n u n i f o r m  g r a i n  s t r u c t u r e .  
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Y u .  N .  Kroklzinal' 

ISOTHERMAL C R Y S T A L L I Z A T I O N  DURING 
PRESSURE BRAZING OF H E A T - R E S I S T A N T  
NICKEL -B A S E  A L L O Y S  

T h e  v e r y  h i g h  s u s c e p t i b i l i t y  of c h r o m i u m - n i c k e l  a u s t e n i t i c  steels a n d  
a l l o y s  t o  c r a c k i n g  h a s  f o r c e d  w e l d e r s  t o  look  f o r  m e t h o d s  w h i c h  w i l l  n o t  
e n t a i l  l o c a l  h e a t i n g  t o  t h e  m e l t i n g  p o i n t .  
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Studies in the field of the so-called pressure  brazing have been car r ied  
out a t  the E.  0.Paton Institute of Electr ic  Welding (AN USSR). Unlike 
brazing with hard solders ,  p ressure  brazing gives uniform strong joints 
which can withstand high temperatures .  

This new method is based on the interaction between the fused mater ia l  
of the solder  and the basis  metal. 

As  a resul t  of the diffusion interaction between the liquid and solid phases 
an isothermal  crystallization of the liquid phase takes place, followed by a 
diffusion dissolution of the components of the solder  in the basis  metal .  

The joints produced by the pressure  brazing method (Figure 1)have no 
regions with a cast  s t ruc ture  with properties and chemical composition 
differing great ly  f rom those of the basis  metal, as  in ordinary brazing. 
The chemical composition of the metal  of the joint obtained by pressure  
brazing differs little f rom that of the bas i s  metal. 

Using this method, the E. 0. Paton Institute of Electr ic  Welding (AK USSR) 
has successfully solved the problem of welding ar t ic les  made of heat-
resis tant  s tee ls  and alloys. P res su re  brazing i s  a l so  used to  produce 
bimetallic tubes, bimetallic sheet, etc. 

Today, solid solution and eutectic solders  a r e  used in pressure  brazing. 
In both these solders  the fused phase can be produced by melting the solder 
o r  by contact melting during the reaction of the solder  with the basis  metal. 
Contact melting during pressure  brazing of heat-resis tant  nickel-base alloys 
facilitates a more vigorous dissolution of the s t rong surface oxide films in 
the liquid phase. The oxygen i s  removed from the joint together with excess  
of the molten metal  which i s  pushed out t o  the periphery. Contact melting, 
particularly by a eutectic reaction, of alloys with a s t rong oxide film i s  
preferable to  the  independent melting of the solder .  

In this report  we shal l  give certain data on the mechanism of the forma
tion of joints during pressure  brazing of heat-resis tant  chromium-nickel 
alloys. 

For  p re s su re  brazing chromium-nickel alloys, th ree  e l e m e k s  which 
with nickel form relatively low -melting eutectics, niobium, vanadium, and 
titanium, a r e  used mainly today. * 

A thin foil of one of these elements is placed between the surfaces  to  be 
joined, the a r t ic les  a r e  fastened together, and heated to  the melting point 
of the eutectic. The joining is usually car r ied  out in vacuo at a pressure  
not exceeding 1 .10 -4mm Hg. However, a vacuum is  not essent ia l .  The 
brazing can also be car r ied  out under conditions which prevent access  of 
a i r  to  the joint, for  example, by a protective gas o r  a flux. 

To compare the mechanism of brazing with the phase diagram, we 
experimented with pure nickel. 

The nickel-niobium sys tem (Figure 2 )  was usually studied. This system 
has two eutectics melting at 1270 and 1175"C, respectively. 

We found that a liquid phase is formed as soon a s  1175°C is reached. 
This indicates that during contact melting a liquid phase consisting of a 
eutectic with a melting point of 1175°C (about 50% of niobium) i s  produced 
f i r s t .  Apparently, the composition of the liquid phase remains unchanged 
until a l l  the niobium is consumed. In our experiments we used niobium 
foil 20 p thick. 

' S.I.Novak was the first to recommend niobium as a solder for nickel-base alloys. 
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FIGURE 1. Jointbetweenachromium-nickel alloy and another alloy produced by an intermediate layer of niobium 20p thick, X 100. 
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The melting is apparently preceded by the formation of a diffusion layer 
s imilar  in composition and s t ructure  to  the eutectic. 

A photomicrograph of a diffusion region produced when nickel and 
niobium in the solid s ta te  a r e  joined in vacuo at 1150'C and then diffusion 
annealed in a furnace at the same  tempera ture  for 24  h r  (diagonal micro-
section) is shown in Figure 3. The s t ructure  of the diffusion region is 
clearly eutectic. 

Fur ther  dissolution of nickel in the liquid phase takes place after the 
whole layer of niobium is molten, and the temperature of the specimen i s  
raised to  the tempera ture  of brazing (isothermal heating). On the phase 

diagram this corresponds to  a shift 
of the point characterizing the 

S o t  t500 
IO 20 30 90 5,Ll 60 Nb, W t  % composition of the liquid phase to  

the nickel side.  
t400 In our experiments the temper

ature  of isothermal heating was 
t300 	 chosen a s  1300°C t o  accelerate as 

much as possible the diffusion 
processes,  to  produce a solid phase 
consisting of a solid solution by 

It00 isothermal crystallization, and to  
force the remainder of the liquid 

roo0 phase to  crystall ize in the eutectic 
field. As  a result ,  the liquid phase 

9000 10 20 30 40 50 60 in our experiments contained 23.5% 
N b .  at. 70 of niobium or l e s s .  

After the liquid reached a composi-
FIGURE 2 .  Nickel-niobiuni phase diagram. 	 tion corresponding to the point of 

intersection of the liquids with the 
1300°C isotherm, further dissolution 

of nickel stopped, since this point determines the maximum solubility of 
nickel in the liquid phase at a given temperature.  At such a composition, 
the liquid is in a state of equilibrium with the solid phase whose composition 
is determined by the point of intersection of the solidus and the 1300°C 
isotherm. A solid phase of this composition forms a thin layer on the solid 
nickel-liquid alloy (nickel-niobium) phase boundary directly after dissolu
tion of nickel in the liquid phase ceases .  

The equilibrium during isothermal heating is apparently upset only as a 
result  of a change in the composition of the solid phase (nickel-niobium 
solid solution on the boundary with the liquid phase) due t o  concentration 
diffusion of niobium f rom the interface toward the interior of nickel. A s  
a result ,  a solid phase crystall izes f rom the liquid at the interface. This 
solid phase has a composition that leads t o  a continuous renewal of the 
upset equilibrium. Therefore, the r a t e  of isothermal crystallization is 
determined by the r a t e  of diffusion of niobium into the solid. The composi
tion of the crystallizing liquid remains  constant during the whole process.  
The rate  of crystallization decreases  with decrease in the r a t e  of diffusion 
of niobium, due t o  a shifting of the interface. 

By changing the duration of the isothermal heating we were able t o  
determine the different stages of isothermal crystallizalion of the liquid 
layer .  A photomicrograph of a joint between nickel and a niobium layer i s  
shown in Figure 4. 
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FIGURE 3, Region of iiitictin Mftisioii of nicltel and niobiurii at  115Q°C(below die melting point of dic eutectic), Diagonal microsection, x 600, 
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FIGURE 4. Isotherm21cqX2lliz2tion of &e nickel-niobium eutectic, X 500: 

2-lmin; b-Zmin; c-4min; d--8min; e-16min. 
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The variation in the width of the layer with a eutectic s t ructure  indicates 
that an increase in the duration of isothermal heating reduces the amount 
of liquid phase, and this confirms an ea r l i e r  assumption on the mechanism 
of the isothermal crystallization during p res su re  brazing. 

V .  G .  Volkov, S .  A.  Yuganova, I .  A.  Stepanova, and 
N .  S. Kreshchanovskii 

INFLUENCE OF METALLURGICAL FACTORS ON 
THE STRUCTURE OF HEAT-RESISTANT NICKEL 
ALLOY E1765 

The mechanical properties and thermal  res is tance of metals a r e  greatly 
influenced by the s t ructure  of the material .  The s t ructure  of alloys depends 
on a number of factors,  including the way these alloys were  melted and the 
conditions of solidification of the castings. The purpose of this work w a s  to  
determine the s t ructure  of E1765 alloys melted in open and vacuum induction 
furnaces, and cast  in chill molds or in ceramic  molds heated to  800°C. We 
paid particular attention to a study on the nature, amount, shape, and 
distribution of precipitates (carbides in cast  and heat-treated alloys and 
y'-phases in heat-treated specimens ). 

METHOD 

F o r  our  investigations we took alloys of standard composition, and 
subjected them to standard heat treatment.  

We melted the metal according t o  a process  developed by TsNIITMASh 
for materials of this c lass .  The temperature of the alloys during casting 
w a s  15OOklO"C. 

The s t ructure  of this alloy was found by metallographic and electron 
microscope methods, and also by X-ray and chemical phase analysis.  

The microsections were prepared under an optical microscope and 
etched electrolytically in a 10% aqueous solution of oxalic acid (current 
density about 0.1 amp/cm2) ,  or by the Murakami etchant. 

The electron microscope studies were ca r r i ed  out by the single-stage 
method with carbon. 

The distribution of carbon in the cast  alloy w a s  found by qualitative 
autoradiography. A CL4radioactive isotope was introduced into special  
heats.  

RESULTS AND DISCUSSION 

A study of the s t ructure  of cast  specimens cut f rom chill mold castings 
showed that melting in vacuo leads t o  a certain coarsening of the dendrite 
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branches,  an increase in the total amount and s ize  of pr imary phase 
precipitates, and also a change in the nature of their  distribution in 
comparison with metals melted in the a i r  (Figure 1). 

I 

t 

.B 

'-f,," 

FIGURE 1. Microstructure of E1765 alloy, X 500: 

a-melted in vacuo, polished microsection; b-melted in air ,  polished microsection; c-melted in vacuo, 
etched in a 10% aqueous solution of oxalic acid: d-melted in air, etched in a 1 0 %  aqueous solution of 
oxalic acid. 

The carbide precipitates in specimens obtained by vacuum melting form 
chains which surround the dendrite branches.  The titanium carbide 
precipitates a r e  elongated, and a r e  s imilar  in shape to  the incompletely 
developed dendrites (Figure 1, a) .  

If the metal  is melted in the a i r ,  the carbides a r e  distributed more 
uniformly and a r e  more regular  in shape (Figure 1,b).  The metal  produced 
by vacuum melting has a high content of eutectic components, which like 
columns of titanium carbides accumulate in the interaxial regions of the 
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dendrites and a r e  clearly visible on polished and etched microsections. If 
the specimens a r e  etched by the Murakami reagent the eutectic i s  colored 
black (Figure 2 ) .  This indicates that this eutectic contains carbon. Because 
of the changes in composition, amount, and distribution of carbides, the 
grain boundaries of cast  vacuum-melted metal  a r e  coa r se r .  

A s imilar ,  although l e s s  pronounced, regularity w a s  found during 
comparative studies on the microstructures of precision cast  metals.  

FIGURE 2. Eutectic precipitates in the striictiire of the EI7G5 alloy, X 1000: 

a- polished niicrosection; b-microsection etched by the  hlurakami reagent. 

Thermal heat treatment of the alloy leads to an appreciable decrease  in 
the amount and separation of the primary carbides present in the eutectic, 
and also to  an increase in the content of the secondary phase which 
accumulates in the interaxial regions. The differences between the 
structures of cast  alloys melted in a i r  or in vacuo were  generally retained 
after heat treatment.  

A study of the influence of the temperature of the mold on the s t ructure  
of the cast  metal melted in vacuo showed that a decrease  in the cooling 
rate  leads to a thickening of the dendrite branches, coarsening of the grains,  
and a decrease  in the total amount of pr imary  phases. At the same  time, 
the titanium carbides become coa r se r ,  and the aggregates of the eutectic 
l a rge r .  Because of an increase in the distance between the axes of the 
second o rde r ,  the secondary phases form wider bands. 

The grain boundaries of alloys cast in ceramic  molds were c l ea re r  than 
those of specimens cast  in chill molds. 

Our metallographic studies showed that the method of melting and the 
conditions of solidification of the E1765 alloy influence i ts  s t ructure ,  and 
in particular the amount and distribution of the different types of carbide 
phases, and the relationship between them. 

Similar results were obtained by studies involving methods of chemical 
and X-ray phase analysis. 

The data in Table 1 show that if the E1765 alloy i s  melted in vacuo, the 
total content of the [alloying ] elements in the carbide precipitates increases .  
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This is  t rue  also of alloys cast in chill molds, and or in heated ceramic 
molds. 

In both cases  the weight of the carbide precipitates in the vacuum-melted 
alloy was 1.5-2 t imes that of carbides precipitated in the metal  melted in 
a i r .  

On the other hand, slower cooling during crystallization leads to a 
decrease in the total amount of carbide precipitates, irrespective of the 
method of melting. 

X-ray studies (see Table 1)showed that the carbide particles precipitated 
from the cast  metal contain titanium carbide and titanium nitride, and also 
a phase of the 14,C type. This compound has a variable composition, and 
a hexagonal lattice of the Mo,C type. 

TABLE 1. Results of a phase analysis of the E1765 alloy 

Content of [alloying3 elements in precipitate, 
on the weight of dissolved metal ,  wt __ 

Conditions of 
State of 

Phase compositior total amount 
melting and of carbide preci- of [alloying3

casting of metal  
specimen 

pitate 
Cr elements in 

precipitate, 
Wt 70 

Melted in air ,  cast Cast T i c ;  TIN 0.09 0.44 
in chill molds 

Heat Ti (C; N); hlz3CS Nor determined 
treated 

cast i n  chill Heat hl,,C,; TIC; TIN Not determined 
molds treated 

Melted in vacuo, Cast T i c ;  MZC; TiN 0.21 0.23 0.24 0.22 0.02 None 0.92 
cast in chill 
molds 

Melted in air, Cast T i c ;  TiN; h1,C 0.04 0.04 0.06 0.09 0.01 None 0.25 
cast in ceramic 
molds (T=800'C) 

Melted in vacuo, Cast TIC; TiN; hlzC 0.15 0.20 0.14 0.16 0.01 None 0.66 
cast in ceramic Heat AI&,; T i c ;  TIN 
molds (T=800"C) treated 

Melted in vacuo, Cast T i c ;  TIN; 11,C 0.16 0.171 0.17 I 0.02 j None I 0.65 

We found that the M,C carbide in the vacuum-melted metal  cast  in chill 
molds has the following lattice parameters :  a =2.89kX, c =4.55kX, and 
cla =1 .57 .  

According to the data obtained by X-ray spectral  microanalysis with the 
"Comeca" analyzer, this phase contains about 47 w t %  Cr ,  4070 Mo, 870W, 
and 1.270Ti. If we assume that the balance is carbon, the rat io  of the total  
content of carbide-forming elements to carbon (in at .  70)is close to 2 .  

According to the results of X-ray s t ructural  analysis, vacuum-melted 
alloys contain more M,C-type carbides than metals melted in a i r .  The 
relative increase in the content of 14,C in the precipitates is  also confirmed 
by data on chemical phase analysis (see Table 1). The concentration of 
chromium, molybdenum, and tungsten in the precipitate increases .  These 
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elements, a s  we have already mentioned, enter the complex M2C carbides.  
No M2C carbides were found by the X-ray method in heat-treated 

specimens.  The precipitates of these specimens were found to  contain 
not only titanium carbides and titanium nitrides,  but a lso M,,C, carbides 
(Table 1). A comparison of the intensity of the lines of M2,C, and of T i c  
on the X-ray photographs showed that alloys melted in vacuo have a higher 
content of M,,C, than metals melted in a i r .  Since vacuum melting leads to 
an  increase in the content of carbides in the alloy, it has been assumed 
that this is because of an increase in the dendrite liquation of carbon. 

The method of qualitative autoradiography with the CI4 isotope w a s  
applied to  check this assumption, but it is insufficiently sensitive, and it 
is not possible to find any difference between the distribution of carbon in 
the metal  melted in a i r  or in vacuo. In both cases  the carbon is  concen
trated in the interaxial regions of the dendrites. A s  an example, Figure 3 
shows one of the autoradiograms recorded from a polished specimen of the 
E1765 alloy. 

FIGURE 3. Autoradiogram of a specimen of the E1765 alloy 
containing a C14 isotope, X 60. 

To clarify this problem, quantitative radiographic methods must be used. 
We studied not only the carbide phases, but also made an attempt to 

evaluate the influence of metallurgical factors on the amount, shape, and 
dimensions of the intermetallic Ni,(Al, T i )  precipitates. 

F rom a study of the s t ructure  of the alloys under an electron microscope 
it was not possible to determine any specific relationship between the 
distribution, amount, and dimensions of the particles df the $-phase and 
the method of melting and conditions of crystallization of the metal. In 
all specimens the y’-phase was distributed uniformly within the matrix of 
the alloy, and its amount was determined by the content of aluminum and 
titanium in the alloy. The particles of the y’-phase were spherical  in shape. 
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Figure 4 shows photomicrographs of sections typical of a l l  specimens.  
N o  definite relationship was found between the composition of the inter-

metallic precipitates and the method of production of the alloy. This can 
be illustrated by the resul ts  of phase analysis given in Table 2 .  

FIGURE 4. Uistrilxirion of [he y’-phase in the E1765 alloy, X 10,009: 

a--grain; b-grain boundary region. 

TABLE 2. Results of a chemical phase analysis of  the E1765 al ioy 

:ontentofele- Phase com- Conte.it of elements in precipitates, on 

of metal 
A I  Ti precipitatc Fe Cr hlo I\’ Ti 

hlclting in air. cast-
ing in chill molds . . . 2.05 1.21 r’-phase, Ti  (C, N) 0.22 0.75 0.52 0.95 0.73 

-(-phase 
hlelting in vacuo, cast-

ing in chill molds . . . 1.87 1.03 traces Ti  (C, K )  0.24 1.01 0.44 0.82 0.52 
hleltinp in vacuo, 

casting i n  cerdmic 
mold heatvd to 
800°C. . . . . . . . . . . 1.82 1.03 r’-phase 0.24 0.65 0.43 0.80 0.52 

hlethod of production nents in alloy 
position of L the weight of dissolved metal ,  \\it 

-

The higher content of alloying elements in the precipitate produced in 
the metal  obtained by melting in the a i r  is apparently due to  the higher 
concentration of aluminum and titanium in the alloy, and is not connected 
with the technology of melting. 

A comparison of the resul ts  of a study on the s t ructure  of alloys by 
metallographic and electron microscope methods and phase analysis shows 
that the method of melting and the conditions of crystallization of the E1765 
alloy greatly influence the formation of carbide phases, but have no 
influence on the principal characterist ics of the y‘-phase. 
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V .  1. I-'vosi~irin,V .  D. Mortikov,, and S.  A.  Gmyunov 

THE SPECIFIC BEHAVIOR OF HEAT-RESISTANT 
ALLOYS DURING THERMAL CYCLING 

The behavior of alloys during thermal  cycling has usually been investi
gated under conditions of s t r e s s .  The heat resistance of many unstressed 
alloys and metals has been studied, and this property has been evaluated 
from a change in the shape of the metal and the formation of cracks.  
Variation in the state of the alloys during thermal  cycling when no external 
loads a r e  applied has not yet been sufficiently investigated. 

A study of repeated heating of nickel- chromium-base heat-resistant 
alloys containing titanium and aluminum is interesting in order  t o  clarify 
the interaction between the processes of strengthening and softening. In this 
art icle w e  shall  give some data on the influence of thermal  cycling on the 
s t ructure  and properties of the EI437E alloy. 

The heat-treated specimens (15" in diameter and 160 m m  in length) 
were subjected to one of the following three processes  of thermal  cycling 
(700- 850°C): 

700°, 30min TI 850", 20min 
700", 90min * 850",  20 min 
7 0 0 " ,  270min -f 850", 20 min 
Each cyclic process was repeated 50 t imes.  The specimens were heated 

in one furnace at 700°C and then t ransferred t o  another furnace and held at  
850°C. 

The changes in the properties and s t ructure  w e r e  evaluated by long-time 
strength t e s t s  on 6 m m  diameter specimens at  700°C s t r e s sed  by a load of 
44 and 55 kg/mm2, microhardness measurements,  studies on the micro
s t ructure  and phase composition, and also from certain data of X-ray 
analyses.  

Long-time strength. The variation in the long-time strength after 
different heat-treatment processes is shown in Table 1. 

T A H L E  1. Variarion in die long-time suength after different heat-treatment processes 
.

lIeat trcaliiieiit' srress, Taw 
kg/nilll2 b a y ,  4b *av> % hr, iiiin 

-

Inirial (1080°C, R hr,  +700 ,  1Chr) . . . 44 3.22 7.65 85.40 
Iiiitial 850"C, 30 iiiin . . . . . . . . . . 44 3.3 9.11 69.55 
850°C/20min + 700°C/30inin . . . . . . 44 3.98 12.91 24.00 

55 4.86 16.3 14.05 
85O0C/2O min +lOO"C/OO iiiin . . . .. . 44 3.46 10.5 5.21 

55 4.55 11.14 1.31 
850°C/20 inin + 100°C~210min . . . . . 44 2.51 6.59 12.00 

55 2.38 1.56 4.20 

' The tables give the average data obtained from 4-5 specimens. 

The data indicate that the duration of heating at  the minimum temperature  
of the cycle greatly influences the strength and ductility of the alloy. 
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Thermal cycles with 30 min heating periods, and in particular with 
90 min periods, decrease the time to  failure (zaJ but increase the ductility 
of the alloy. Cycles with a 270 min heating period do not cause such a sharp 
drop in the long-time strength. 

Microhardness. In Figure 1 a r e  curves showing the dependence of the 
average (of 200 measurements) microhardness ( H P )  and the dependence of 
the distribution of microhardness ( A H )  on the duration of heating at the lowest 
temperature of the thermal cycle. 

Heating at  700°C, hr 

FIGURE 1. Influence of duration of heating on the 
microhardness and other properties determined by 
chemical  and X-ray structural analyses of the 
EI437B alloy. 

These data indicate that during the f i rs t  and second heating treatments 
of the thermal cycle the processes of softening prevail over those of 
strengthening, and therefore the long-time strength and the mean micro-
hardness decrease greatly.  The microhardness of metals subjected to the 
third process of thermal cycling is even higher than the initial value. 

The width of the bands representing the distribution of microhardness 
levels can to  a certain extent indicate s t ructural  heterogeneity of the alloy. 
An increase in the duration of heating at 700°C decreases the difference 
between the maximum and minimum microhardness ( A H ) ,  which indicates 
a decrease in heterogeneity. 

Phase analyses. The variation in the substructure of the alloys was 
studied by a complex method of phase analysis (method developed by 
N.  I. Blok and N. F. Lashko). Anodic precipitates were separated from 
specimens 10" in diameter and 40" in height in the electrolyte 18. 
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The specimens w e r e  then analyzed chemically and by X-ray methods, using 
a URS-50 apparatus. The results of the chemical and X-ray analyses a r e  
given in Table 2 and Figure 1. 

TABLE 2. Content of eleinenrs and lattice parameters of the 7’-phase in the E14376 alloy after thermal cycling 
__ 

Content of eleinents, yo Lattice para-
Neat treatment 

N i  Cr A I  Ti meters, kX 
___ 

Initial ( r’-phase . . .. . . .. . . .. . 77.0 4.58 6.85 11.54 3. 5800 
solid solution . . . . . . . .. . 76.7 20.35 0.68 2.01 3. 5602 

850”, 20 inin; +700°, 30 inin . . . . . . 71.0 4.52 6.82 11.65 3. 5800 
830°, 20 inin; +700”, 90 inin . . . . . . 71.22 4.17 7.15 11.43 3. 5798 
850°, 20 min; +700°, 270 m i n .  .. .. . 77.0 4.86 6.51 11.62 3. 5800 

The maximum amount of y’-phase in the alloy was found after cycling by 
the second process .  The increase in the amount of $-phase caused the 
mother solid solution to become depleted of titanium and aluminum. This 
reduced the heat resistance and increased the ductility of the solid solution. 

The average composition and the average crystal  lattice parameter  of 
the y’-phase remain almost unchanged by the different cycling processes  
(see Table 2 ) .  However, X-ray photographs of the y‘-phase in the initial 
alloy show very diffused lines, particularly for large s l ip  angles ( M I - 1 3 3  
and - 4 2 0 )  which indicates that individual grains may have very varying 
compositions. After thermal cycling by the first  process,  and in particular 
by the second, the intensity of the lines on the X-ray photographs is 
increased, they become sharper ,  and doublets appear,  which indicates that 
the individual grains of the $-phase have a highly stable composition. 

It can be assumed that the dispersion of individual grains  of the $-phase 
i s  proportional to the width of the interference lines of this phase, since 
the re  a r e  almost no s t r e s s e s  of the second type in individual grains of the 
y‘-phase because of their  microscopic dimensions. 

The data shown in Figure 2 indicate that the dispersion of the grains of 
the $-phase in alloys after thermal  cycling, particularly by the second 
process ,  is greatly decreased. 

The $-phase in heat-treated alloys has an ordered face-centered cubic 
lattice, and CrK*-radiation produces superlattice lines on the X-ray 
photographs. The relationship between the intensity of the superlattice 
lines and ordinary lines is usually an  indication of the ordering of the 
y’- phas e.  

It has  been experimentally found that after thermal  cycling the super-
lattice lines of the $-phase either disappear completely (after cycling by 
the first  p rocess )  o r  a r e  very weak. This indicates a complete or  partial  
upsetting of the long-range o rde r  of atoms in this phase. This may 
adversely influence the long-time strength of the alloy s ince in this case 
the bonds between the chief strengthening phase and the solid solution 
matrix are disrupted. 

The relationship between the integral intensities of the lines of the X-ray 
photographs a r e  proportional t o  s t r e s s e s  of the third type, which arise as 
a resul t  of a change in the s ta te  of the crystal  lattice of the dislocated 
regions of the phase. It has been experimentally found that the relationship 
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between the integral intensities and the nature of thermal cycling of the 
alloy varies, in the same way as the long-time strength. 

FIGURE 2. Srmcture of E T 4 7 B  days after many thermal cycles, X 1350: 

a--850", 20 min; + 700°, 30min; b--850", 20 min; +700°, 1hr 30min; c--850°, 20 min; +700", 4hr 30 min; 
a,.b, c-eIecnoLytic etchkg; a'; b', c' -chemical etching. 



CONCLUSIONS 

1. The processes of strengthening and softening in EI437B alloys during 
thermal  cycling (700 850°C) can reduce their  long-time strength t o  a 
fraction of i ts  initial value. The extent of this decrease depends on the 
duration of the cycles. One-time overheating of the alloy to  850°C for 
30min decreases  the t ime to failure at 700°C by 18.5% ( CI =44kg/mm2).  
After 50 cycles during which the alloy is heated to 850°C after every 30 and 
90min, the t ime to failure is decreased by 72  and 9470, respectively. If 
the t ime interval is increased to 270 min, the decrease in the long-time 
strength is not s o  great.  The larger  decrease in the long-time strength i s  
accompanied by a considerable increase in the ductility of the alloy. 

The decrease in the heat resistance of the alloy is caused by: 
a )  a considerable depletion of the solid solution of those elements 

consumed for the additional formation of the strengthening y'-phase; 
b )  the formation of a highly developed block structure in the micrograins 

of the alloy, which can facilitate plastic flow and failure of the metal along 
the boundaries of the blocks during long-time tes ts ;  

c )  complete or partial upsetting of the superlattice of the chief strength
ening y'-phase, which leads to a change in the bonds between this phase 
and the solid solution matrix of the alloy. 

2 .  Certain thermal  cycling processes of alloys containing molybdenum 
also lead to softening. Thus, for example, a cycling process at 850°C for 
2 h r  1050" for 5 min leads to  a gradual reduction in the long-time 
strength i f  the number of cycles i s  increased. After 500 such cycles, the 
long-time strength at  800°C under a s t r e s s  of 38 kg/mm2 decreases  by8870. 
Under the same conditions of testing, after 420 cycles at 850°C for 
2 h r  1050 for 2 min the long-time strength decreases  by 5870. An 
increase in the holding t ime at the upper temperature of the cycle increases 
the softening of the alloy. An increase in the holding t ime at  the lower 
temperature of the cycle first  causes softening of the alloy but then this 
softening is retarded, i. e., the process i s  s imilar  to that in the E1437B 
alloy. 

A decrease in the heat resistance of the alloy is caused by: 
a )  depletion of the solid solution of titanium and aluminum because these 

elements a r e  used to  form additional amounts of the y'-phase; 
b )  fragmentation of the main grains with the formation of precipitates, 

which weaken the intergranular bonds at  the grain boundaries. 

V .K. Tsvetkova, V .N .  Zhuchin, V .  V .  Topilin, 
A .  P.  Boyarinova, V.  P .  Stepanov, L .  N .  Zimina, 
and G. F. Kosheleva 

PROPERTIES OF SUPER ALLOYS OF THE 
EP487 TYPE* 

The wrought EP487 super alloy is recommended for welded articles 
working at 750-900°C and under high s t r e s ses .  

M. Ya. Dzugutov, M. M. Klyuev, E. G.Dracheva, G. V. Zaglodina, A.  S. Tugai, and E .  F. Ignatenko 
participated with the authors in  this work. 
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4 

The EP487 (I(hN6OVR/IT10)alloy has a better weldability and a higher 
strength over the range of temperatures of 20- 9 5 O O C  than the recently 
used EP202 (KhN60MVT10)alloy. The ultimate strength and the yield 
strength of the EP487 alloy a r e  10- 15kg/mm2 higher than those of the 
EP202 alloy, which is very valuable for increasing the reliability of 
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FIGURE 1. Mechanical properties of EP-487 steel a t  elevated temperatures: 

1-along acicular crystals; 2-along ingot, edge; 3-along ingot, middle; 4-across ingot, edge; 
5-across ingot, middle. 

190 

- ... .. ,. 8.8. 11.1. 111 1111 1111. E l l  111111 I S l l l  111111 1111 111 III1111 I I  I l l  I I 1111 I I  I 



The molybdenum content of the EP487 alloy is 5 %  higher than in the 
EP202 alloy, which increases its res is tance to  plastic deformation and 
limits the field of high ductility to a narrower range of temperatures .  

We studied the properties of cast  and wrought EP487 alloys to  choose 
the correct  process of shaping and to  determine its deformability at 
elevated temperatures .  

The mechanical properties of cast alloys were studied with specimens 
cut f rom 270  kg ingots, 

The specimens were cut in the longitudinal and t ransverse  directions 
of the ingot (edge and middle) and also along acicular crystals .  

We investigated the mechanical properties of the metal at 20  and 800
1200°C. The dependence of properties on temperature  a r e  shown in 
Figure 1 .  

The resul ts  show that the ultimate strength is almost independent of 
the direction and place from which the specimens were cut out, but the 
ductility of the metal  (elongation and reduction of a r e a )  is greatly 
influenced by these factors. Specimens cut out along acicular crystals  
had the highest impact strength and the highest elongation, while specimens 
cut longitudinally from the middle of the ingot had the lowest impact 
strength and elongation over the range of temperatures  of hot working. 

The ultimate strength of the alloy at 900°C is f rom 30 to 40 kg/mm2, 
but at 1000°C it is only 20kg/mm2. This indicates that the alloy has a 
high resis tance to  deformation and requires  powerful and rapid working 
equipment. The ductility and impact strength a r e  highest at 1100°C. An 
increase in the temperature to 1200°C o r  a decrease to  950°C greatly 
decreases  the ductility. This indicates that the alloy is highly sensitive 
to  overheating and that the strengthening of the alloy due to the precipitation 
of intermetallic phases s t a r t s  at relatively high temperatures .  

Similar data were obtained during studies on a wrought metal  produced 
in open induction furnaces, and electr ic  furnaces by the s lag processes .  
No great difference between the ultimate strengths of the metals produced 
by these two methods was found. The metal  obtained by the slag 
process has a higher ductility at elevated temperatures .  The impact 

strength of metal produced by induction 
melting at 900-1200°C does not exceed 
10 kgm/cm2, while that of the metal  
produced by the s lag process  in an 
electric furnace i s  a s  high a s  2 2  kgm/cm2 
(Figure 2) .  

It has been experimentally found that 
in the EP487 alloy a highly effective 
precipitation hardening takes place 
rapidly even at  high cooling ra tes .  If the 
metal  is cooled in molds the processes  
of precipitation hardening a r e  apparently 
almost complete, and therefore this metal 
is very brittle. 

T ° C  The hardness ( H B )of the ingot after 
cooling was 277 kg/mm2, but after 

FIGURE 2. Impact strength over the quenching in water f rom 1220°C the 
temperature range of 900--1250°C. hardness was 170kg/mm2. 
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In alloys which undergo no polymorphic transformation tensile s t r e s ses  
can always a r i s e  in the interior of the ingot, and can produce internal 
cracks if the meta l  has a low ductility. Such cracks usually a r i s e  in those 
regions of the ingot subjected to  the highest tensile s t resses .  

In ingots produced by the ordinary method, the highest tensile s t r e s s e s  
usually appear in the lower part  of the ingot because the cooling is 
most rapid there.  

Most 500-kg ingots of the EP487 alloy cooled in molds had internal 
t r ansve r se  cracks in their  lower par ts- Attempts to  avoid these by 
different cooling methods available in industry met with little success.  

It was found that t o  avoid the formation of internal t ransverse cracks 
the ingots must be forged while hot, without any intermediate cooling 
after teeming and solidification. 

F I G L E  3. Macrosrructure of2 350 mm diameter bilIet  cut from a 2100kg ingot. 
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The experience obtained with 960 to 2500 kg ingots showed that if these 
a r e  heated during forging to  550°C (at the surface)  or above, no internal 
cracks a r e  formed and forgings of different dimensions can be produced. 

As already mentioned, special  industrial processes  for  deformation 
must be developed because of the low ductility of the alloy and i ts  high 
resis tance t o  deformation at low temperatures .  With such methods ar t ic les  
with a diameter of f rom 1 6  t o  350". and also billets of various dimensions 
can be produced by working 165kg t o  2500 kg ingots of this highly alloyed 
and deformation- r e sistant alloy. 

The deformation of this alloy must be ca r r i ed  out over a very narrow 
range of temperatures  and at very limited reductions per operation. 

A study of the macrostructure  of c r o s s  sections 200- 350" in diametei
prepared from 960 kg and 2500 kg ingots (produced by induction melting) 
showed that the alloy is susceptible to  extraaxial  liquation (see Figure 3). 
The volume of metal attacked by this liquation is g rea t e r  in the l a rge r  ingots 
(2100, 2500kg). Remelting in an electric furnace by the slag process  
considerably decreases  the liquation heterogeneity of the metal .  

However, metals prepared in an electric furnace by the s lag process 
have considerable internal cracks in the lower par t  of the ingots, which 
appreciably reduces the percentage of usable material  and l imits the 
application of this method. 

According to technical specifications, rods more than 100" in 
diameter a r e  inspected for mechanical properties during melting by using 
reforged specimens 80--100" in diameter.  Rods with a diameter of 
100" or less a r e  inspected on delivery. Bars  45" in diameter a r e  
produced from 165 kg ingots so  that the conditions of recrystall ization 
exclude any extraaxial liquation. Thicker b a r s  prepared from 960 and 
2500 kg ingots produced by induction melting show appreciable extraaxial  
liquation. 

The mechanical properties of specimens prepared from different ingots 
and from metals produced in e lectr ic  furnaces by the s l ag  process  at 20 
and at 800°C are given in Table 1. The specimens were made of round or 
squarebi l le ts ,  cut into four par ts ,  heated to  1100- 1120°C for 2.5 h r ,  cooled 
in the a i r  and then held for lOhr at 850°C. 

TABLE 1. hlechanical properties 

20 

Ingot 165 kg (40 inm diain) . . . . 800 


20 

lngot 960-25OOkg ( O 9 0 1 n m )  . 800 


Slag process in  e lectr ic  furnace, 20 
(0
90 mm) .. . . . .. . .. . . . 800 

UB 

kg/inin2 
un,a. 

~<g/iiim* 
6 ,  70 @ , 7 0  

118 80 20 25 2.6 
91 73 29 32 3.8 

116 80 15 18 2.4 
88 73 23 30 3.5 

119 82 20 20 2.1 
9 0  73 27 32 3.8 

From the data of Table 1 it can be seen that the ultimate strength and 
yield strength of 30- 40 m m  rods prepared in an induction furnace o r  in 
an electric furnace by the s lag process are almost the s a m e  a s  those of 
90" square specimens made of large ingots. However, their  ductility 
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i s  higher, probably because of extraaxial liquation in large ingots. 
Characteristically, the metal  has a low impact strength at  20 and 

800°C. W E  studied the influence of heat treatment on the mechanical 
properties of alloys, and found the optimum process (1130", 2.5 h r  + 
850"C, 3 h r ,  a i r )  for an increase in impact strength. 

With this new heat treatment the impact strength of 90" square 
specimens can be increased from 2 .2  to  5.0kgm/cm2 at 20°C (Table 2 ) .  

TABLE 2. Mechanical properties of the EP487 alloy after different heat-treatment processes 
_ _ . 

Heat t r eamen t  Tein per - On* , uo.2. 

ature, "C kg/mm' kg /in in 0 ,% 
-

1100", 2 hr 30 min, air, + 850°, 20 120.0 82.7 18.1 
10hr ,  air . . . . . . . . . . . . .  800  88.7 73.1 23.9 

1130°, 2 hr 30 min, air, + 850°, 20 110.4 78.8 29 .O 29.4 5.0 
3hr,  air . . . . . . . . . . . . . .  . BOO 92.1 7 1.I 12.0 25.5 5.61 ___ - ~- _ _  . _ _  -. ~ 

CONCLUSIONS 

1. We developed a technique for the production of large forgings of the 
EP487 alloy prepared by open electric a r c  and induction melting. 

2 .  The EP487 alloy has a high resistance to deformation and a narrow 
temperature range over which hot forming i s  possible. 

3. The EP487 alloy is susceptible to  extraaxial liquation heterogeneity, 
which can be reduced by melting by the slag process in an electr ic  
furnace. 

4. If the alloy is heat t reated at 1130°C for 2.5 h r ,  a i r  cooled to  850"C, 
and held at  this temperature for 3 hours, it has good mechanical properties. 

L .  N. Zimim, G .  F .  Kosheleva, E .  A .  Kardonov, 
and V .K. Tsvetkova 

STRUCTURE AND PROPERTIES OF THE KhNGOMVTYu" 
(EP487) ALLOY 

The new wrought heat-resistant alloy KhN6OMVTYu (EP487)** can be 
used to  produce welded ar t ic les  for service at 750- 900°C. The alloy has 
the following chemical composition (in 70): 

Element . . . . . . . . . . . .  Ni Cr Mo w T i  A1 Fe C 
Content of element, 70 . . .  Basis 17-20 9-11 4-5 2.2-2.8 1.0-1.5 < 6 < 0.08 

Over the temperature range of 20-950°C the EP487 alloy has a higher 
strength than the weldable EP202 alloy used today /I/. The ultimate 

* [In last article, KhN60MVT10.1 
* *  The alloy was developed with the cooperation of TsNIIChM and other institutions. 
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strength and yield strength of the EP487 alloy are 10-15 kg/mm2 higher 
than those of the EP202 alloy. If EP487 alloy is used, the performance of 
manufacturing ar t ic les  can be  improved. 

The EP487 alloy is a precipitation-hardening material .  At elevated 
temperatures this alloy consists of a solid sorution of the alloying elements 
in nickel. Quenching in water f rom a temperature of above llOO°C produces 
a single-phase solid solution with a relatively low hardness ( HBof 207). Lf 
the alloy is air cooled, a s m a l l  amount of intermetallic compounds and 
carbides (total about 5.5 70)is precipitated, which leads to  an increase in 
the hardness ( H B  of 241). Slow cooling causes rapid decomposition of the 
solid solution with the formation of considerable amounts of precipitates 
(total 13.770), and an appreciable increase in hardness ( H g o f  302). The 
strengthening phase s t a r t s  to precipitate at about 930°C. 

Aging leads to  additional precipitation of intermetallic compounds and 
carbides f rom the solid solution and to  a further strengthening of the alloy. 
Aging at 700°C is slow, and the  maximum hardness is not reached even 
after 25 hr .  An alloy aged at 70OoC consists of a solid solution with carbide 
precipitates along the grain boundaries and within the grains (Figure 1,a). 

FIGURE 1. Microsmrcnue of me EP487 alloy aft= aging for l o b ,  x 600: 

2-2t 700°C:b-at 800°C: c-2t 850°C;d-2t 900°C. 
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The strengthening precipitates within the grains a r e  not visible undei. an 
optical microscope (X 600)  because of the considerable dispersion, although 
according toaphase  analysis the amount of this phase i s  up to 10% (Table 1). 

TABLE 1. Contenr and coniposition of interiiietallic conipoundz and of carbidc phascz in the EP'IE7 alloy' 

Content of phase, 70 Conipositimi of the r,-pliase, a t .  Q 
-

Hear treauiient Type of preci-
Me&,pitarion phase 
TIC, Ni3(Ti, AL) XL Fe Cr ' A I  Ti hlo 

hlc,W, 

llOOo, 2.5hr; air \le&, T i c  1.0 4.6 71.; 0.1 3.8 3.7 1 G . f  1.3 2.E 
Ui,(Ti, A U  

1100",2.5111; cooling \ I C & ,  TIC 1 .6 12.1 75.c 0.5 0.1 5.1 16.7 1.4 1.'I 
with the furnace V i 3  (Ti, AI) 

1100", 2.5 h r ,  air + 700°, \IC&, TIC 0.8 10.0 73.: 0.6 2.3 G .a 14.7 I .4 2.3 
1 0  hr, air T i g  (Ti, AL) 

1100",2.5 Iir, air +800°, \le&, TiC, 
1 0  hr ,  air \ i3(Ti,  Al) 2.0 11.0 74.6 0.1 0.2 5.7 16.7 1.4 1.I 

d e 7 W s  (rraces) 
1100", 2.5hr, air+850°, $lc,C, T i c  

10hr ,  air <i3(Ti,A U ,  3.0 11.E 14.1 0.5 - 4.3 18.9 0.8 1.2 
\Le7Ws 

1100", 2.5hr, air+ FiOO", ,IC&, T i c ,  
-1 0  hr, air <i3(Ti,AI) 4.6 9.8 14.5 0.2 5.9 L5.4 1.5 2.5 

I lC,\\i6 

The chciiiical analysis was carried outundcr the direction of E.P.Yakovleva, and the X-ray analysis by 
D. N .  Zharkova. 

Holding the alloy at 750°C leads to  a continuous increase in hardness for 
25 hours, but no considerable structural  changes take place. 

The maximum strengthening of the alloy occurs at  a temperature of 
800-850°C. The hardness increases most rapidly during the first  2-3 h r  
( R ,  is 30). This increase continues, although much more  slowly, up to 
25 h r ,  when the alloy has a hardness of R, is 34. After the alloy is heated 
for 10 hr at  800°C it consists of a solid solution with $-phase precipitates 
along the grain boundaries and fairly large carbide inclusions. No +phase 
precipitates were found within the grains,  but individual point s ize  particles 
of n.le7W6-type precipitates, clearly visible after 25 hr of aging, w e r e  found 
(Figure 1 , b ) .  The nature of this phase was determined by an X-ray 
structural  analysis. The amount and dimensions of the particles of tht 
Me,W,-type phase increase with increase in temperature and duration of 
aging. After 5 hr of aging at  850°C the R.le,W,-type phase i s  clearly visible 
under a microscope, and after 25 h r  of aging its amount increases rapidly, 
it coarsens,  and is in the form of small  lamellas (Figure 1, c). The 
content of the y'-phase after lOhr of aging at this temperature is 11.6%. 

Aging at  900°C leads to a certain softening of the material  due to  a 
coagulation process at  this temperature. Alloys aged at 900°C have y'-phase 
precipitates within the grains.  Aging a t  this temperature also leads to  
coagulation of the y'-phase along the grain boundaries, and to  a coarsening 
of the Me7W,-type particles (Figure 1, d) .  
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According t o  data obtained by X-ray s t ructural  analysis, the Me7W,-type 
phase has a hexagonal lattice with the following parameters :  az4.75~X and 
c ~ 2 5 . 7 ~ X  Chemical analysis of a deposit containing a Rle,W,-type phase. 
indicates that the formula can be written as (Iii, Cr),  (Mo, W),. This phase 
can exist over the range of 800--1050°C. 

Besides intermetallic compounds, the alloy contains carbides of the 
n/re,c and T i c  types. Rods, forgings, and billets made of large ingots 
(1-2.5 t )  show carbide liquation, which consists chiefly of the Me,C-type 
carbide. According to  the data of local X-ray spectral  analysis, the 
formula of the carbide can be written a s  (Xi, Cr),(R/Io, W),C / 2 / .  

Heating t o  1100--1200°C has little influence on the shape and distribution 
of the carbide phase. In the wrought metal  the carbide phase is globular 
o r  somewhat acicular,  and is strung out along the specimen. Heating t o  
above 1200°C leads t o  a gradual dissolution of carbides in the solid solution. 
Only nitrides and carbonitrides of titanium remain precipitated, a s  these 
dissolve at higher temperatures .  At 125OoC, a eutectic precipitates along 
the grain boundaries. At 1300°C this becomes coarser  and appears not 
only along the boundaries but a l so  in the interior of the grains.  

The heat treatment of the alloy was adjusted to  satisfy the requirements 
of welded ar t ic les  with a short  service life. To produce an EP487 s teel  
with good mechanical properties and a high heat resistance,  the s tee l  must 
be solution heat t reated and aged. However, even without aging the solution 
heat-treated alloy h a s  a good strength ( Ob = 100- 112 kg/mrn2), good ductility 
( 8  =50%) and high impact strength ( Ac = 14- 23 kgmjcm'). 

IIeating to  1100--1130°C produces a fine grain of s ize  5-8 and has a 
favorable influence on the mechanical properties of the alloy (Table 2 ) .  
Heating t o  higher temperatures  (1170'C) leads t o  a coarsening of the grain 
(size 3-44, and t o  a certain decrease in the ductility and strength.  If the 
heating at 1100°C is  prolonged f rom 2.5 to  6 h r ,  this has almost no influence 
on the mechanical properties of the alloy. 

T A B L E  2. Iiiflucnce of heat treatlilcnt on the mechanical properties of EP487 alloys a t  20°C 

Quenching A& 
~ 

reinper-
ature, OC 

tune, hr 

1100 3 112 65 52 52 
1150 3 - - 102 60 51 52 
1100 2.5 850 1 0  125 81 22 1 8  
1130 2.5 850 10 120 80 23 20 
1150 2.5 850 1 0  118 80 21 1 7  
1170 2.5 850 1 0  110 74 17 13 
1100 2.5 850 5 122 81 27 22 
1100 6 850 5 122  82 24 23 
1100 2.5 750 1 0  128 89 37 29 
1100 2.5 800 1 0  132 94 34 20 
1100 2.5 850 1 0  132 89 32 15 
1100 2.5 900 10  124 80 21 1 0  
1100 2.5 1050 2 108 66 42 32 
1100 2.5 850 3 120 78 35 32 
1100 2.5 850 5 120 78 29 26 
1100 2.5 850 1 0  120 2 4  20 
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W e  studied the influence of aging at 750--1050°C on the properties of 
alloys quenched from 1100°C. An increase in the temperature of aging to  
850°C improves the strength of the alloy, but decreases  the impact strength 
and ductility. A further increase in the temperature of aging t o  1050°C 
leads to  a gradual decrease in strength but t o  an increase in ductility, 
which is due t o  the processes  of coagulation taking place in the alloy. If 
the duration of heating at  800-850°C is increased from 3 t o  lOhr,  this has 
little influence on the strength, ductility and impact strength of the alloy. 

We found by experiment that art icles made of EP487 alloy destined for 
short  service lives should be air hardened from 1100-1130°C and aged a t  
850°C for 3 h r .  

The mechanical properties of the EP487 alloy at 20- 900°C after this 
heat treatment a r e  shown in Figure 2 .  

100 
BO 

"E 60
3 50 
h 

25 30 

v, 20 2 3 't 5 6 7 8 9  2 3 e 5 6 7 8 9  
io -1 I 

Testing temperature, OC Total  elongation after 1 5  min 

FIGURE 2 .  Mechanical properties of FIGURE 3. Creep strength of rhe EP487 alloy over a short time: 
the EP487 alloy. 1-750°C; 2-800"c; 3-850°C; 4-90OoC. 

The best mechanical properties can be obtained with rolled rods and 
sheet (Table 3). Mechanical properties of forgings a r e  l e s s  stable, since 
these have a greater  carbide heterogeneity. 

The creep strength of EP487 alloys over a short  t ime which produces 
a total elongation of 1 %  after 15 min of testing is 70 and 55 kg/mm2 at 750 
and 800"C, respectively (Figure 3).  

TABLE 3. Mechanical properties of wrought rods, forgings, and hot-rolled sheet of the EP487 alloy 

Semifinished product 
esting tem-

6, % rp, % kgm/cm2 

Rolled rod, 0 43" 20 115-124 75-85 25 -35 23-37 3.5-4.5 
750 101-114 67-76 23-32 23-36 

Forgings 20 103-128 73-88 10-25 10-25 2-3.5 
800 80-106 66-80 20-28 14-40 3- 5 

Sheet, b m m  thick 20 117-132 78-88 20-32 15-20 3.2-4.5 
750 95 74 31 27 5.3 
800 88 74 22 20 5.3 

a k ,  

I 
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TABLE 4. Physical properties of EP481 alloys 

i P  
5 sa -

N 

E ).* 
a . l o 6  

u i <  
to : a l / c n .  sec.g 

inm /mm. OC 
N Z  Y (from 2 0 0 ~ )  

20 22,350 0.030 
100 21,650 0.027 10.8 
200 21,250 0.031 11.3 
300 20,300 0.034 11.6 
400 19,IO0 0.036 12.1 
500 19,100 0.039 12.6 

N 

E a 106, 
u i <  

),. mm/mm ."C 
'a cal /cm*sec.  (from 20°C)1 

18,4OC 0.043 13.0 
11,60C 0.048 13.5 
16,90C 0.051 13.9 
15,65C 0.065 14.5 

-14.10C 15.3 


The physical properties of the alloy a r e  shown in Table 4.  
The EP487 alloy is now being produced on an industrial scale  and is 

available as  rods, forgings, and sheet. 

FIGURE 4. Mechanical properties of 
wrought EP487 alloys (and EP202) at  
900-1200~c: 


1-EP202 alloys; 2-EP487 alloys. 

When planning the processes  of hot working of this alloy we must 
remember  that the EP487 alloy contains 5 %  more of molybdenum than 
the EP202 alloy and s o  i ts  res is tance to  plastic deformation is grea te r  
and the temperature  limit of such a deformation is narrower (Figure 4). 
The elongation, reduction of a rea ,  and tors ion number of EP487 a r e  
20--25"/0 lower than those of the EP202 alloy, and the highest ductility is 
at  a temperature  25--30°C higher than that for the EP202 alloy. 

199 



CONC LUSIOIVS 

1. We developed a new wrought, weldable, heat-resistant nickel-
chromium alloy Khn'6OMVTYu (EP487) which has better mechanical 
propert ies  than the EF202 alloy which is widely used today. 

2 .  The maximum strengthening is achieved by aging at  800-850°C due 
to  precipitation of strengthening Ni,(Ti, A l )  and (Ni,  Cr)7(Mo, W), phases 
f rom the solid solution. The liquation heterogeneity found in this metal  
consists chiefly of the (Ki, Cr),(Mo, W),C carbide phase. 

3. The heat-treated EP487 alloy has good mechanical propert ies .  At 
800°C these properties a r e  a s  follows: crB = 80- 100 kg/mm2, u0.2 =65
80 kg/mm2, 6 = 15-3070, At, =3-5 kgm/cm2. The creep  strength over a 
short  t ime which produces a total elongation of 1 %  after 15 min of testing 
i s  52 kg/mm2. 

4 .  F r o m  our studies on the mechanical properties of the alloy over the 
range of temperatures  of hot working, we found that EP487 castings should 
be hot worked at  950--114O0C, while wrought alloys should be hot worked 
at  1000-1160O"C. 
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INFLUENCE OF COBALT ON THE PHASE COMPOSI
TION OF SOME HEAT-RESISTANT ALLOYS 

Cobalt has a great influence on many properties of s teels  and alloys. 
However, it is used much less  than it should be, chiefly because of its 

high pr ice  and scarci ty .  The influence of cobalt on the properties of s teels  
and alloys is very character is t ic  and very specific. In certain combinations 
with other alloying elements its influence can be detrimental, and cause 
softening or even embrittlement of the material. Too high a content of 
cobalt in cer ta in  heat-resistant alloys containing tungsten and molybdenum 
can lead to  the formation of a phase containing Co,W, along the grain 
boundaries during aging, and this makes the alloy brittle. 

Heat-resistant austenitic s teels  and nickel- chromium alloys alloyed 
with cobalt have a high ductility during short  t es t s  (certain alloys retain 
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a high ductility even af ter  prolonged heating) and during service,  which 
indicates inhibition of aging. These can be readily hot worked. Heat-
resistant stec-1s and nickel-base alloys may contain up t o  2 0 %  cobalt. 

Despite the fact that more and more cobalt i s  now added to various 
steels and alloys, the nature of i ts  influence on the properties of metals 
has not yet been sufficiently investigated. It is characterist ic of cobalt 
that it has a beneficial influence on the properties of steels and alloys when 
it enters iron- o r  nickel-base phases, or even if it does not precipitate 
ft,om the solid solution at  all,  and not when it forms a phase of its own. 
W e  can thus assume that cobalt increases the solubility of alloying elements 
in the precipitates 11, 2 1 ,  o r  increases the temperature at  which these 
precipitates dissolve 1 3 1 .  

5 IO , 
0


3 8  
.3 
f 
.d 

[6 

.3 

2 4  
E 
$ 2  

8 Duration of aging at  SOOT,  hr  

FIGURE 1. Dependence of the total content of alloying eleincnts (Cr + Fe+ 
+ Si * Co + W + hlo) in precipitates separated from austenitic steels by aging at  
8 O O O C  011 the content of cobalt: 

1 - O ~ J  GO; 2-57'0 CO;  3-20Va CO. 

We should differentiate between the influence of cobalt on heat-resistant 
austenitic steels strcngthened by carbide precipitates and i ts  influence on 
nickel-base heat- resistant alloys strengthened by intermetallic compounds 
on the basis of Ki,Al or Ni3(A1, Ti).  

The results of a study onthe phase composition of aged wrought s teels ,  parti
cularly of alloys aged at 800"C,  a r e  very characterist ic.  These s teels  contain 
anaverage of 0.20% carbon, 2 0 %  nickel, 1 YO tungsten, 2 %  molybdenum, with 
different contents of cobalt (0.5, 9.7, 19.1 YO). Steels containingno cobalt preci
pitate an Me,,C, carbide, an Fe2(Mo,W )  intermetallic compound, and a a-phase 
on aging. In s teels  containing 0.5 and 9.7 70Co the precipitation of intermetallic 
compounds is greatly inhibited, but insteels  containing 19.1 70 Co this precipita
t iondoes not take place at all. Therefore, alloys with 19.1 70of cobalt age very 
slowly, the alloy is stabilized, and i t s  high ductility and toughness are preserved 
even after prolonged heating. Figure 1shows the total  content of alloying ele
ments (Cr  + F e  +Ni +Co + W  +Mo)in precipitates (separated electrolytically) 
produced by aging at 800°C. 

Undoubtedly the increase in the stability of the solid solution of cobalt-
alloyed s teels  and the slowing down of its decomposition during aging are 
due mainly t o  an increase in the solubility of carbon and of alloying elements 
(Cr,W, Mo) which form carbide and intermetallic compound precipitates. 
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We studied the nickel-base cast  alloy which is hardened as a result  of 
the precipitation of intermetallic compound particles IVi3(Al, T i ) .  The 
composition of this alloy was as follows 80):C, 0.1; CI-, 13; Mo, 4.2; W, 
5; Al, 4.5; Ti, 2.9; and B, 0.02. The content of cobalt in the diffei.ent heats 
w a s  a s  follows: 0, 4.1, 7.1, 9.8, and 14.170 (the alloys were cast  into 
three-par t  molds).  

N s a 

5 

2 

1 1  I20 5-00 600 700 800 900 ma 
Content of cobalt, 70 Testing temperature, "C 

FIGURE 2. Influence of cobalt on the mechanical properties of nickel-base alloys (rhree-part specimens) 
(a), and influence of testing temperature on the iinpacr strength of nickel-base alloys with different contents 
of cobalt (b): 

1-0 .0~oCo;  2-4.17oC0; 3-7.170 CO; 4-9.870 CO; 5-1470 CO. 

The alloys were hot treated by a homogenizing anneal at 1200- 1220°C 
for 4 h r  followed by cooling in the a i r ,  which led to  rapid decomposition of 

the solid solution and precipitation of 
considerable amounts (44- 47 70)of the

600 c strengthening a'-phase on the basis  of 
uL.,-f :hqNi,(Al, Ti) .  Additional aging does not 

appreciably increase the content of the 
.-2 N 50 a'-phase but leads to a change in the 
2 40 shape of the particles and a partial

.E 3 30 change in their chemical composition. 
The addition of cobalt to the alloy

$ :zoo 5 IO 15 20 (Co 3 1070)increases the yield strengthS o  
Content of Co, 70 ( 00.2 ) and the ultimate strength by 

10kg/mm2. The elongation, reduction 
FIGURE 3.  Influence of cobalt on the long- of area,  and impact strength increase 
t ime strength of nickel alloys (a,,J a t  600- proportionally to  the increase in the 
85OOC. cobalt content (Figure 2,a). The impact 

strength of nickel-base cast  alloys 
decreases  if the temperature is raised above - 600°C. Up to  1000°C cobalt-
containing alloys have a higher impact strength than those without cobalt 
(Figure 2, b). 

At 600-850°C the addition of 4-2070 of cobalt t o  such alloys has almost 
no influence on their long-time ultimate strength (Figure 3 ) .  

The change in the mechanical properties of alloys produced by an 
increase in the cobalt content is due to  a change in the phase composition. 
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phases (specific 

This has been determined by electrochemical, X-ray structural ,  and 
chemical analyses of primary and secondary precipitates. 

The a'-phase particles, like those of carbides and borides, w e r e  
separated in electrolyte 1 of the following composition: c i t r ic  acid, 3Og; 

ammonium sulfate, l o g ;  water,  1 l i t e r .  
W e  separated the carbide and boride 

in a50 ml HC1 gravity:mcontaining nonaqueous electrolyte 2. 
P 
-z 1.19) ,  and 1050ml of methyl alcohol. 
c Electrolyte 1 dissolves the solid 
Y5 asa Me392 l a solution, and electrolyte 2 dissolves 
8 040 the solid solution and alsothe a'-phase. 
V 030 By comparing the results of the 

aza " Tic  chemical analyses of the anodic 
78 deposits precipitated in these two 
76 electrolytes, the content of the a'-phase 
74 can be found. 
72 According to  data of X-ray s t ruc
70 tural  analysis, the anodic deposits 
68 precipitated in electrolyte 2 consisted 
6 6 b  of T i c  and Me,B,. The content of T i c  
12 and Me,B, in the alloy was about 0.65%, 

irrespective of the content of cobalt. 
8 KO cobalt w a s  found in the carbides 
6 or borides.  The results of chemical 
4 analysis of the carbide and boride 
2 phases a r e  shown in Figure 4 , a .  

5 io 15 20 An increase in the cobalt content 
Content of Co in alloy, q o  of the alloy to  2070 has little influence 

on the content of the a'-phase and its 
FIGURE 4. Content o fd -phase ,  T i c  and Xle,B, chemical composition. If the content 
i n  nickel alloys as a fiinction of the cobalt con- of cobalt in the alloyis increased f r o m  
tent (a), and the dependence of the chemical 4 t o  19'70,its content in the a'-phase
coinposition of the a'-phase of nickel alloys on changes from -1 t o  570, which i s
the contcnt of cobalt (b). 

about 25 70of the average concentration 
of cobalt in the alloy, and the other 

7570 of cobalt remain in the solid solution. The content of cobalt in the 
alloy has almost no influence on the content of tungsten, molybdenum, 
titanium, and chromium in the a'-phase (Figure 4, b ) .  

Cobalt influences the phase composition of alloys of this type by changing 
the chemical composition of the solid solution and of the intermetallic 
compound (Ni, Co)3(Al,T i )  in which cobalt substitutes part  of the nickel. 
Consequently, cobalt a s  an alloying element influences heat- resistant 
austenitic alloys favorably by increasing the solubility of carbon and of 
certain carbide-forming elements, by stabilizing the solid solution, and 
by inhibiting i ts  decomposition. In nickel-base alloys cobalt enhances the 
properties of the solid solution and increases i ts  stability, ductility, and 
toughness. The stability of the solid solution depends not only on its 
chemical composition but a lso on i ts  microstructure,  and particularly on 
the energy of formation of imperfections in the crystal  lattice. It is 
possible that cobalt decreases  the energy of formation of imperfections. 
However, additional investigations a r e  necessary t o  prove this. 
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CHANGES IN THE PROPERTIES AND STRUCTURE 
OF VANES OF GAS TURBINES MADE OF NICKEL-
BASE INDUSTRIAL ALLOYS DURING SERVICE IN 
AN EXPERIMENTAL INSTALLATION* 

One of the main problems in the construction of gas turbines is to 
increase their  service reliability. Therefore, experimental data on the 
mater ia l  of the vanes (the most s t r e s sed  par ts  of the turbine) a r e  of the 
greatest  importance. 

The purpose of this work was t o  investigate the strength and service
ableness of industrial heat-resistant alloys EI765, EI893, EI827, and of 
the s t ee l  EI787. 

The vanes were tested in an experimental gas turbine designed by 
TsNIITMASh (EGTU-1000) at  750 and 800°C for about 3000hr. 

The static s t r e s s e s  in the vanes w e r e  induced, taking into account the 
long-time strength of each alloy. The vanes w e r e  tested in the combustion 
products of diesel  fuel which contained 0.3-0.670 of sulfur. The excess 
air conformed to  the norms accepted for combustion chambers of gas 
turbines using liquid fuel. The content of ash w a s  0.0016%. The turbine 
was stopped 60 t imes during the experiment. The working conditions w e r e  
reached 40-60min after the turbine was started.  

A study of the constructional strength of the edges of the vanes at  the 
f i r s t  stages of GTU":? in a region removed from resonance showed that 
the nickel-base EI765, E1893 and E1827 alloys have a high static strength 
characterized by a coefficient 

vane 

K = 
afailure 0.85 -0.9. 

failure 

The constructional strength of vanes made of E1787 steel is somewhat 
inferior, and has a coefficient of 0.6-0.8. 

Cyclic vibration Stresses of 1-2kg/mm2 induced in EGTUt have no 
influence on the constructional strength of the materials studied. 

* 	 The investigation was carried out with the participation of chief technician V.I. Dorofeeva and engineer 
V.F.Ivanova. 
[Gas turbine. 1 

t [Gas turbines driving an electric generator.] 
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The service reliability of vanes of gas turbines depends also on the 
variation in the properties of the mater ia l  during service.  This is  
especially t rue  of the surface layers  of the vane edges. The shaping of 
vanes made of heat-resistant alloys induces work hardening and residual 
s t r e s s e s .  Due to this s ta te  of the surface layer of the vane before service,  
and the fact that these layers a r e  acted on by s t r e s s e s  and the flow of gases  
more  than the core of the vanes, the s t ructural  changes in the surface 
layers  of the metal a r e  greater  than at i ts  core  11, 2 1 .  

A study of the damage in the surface layers  of vanes of stationary gas 
turbines i s  very important when evaluating their  serviceableness.  

Existing data on this problem a r e  mainly on mater ia ls  used for the 
production of a i rcraf t  engines /3/, The service conditions such a s  temper
ature ,  service life and medium (gas) of metals in a i rcraf t  engines differ 
greatly f rom those of metals in stationary gas turbines. 

A s  already mentioned, we tested vane edges under. conditions close to 
those of actual service.  The experiments were stopped short  of failure, 
and the vanes were removed from the disk after different t imes of testing. 

We found that under the influence of gases  the vanes became covered by 
dark oxide films consisting of spinel NiO. Cr203and chromium oxide C r 2 0 3 .  
The duration of the test  (up to 3000 h r )  had no influence on the composition 
of these oxide films. 

FIGURE 1. Vanes after testing in an EGTU a t  75OOC: 

a-E1893 alloy, u = 22kg/mm2; e=500hr ;  b-E1765 alloy, u =20-13kg/mm2;e 
= 1834-1366h~  c-E1827 alloy, u = 21 kg/mm2, e = 1220 hr; d-cross sectional 
surface area of the edge of the vanes made of E1827 alloy on the inlet edge. 

The distribution of oxides on the surface of vanes a s  a function of the 
service t ime is different for vanes of different materials.  

On vanes of E1765 and E1893 alloys the oxide film forms a thin but dense 
and uniform layer,  irrespective of the service t ime. 
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On vanes of the E1827 alloy, however, the distribution of the oxide 
changes with t ime,  and i ts  amount is larger  at the inlet and in the region 
of the highest temperature (Figure 1). 

A cross  section of this part of the vane shown in the figure was cut out 
f rom the middle region. We can see  a fairly thick oxide layer around the 
vane at the side of the inlet edge. The penetration of the oxide into the 
vane varies too. The maximum depth of penetration is about l m m .  

No damage or spalling of the oxides was noticed on the vanes investigated. 
An exception was one vane made of the E1827 alloy which was worked 

for 1 2 2 0  hr  at 750°C under a s t r e s s  of 21 kg/mm2. On this specimen a 
crack was found in the oxide layer at the edge of the vane (see Figure 2 ) .  

FIGURE 2. Surface layer of vane (from the side of the "back") of E1827 alloy after it has 
been worked in an EGTU a t  750°C, X 100: 

a = 21 kg/mmz; e = 1220 hr. 

The formation of oxides involves diffusion of alloying elements into the 
surface layer. As  a result the layer of solid solution beneath the oxide 
film becomes depleted of alloying elements and this greatly influences the 
properties of the alloys. Thus, for example, the hardness of the oxide 
layer of vanes of the E1827 alloy is 420 kg/mm2, but the hardness of the 
layer beneath the oxide film is only 300 kg/mm2. 

The process of oxidation is not the same in all the alloys we studied. 
In the E1893 and E1827 alloys the oxidation is frontal and leads t o  a change 
in the chemical composition of the metal beneath the oxide film along the 
grain boundaries and within the grains. The E1765 alloy is oxidized mainly 
along the grain boundaries (Figure 3). 

The depth of the layer depleted of alloying elements in alloys is as  
follows : 

In E1765 a t  800°C the depth is 80-120p after 956 hr 
In E1893 at  " " " " 60-110p after 1036h1 
In E1827 at  " " " " 500p after 696hr 
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FIGURE 3. Microsmcture of the sirface layers of vanes (fromthe side of the "back9 after service in an EGTKJ: 

a-alloy EI765, r=80OoC, (r= 13 kg/mmz, e '956hr, X 100; b-alloy EI893, T=800eC, o =17kg/mmz, 
e = 1036hr, x 100: c-alloy EI827, r = 750aC, u= 25kg/mmz, e =1840hr, x200. 

By chemical, spectral, and microspectral analysis of the metal of vanes, 
tested in EGTU, it was found that the basic changes in the chemical compo
sition of the surface layer are caused by chromium, aluminum, and 
titanium. The content of these metals is lower in the surface layers than 
in the metal beneath them (Table 1). 

The depletion took place mainly when working started. When the vanes 
worked at 750°C o r  800°C this had almost no influence on  the chemical 
composition of the surface Layer under the conditions of the investigation. 
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The depth of the depleted layer increases with increase in the duration 
of service.  But even these changes a r e  greater  at the initial stage.  

An increase in the static s t r e s s e s  at  the edges of the vanes makes the 
reaction between the medium and the metal of the blades more intense. 

TABLE 1. Changes in the chemical composition of surface layers of vanes worked in EGTU 

Service 
Chemical composition of surface layers 

Alloy 
of vanes, q o  

A I  T i  

E1765 2.07'. 1.18' 
1.80 1.03 

750 1660 1.3 0.75 
750 3200 0.6 0.7 
800 530 1.2 0.63 
800 746 1.15 0.67 
800 1484 1.26 0.17 

E1893 1.34" * 1.35" 
0.58 0.92 

-E1827 4.3'' 
-1.32 
-1.11 

14.4** 
13.9 

9.13 
9.8 

Not determined 
The  same 

7.59 
15.9" 
10.5 
10.0'. 

4.9 
5.4 

The analysis was carried out by the spectral method. The depth of penetration of the spark, 0.01 mm.  
* *  Certified data on the chemical composition of the alloys being investigated. 

To find the strength of the surface layers and of the cores  of vanes we 
measured the microhardness of the metal  of the vanes at different c ross  
sections.  

These measurements showed that the core of the blades remains stronger 
during service than the surface layers .  

A study of the mechanical properties of the metal of the vane edges 
working in a turbine showed that the medium of the GTU has an appreciable 
influence on the strength of materials working at 750-800°C. 

F o r  the mechanical tes t s  we used flat microspecimens 5 mm long and 
with a 1.5X 0.5" surface a rea .  These were cut from the surface layers  
of the vane edges. On one side of the specimens we left the layer of worked 
metal. 

It was found that after 2000 h r  of service at 750°C the short-t ime strength 
of E1765 and E1827 alloys remained relatively high, but the elongation 
decreased by about 3070. 

After working in EGTU at 800°C the short-t ime mechanical properties 
of the same metal  of the surface layers  decreased by about 6070 (Figure 4).  

A comparison of the experimental results obtained with microspecimens 
and with standard specimens (diameter 6 mm)  shows the influence of the 
dimensional factor on the short-t ime ductility. The ductility of micro

1 1
specimens is only 3 2 of that of standard specimens. Nevertheless, the 

absolute short- t ime ductility is high. 
A study of the short-t ime mechanical properties of vanes agedfor 5000 h r  

in the a i r  without a load showed that there  is no difference in the short-t ime 
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strength ( a B )and in ductility ( 6 )of microspecimens of different surfaces  
(Table 2 ) .  

Al l  alloys have a high ultimate strength of more  than lOOkg/mm'. The 
elongation is not less  than 670. 

When the same alloys a r e  tested in an  atmosphere containing the products 
of combustion of diesel fuel (0.3-0.670 of sulfur),  it is found that the 
strength and the ductility decrease after a shorter  t ime than that given 
above, particularly at a temperature of 800°C. 

C 

d 

FIGURE 4. Variation in the short-time mechanical properties o f  the 
meta l  of the surface layers of vanes working in  a n  EGTU: 

a-E1765 alloy; Twork= 75OoC: b-the same, rwork=8000C; C - E1827 
alloy, rworlc=l5O0C: d-El893 alloy, T~~~~~ 80OOC. 

TABLE 2. Short-time iiiechanical properties of heat-resistant alloys after prolonged aging i n  the air 
at  elevated reiiiperatures 

Alloy 
Process of aging 

State of the surface of 
hlechanical characteristic: 

r , x  duration, hr the specimens ug, kg/mmz 

E1765 750 5000 Covered by oxide film 117.8 7.8 
750 5000 The same 110.9 6.3 
750 5000 With no film 116.4 8.3 
750 5000 The  same 115.5 9.1 

E1893 750 5000 Covered by oxide film 107.4 9.1 
1 5 0  5000 The  same 106.9 7.4 
750 5000 With no film 101.6 5.4 
750 5000 The  same 92.2 6.3 

E1821 800 5000 Covered by oxide film 104.1 6.2 
800 5000 T h e  same 106.2 6.6 
800 5000 With no film 106.3 6 .I 
800 5000 The  same 113.9 8.5 
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TABLE 3. Comparative data on the serviceableness of blades under conditions of EGTU TsNIITMASh 

Service conditions of vanes 
Depth of the layer 

Microhardness, kg/mm2 
Mechanical properties Variation in chemical composition 

in whichchanges of surface layer of surface layer, To 

Alloy 	 have taken place, 
surface core ' initial after servicemeasured by the 

metallographic 
initial 

after 
initial 

after 
method, p service service 

~<g/min 6 , % 
A1 Ti I C' 

t! 1484 GO-110 500 350 500 400 49.3 3.1 1.80/1.26 1.03/0.77 13.9/7.G 
- I -

E1893 800 1036 30-110 425 300 425 350 58.1 9.1 1.34/0.52 1.35/0.92 115.9/10.5 
11.5 9.1 

800 19 1211 40-GO 425 310 425 425 65.7 3.4 
53.4 2.2 -

- l -

956 GO-120 500 ~ 350 500 425 61.0 2.0 

- - -E1827 800 23 696 500 480 350 480 500 
150 23 1840 not determined 	 17.8 2.1 4.3/1.11 

83.9 6.4 
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Comparative data on the properties which characterize the service
ableness of the th ree  materials studied under conditions of service in an 
EGTU are given in Table 3. 

These data show that the strength of the metal can be appreciably 
reduced mainly due to oxidation of the surface layers  of the vanes, but also 
because the alloy becomes depleted of aluminum and titanium, the chief 
components of the y'-phase that strengthen alloys of this type. 

The E1827 is the most heat resistant of the three alloys w e  studied, but 
is the least resistant under conditions of service in EGTU in the combustion 
products of diesel  fuel. 

Service in this medium leads to  a considerable change in the chemical 
composition of the metal (depletion of aluminum). The depth to which these 
changes reach can vary appreciably (by a factor of approximately 4-5). 

An oxide layer which penetrates deep into the metal of the vane (up to 
1m m  at a maximum thickness of the vane of 6 m m )  indicates that the metal 
can fail prematurely, particularly if the generator is stopped often a s  in 
transport  turbines and at the peaks of GTU. 

The data w e  give show that the problem of heat resistance of turbine 
vanes and of the long-time strength of alloys for prolonged stationary 
service in GTU is of great significance and very important for increasing 
the reliability of vanes. 
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SOME PROBLEMS OF ALLOYING NICKEL-BASE 
ALLOYS 

At service temperatures above 750°C the diffusion processes within the 
solid solutions, between the precipitates, and also on the s u r f a c e  of the 
art icle at the metal-gas interface a r e  so  great that it becomes exceedingly 
difficult to maintain the proper strength, ductility, and toughness of the 
alloys. The problem of choosing the proper heat-resistant alloy is thus 
rather  difficult. 

For our investigations, w e  chose three alloys: the EI617, EI826, and 
E1827 alloys. 

F r o m  a comparative study of these three alloys, w e  chose a stepwise 
heat-treatment process.  The metal is heated a t  1180°C for 6 h r ,  cooled in 
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the a i r  t o  l O O O " C ,  held at  this temperature for 4h r ,  further cooled together 
with the furnace to  9OO"C, held at this temperature for 8 hr ,  cooled together 
with the furnace to  85OoC, held at this temperature for 15hr ,  and then 
finally cooled in the air. This heat treatment increases the deformability 
of the alloys during long-time strength tes ts  1 2 1 .  

The chief strengthening phase in the three alloys is the y'-phase. The 
composition of the y'-phase is determined by the content of aluminum and 
titanium in the alloy, and therefore the )>'-phase in the E1827 alloy consists 
of Ni,A1, and in the E1826 and E1617 alloys it is Ei3(Ti, Al). Aluminum 
influences the content of the $-phase more than titanium (Table 1). 

TAIILE 1. Content of they'-phase i n  EI617, E1826, and E1827 alloys (1180°C, 6hr;  
+lOOo°C, 4111; +I)Oo°C, 8111; +850°C. 15hd 

Alloy E1617 Alloy E1826 Alloy E1827 
~ 

"C rime, hr-
- - 16.3 24.2 29.8 

75 0 1000 23.0 27.0 42.0 
800 1000  22.3 25.0 41.2 
850 1000  18.4 27.0 -

~ 

A comparison of the E1826 and E1827 alloys shows that if par t  of the 
aluminum is  substituted by titanium, the content of $-phase in the E1826 
alloy decreases .  The EI827, EI826, and E1617 alloys contain seve ra l  
elements, and therefore heat treatment and aging produces various carbides 
in them besides the $-phase, the chief one being the chromium-base 
Me,,C, carbide. Alloying with molybdenum and tungsten leads t o  the 
formation of other binary carbides RIIeAnIIe&C, where Me: is Ni o r  Cr ,  and 
Me& is  Mo or W. The chromium base MeZ3C, carbide and the binary 
carbide a r e  of the s a m e  type, and have a cubic lattice with similar 
parameters .  

The field of the Me,,C, carbide is very much influenced by the content of 
chromium in the alloy. In the E1827 alloy the nIIe,,C, carbide exists during 
the ear ly  stage of aging at 800°C only (up t o  500hr),  and then it is completely 
transformed into a binary carbide. An increase in the content of chromium 
in the E1826 alloy to  14- 15% and the presence of titanium widen the field 
in which NIe2,C, exists.  This carbide is stable even at a temperature  of 
aging of 850-900°C for more  than 5000 h r  (Figure 1). 

At a l l  aging temperatures w e  found that the E1827 and E1826 alloys 
contain a boride phase 7 ;  in the l i terature the formula is given as Me,B, 
131. This phase is produced during quenching and remains unchanged 
during the process  of aging at 600-900°C. 

Directly after heat treatment the average s ize  of the y'-particles is 
about 0.20- 0.25 p, but after 5000 h r  of aging at 800°C these particles grow 
t o  0 . 3 4 ~in E1826 alloys and to  0 . 5 7 ~in E1827 alloys. 

Aging at 600- 650°C leads to coagulation of the precipitate particles,  
chiefly along the grain boundaries. Etching showed that these particles 
are carbide and are acicular in shape. This is particularly t rue  of the 
E1617 alloy. The unfavorable shape of these carbides decreases  the impact 
strength and the ductility of the metal  during long-time strength tests. 
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If the temperature of aging is increased from 700 to  850°C the $-phase 
particles become coagulated. 

It is very important to note that at  these temperatures of aging the 
individual large carbide particles along the grain boundaries of E1826 and 
E1827 alloys a r e  separated by coagulated particles of the y'-phase. 

-1 I 6 1  

1. 
i
t I :Ir1I 

C 

3 l0.fO3 hr 1 
I 3 

FIGURE 1. Fie ld  of e x i s i e n c e  of coinplex c a r b i d e s  hlc2,C6 a n d  M e h M e & C  in E I 6 1 7 ( a ) ,  E1826 (b), a n d  
E1827 (c) a l l o y s .  

It has been experimentally found that the strength of all three alloys at 
room and elevated temperatures is almost identical. The E1826 alloy has 
a higher ductility at 650-850°C. 

The ductility of alloys decreases at  room temperature a s  a result of 
aging. The E1617 alloy has its lowest ductility at  650- 700°C. The ductility 
of E1826 and E1327 alloys is greatly decreased by aging at 700-750°C and 
the elongation and reduction of a r e a  a r e  decreased to  6-870. 

Thus, the coagulation of the y'-phase at these temperatures and the 
accompanying softening of the solid solution leads to  an increase in the 
ductility at  room temperature only. At elevated temperatures at  which the 
importance of the solid solution in the vicinity of the grain boundaries and 
of the grain boundaries themselves increases,  the ductility of the alloys 
i s  low. 

The impact strength of all three alloys is decreased to 1- 1.5 kgm/cm2 
by aging at  600-650°C. The impact strength at  elevated temperatures is 
about twice that at  room temperature.  

We evaluated the deformability and the manner of failure of the alloys 
by determining their  ductility by means of tensile tes ts  at  a constant r a t e  
of deformation of 0.8%b/hr. 

To determine the influence of aging on the nucleation and development of 
cracks,  w e  investigated the process of failure of specimens that had been 
aged at 850°C for 1000 hr in order  t o  coarsen the particles of the carbide 
and intermetallic phases, particularly along the grain boundaries. When 
the E1617 alloy w a s  aged at  850°C for 1000 h r ,  its ductility was reduced to 
370at a testing temperature of 750-800°C. Figure 2 ,  a shows a photo
micrograph of a specimen of this alloy produced by the method of color 
transformation 141. The intergranular crack passes  along the boundary 
between the carbide, y'- and y-phases, and also between the fractions of 
carbide particles broken during deformation of the specimen. The crack 
is continuous without branches leading into the interior of the grain, and 
no visible t r aces  of deformation or  of any upsetting of continuity could be 
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FIGURE 2. Smctu re  of alloys after failure during 
testing, x 2000: 

a-specimen of E1617 alloy after heat treatment and 
aging a t  850°C for 1000hr, testing conditions: 700"C, 
O.8'J/0/hr, d =4.15%0; b-the same for the E1826 alloy, 
testing conditions 8OO0C, 3.6%'o/hr, b =3.4%; c-long
t ime strength tests on the EI617 alloy at 8OO0C, ug' 
= 16 kg/mm2, t ime to failure 1770 hr, b = 3.0%: 
d-long-time strength tests on the E1826 alloy at 
850"C, uB= 11kg/mm2, t ime to failure 5000hr, b = 
= 2.5%; e-long t ime strength tests on the E1617 alloy 
a t  800"C, F,, = 18kg/mmz, t ime to failure 5200hr, 
b = 2.0qo. 
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found within the grains .  Such cracks lead to  failure at a relatively low 
level of accumulated deformations. 

Under s imi la r  conditions, the ductility of the E1826 alloy is considerably 
higher, 6 = 770. 

The crack nucleating in the zone of carbide particles i s  stopped by 
ba r r i e r s  consisting of grain boundaries, mainly of the +phase,  which has 
a c rys ta l  lattice and parameters  s imi la r  t o  those of the solid solution 
(Figure 2,  b).  A s  a result, a considerably high deformation is accumulated 
before failure takes place. 

The long-time strength of these alloys was studied at  650"C, 700°C,  
800°C,  and 850°C and some tes t s  lasted up to  1 0 , 0 0 0  h r  (Table 2 ) .  

TABLE 2. Ultimate long-time strength of alloys studied 

Ultimate long-time strength, kg/mm2 
Alloy I I I 

5000 hr 
~ 

E1611 24 
E1826 39 
E1821 40 

The resul ts  showed that the E1826 alloy has certain advantages over the 
E1617 and E1827 alloys at testing temperatures  of 8 0 0 - 8 5 0 ° C .  

The elongation, determined by long-time strength t e s t s ,  which i s  
directly connected with the reliability of the mater ia l ,  indicates that the 
E1826 alloy is much superior  t o  the other two at both 8 0 0  and 850°C 
(Figure 3 ) .  A microscopic study of the specimens,  tested for long-time 
strength, c lear ly  i l lustrates  this. Figure 2,  c shows the s t ruc ture  of the 
E1617 alloy close to  the spot where the specimen failed at 800°C ( C Y  = 
= 1 6  kg/mm2 af ter  1 7 7 7  h r  of testing). The cracks which nucleated at the 
grain boundaries where carbides accumulate develop chiefly within the 
grains  of the solid solution close to  the grain boundaries. In the s a m e  way 
a s  metal  aged at 800°C for about 2 0 0 0 h r ,  these specimens a r e  somewhat 
softened and quite ductile, and the cracks develop at a r a t e  which ensures  
an accumulation of deformation of 6 = 3 70. 

d;" I7
I


* I  

7I 

a -i 

2000 woo hr 
a b C 

FIGURE 3. Elongation caused by failure of alloys during long-time strength tesu: 

a -a t  750°C; b-800°C; c-85OoC; 1-EI611; 2-EI826; 3-EI827. 
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Figure 2,d is interesting, a s  it shows the s t ruc ture  of an  E1826 specimen 
tes ted at  850°C for more  than 5000hr a t  IJ = 11kg/mm2. The advanced aging 
under these conditions produced a relatively favorable combination of the 
strength of the basis  solid solution and of the intergranular layers .  The 
latter consist of thin chains of carbides separated by large regions of the 
dispersed ?'-phase with particles of s imi la r  shape and commensurable with 
the intragranular precipitates of the $-phase, o r  with the i r regular  large 
par t ic les  of this phase. Under these conditions the beginning of failure 
leads t o  the formation of separate pores near  the coarse  par t ic les  of the 
carbides or y'-phase. The development of these pores and their  combination 
into cracks i s  sufficiently slow to accumulate a deformation of 2- 3 '7''. 

The failure of E1827 alloys is somewhat different (Figure 2, e). The 
cracks a r e  straight and pass exactly along the intergranular layers  consist
ing of the binary carbide Me,C and the boride phase. 

A decrease in the content of chromium in this alloy leads to  the formation 
of chains of binary carbide particles along the grain boundaries, and since 
there  a r e  no coarse particles of a $-phase the conditions a r e  favorable for 
an accelerated development of nucleated cracks.  Therefore,  the specimen 
fails in a brittle manner.  At 850°C, IJ = 1 0  kg/mm2, but this value can 
decrease by 0.56%. At this stage of investigations, a microscope study of 
failed specimens confirms our theory on the influence of the phase composi
tion and s t ruc ture  on the ductility of alloys during long-time tensile tes t s .  

CONCLUSIONS 

Nickel-chromium base alloys which af ter  heat t reatment  contain 
25-3070 of the chief strengthening y'-phase can be used for  se rv ice  at 
about 8 O O O C .  

An important condition for the proper combination of heat res i s tance  
and ductility is uniform distribution of the strengthening y -phase in the 
bulk of the grains  of the solid solution, and s imilar i ty  in the s ize  of particles 
of the y'-phase and carbides which form intergranular layers .  The carbide 
par t ic les  should be separated by par t ic les  of the y'-phase. These conditions 
a r e  largely satisfied in alloys containing both aluminum and titanium. 

For serv ice  at 850- 900°C, heat-resistant alloys containing cobalt a r e  
used today. In these alloys the high heat res is tance is ensured by the 
formation of about 40% of the y'-phase, preferably of the Ni,(Ti, A l )  type. 
The content of alloying elements should prevent or inhibit the formation 
of the (Ni, Co),(W, Mo), phase, which decreases  the ductility and long-time 
strength under conditions of service.  
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STUDY OF THE STRUCTURE AND PROPERTIES 
OF EP357 STEEL 

The 45KhlOG14Yu2 (EP357)steel  is an austenitic material  containing 
no nickel, and i ts  heat resistance is not inferior t o  that of a number of 
chromium-nickel austenitic steels.  

EP357 steel  has been suggested for constructing s team superheaters 
for service at  610- 630°C. instead of the nickel-alloyed 1Khl8IL'lOT and 
lKh18N12T steels .  

This work brings some results of a study on 45KhlOG14Yu2 tubes 
(32X 6m m )  produced by the Southern Pipe Plant (Nikopol'). 

The EP357 tubes we investigated w e r e  quenched in water f rom 1070OC. 
The microstructure studied on two tubes consisted of austenite (grain 

s ize  6-7 on the standard scale)  with a certain amount of carbides.  
Apparently, heating the tubes for austenitizing was insufficient to dissolve 
the cdrbides completely. 

W e  carr ied out numerous mechanical tests and technological studies 
to  find whether these tubes can be used for the production of s team 
superheaters.  

The tubes w e r e  bent t o  an angle of 180" at a radius of 75 mm on a bending 
machine. No defects were found on the external o r  internal surfaces of the 
bends. The bending increased the hardness of the stock by 8 0 - 9 0  Brinell 
units to 255-259 kg/mm2. 

To determine the influence of cold working on the mechanical properties 
of the tubes, straight tubular specimens were drawn to  a 20% elongation. 
This is equal to the maximum deformation of the extended sections of the 
bends. 

A number of cold-worked specimens w e r e  given to  the following heat-
treatment processes:  

a )  austenitizing at 1050°C for 30min, and quenching in water; 
b )  heating to  950"C, holding for 1 hr ,  and cooling in the a i r .  
Table 1 shows the results of tensile t e s t s  on cold-worked and heat-

treated specimens. 
Cold working considerably increases the ultimate strength and particular 

ly the yield strength of the steel ,  but the ductility and the toughness remain 
quite high. 

Heating to 1050°C leads to a partial  dissolution of carbides and recrystal
lization of the austenitic matrix. In this case,  the carbides form individual 
coarse  particles or groups of particles, which a r e  not associated with the 
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boundaries of the austenitic grains .  After the s teel  is heated to 950°C, 
most of the carbon i s  bound into carbides which a r e  usually strung out along 
the grain boundaries and the s l ip  bands of the austenite. 

The presence of carbides in the heat-treated s tee l  caused the impact 
strength to  be ra ther  lower than that of the delivered or of the cold-worked 
s teel .  The decrease in impact strength was greatest  on heating to  950°C. 

EP357 s tee l  was resis tance welded by processes  accepted for austenitic 
s teels ,  and deburred with a mandrel. No welding defects were found in the 
cross-sectional specimens of the welded ar t ic les .  

TABLE 1. Results of tensile tests on cold-worked and heat-treated specimens 

State of material  kg/mm2 kg/mmz 6 ,  % kgm/cm2 <g/mm2 

As delivered . . . . . . . . . . . . . . . . .  80.0 43.5 58.0 23.0 180 
Drawn to a 2070 elongation ........ 100.5 80.5 31.O 17.0 229 
Drawn to a 2070 elongation + austeni-

=E. u0.2, ah. H8 * 

tized at 10500C . ............. 12.0 35.0 54.5 14.1 156 
Drawn to a 2070 elongation +hea ted  

to 9 5 P C .  . . . . . . . . . . . . . . . . . .  72.5 44.5 52.0 10.0 170 
.~ 

Of four welded tensile specimens three  failed along the zone of melting, 
and their  strength was 66.5- 68.0 kg/mm2 and the fourth specimen failed 
along the basis  metal  ( u. = 71.O kg/mm2). 

When rings 25 mm high, cut out of the welded tubes, were upset until the 
internal diameter was half the external diameter,  no cracks o r  other 
external defects were formed. 

The microstructure  of a welded joint is shown in Figure 1. The zone 
of melting (Figure 1,a )  consists of smal l  grains  of austenite separated by 
a thick discontinuous network. This network also contains austenite, but 
this was formed during cooling after welding a s  a resul t  of the decomposition 
of the u - ferr i te  in s tee l  above 1350'C. 

Austenite grains with wavy boundaries (Figure 1,b )  can be seen on 
sections of the tubes which had been plastically deformed during contact 
welding. Some austenite grains consist of fragments,  surrounded by smal l  
carbide particles. 

The metal  in the zone of thermal  influence consists of austenite grains 
with carbide particles at its boundaries (Figure 1 ,  c ) .  The metal  of this 
zone was heated to  a temperature sufficiently high for  precipitation of 
carbide particles. 

An X-ray analysis of the zone of melting and of the adjacent regions 
revealed the presence of s t r e s ses  of the second type equal to 10- f2.5 kg/mm2. 

Thus, it has been found that tubes of EP357 (45KhlOG14Yu2) s tee l  can 
Le used to  produce s team superheaters .  

Since EP357 s tee l  has a higher carbon content than ordinary boiler steel, 
it can be expected that it will a l so  have rather  different mechanical 
properties after prolonged heating at elevated temperatures  (550- 700°C). 
Therefore ,  when determining the usefulness of EP357 s teel ,  it i s  most 
important to  find under what conditions its properties change. 

We studied the variation in the s t ructure  and impact strength of this 
s teel  after it had been heated at  610, 650 and 700°C for up to  3000hr.. 
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FIGURE1. M i c r o s m e m e  of joints made by res invlce  welding, X 400: 

a--in the zone of melting; 6--in the  zone of plasric deformation: c-in the  zone of the thermal influence 
of welding. 
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The impact strength of tubular specimens dropped considerably during 
the f i rs t  500hr of heating at these temperatures .  Further  heating up to  
2500 hr  did not decrease the impact strength which remained stable (2.3
4.0kgm/cm2 (Figure 2 ) ) .  

a b C 

Time, hr T i m e ,  hr Tune, hr 

FIGURE 2. In f luence  of rime of hearing a t  various temperalures on the impact strength of EP357 steel: 

a - 610°C; b-65C"C; c -700°C. 

After 3000hr of heating the impact strength at 20°C was equal to  
2.6-3.5 kgm/cm2, and at 630°C to 4.0-5.5 kgm/cm2. More detailed data 
a r e  given below: 

Aging  temperature, "C . . . . . . . . . .. 61 0 650 700 
Impacr strength at 2 0 T ,  k g i n / c m z . .  . 2.6 3.4 3.5 3.7 3.2 2.6 3.5 
The same at 63OoC, kgm/cmZ . . . . . , 4.7 5.5 4.9 4.0 4.6 

A study of the microstructure  (Figure 3 )  showed that the reason for the 
decrease in the impact strength of this s teel  i s  the precipitation of carbides 
f rom the y-solid solution. 

Heating at 650°C for  50hr  led to  the formation of layers  of carbide 
particles between the austenite grains .  Figure 3, a shows a network of 
carbides along the boundaries of the austenite grains  and also carbide 
particles aligned along the s l ip  planes within the austenite grains .  A certain 
amount of fe r r i te  can be found in the carbon-depleted regions adjacent to  
the carbide network. 

After 500 hr  heating at 650°C (Figure 3, b )  carbide particles can be 
clear ly  seen along the boundaries of austenite grains  and in the adjacent 
zones. Carbides a r e  a lso formed within the austenite grains .  

After 1500hr of heating at 650°C the carbide particles were nearly 
uniformly distributed within the austenite grains (Figure 3,  c ) ,  and the 
content of carbide particles at the boundaries of the austenite grains  
decreased. A certain coarsening of the carbide particles and alignment 
can be seen in Figure 3, d. 

An X-ray phase analysis showed that 1000- 3000 h r  of aging had almost 
no influence on the content of fe r r i te  in the s teel  (5-870). 

X-ray analysis of precipitates separated electrolytically f rom aged 
EP357 s tee l  showed that the chief s t ructural  component of these precipitates 
is the cubic Me,,C, carbide. Local X-ray spectral  analysis with the 
"Kameka" apparatus gave the content of chromium in these carbides as  
30-3570 and in fe r r i te  6-770. 
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FIGURE 3. Variation in the microstructure of EP357 steel during heating at 65OoC,x 600: 

a-50hr; b-500hr; c-15OOhr: d--3000hr. 
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If chromium is distributed thus between the carbide and the ferr i te ,  a 
o-phase is ra ther  improbable in EP357 s tee l  after long aging processes .  

X-ray phase analysis revealed a certain increase in the content of the 
a-phase in the zone of fa i lure  of impact specimens aged for 500-3000hr 
(up to  15-2070 just on the surface of the fracture) .  Obviously, cold 
working can lead to a martensitic transformation in the austenite of EP357 
steel  which has been depleted of carbon. Apparently, the formation of 
martensite during failure of the specimens i s  one of the reasons why the 
impact strength of aged specimens is lower at 20°C than at  630°C, i. e . ,  
above the point a t  which martensitic transformation during deformation 
can take place (see above). 

The specimens cut out f rom tubes were tested for long-time strength at 
610, 630, 650 and 700°C. 

We tested 20 specimens, and the tes t s  lasted for f rom 100 to  2000 hr .  
The resul ts  were processed by the Larson-Miller method. The existence 

of an unequivocal dependence of the parameter T (20+log t )  on s t r e s ses  
(from 50 to 12 kg/mm2) ( T  i s  the absolute temperature,  "K; T i s  the t ime 
to failure, h r ) ,  and the absence of scattering of the resul ts  i r respect ive 
of the temperature,  indicate that the ultimate long-time strength can be 
quite accurately calculated from the data obtained. The calculated ultimate 
long-time strength over a range of temperatures of f rom 550 to 700°C a r e  
given in Table 2. 

TABLE 2 .  Calculated values of long-time strength 

Tein p e r  -
ature, "C lOOhr lO0Ohr 10,ooohr 100,OOOhr 

550 44.0 38.0 31.00 24.0 
600 35 .o 28.0 19.0 14.0 
650 26.0 19.0 11.0 4.5 
IO0 11.0 9.5 3.0 -

All specimens tested for  long-time strength had an elongation of not less  
than 670. 

O u r  experiments showed that testing experimental coils made of EP357 
(45KhlOG14Yu2)tubes would be useful. 

The influence of phosphorus on the properties of EP357 s tee l  is of great 
pract ical  interest. During the f i r s t  experimental melting of this s teel  
manganese was added to  the charge. If electric furnace ferromanganese 
is used instead of manganese metal, a certain increase in the content of 
phosphorus in the s tee l  i s  observed, but the cost is lower. 

If the content of phosphorus in the s teel  is increased from 0.008 to 
0.043 '70. the strength is increased and the ductility and toughness decrease 
slightly (Figure 4) .  The strengthening influence of phosphorus i s  retained 
even at 630-700°C. 

The presence of up to  0.04% of phosphorus in EP357 steel  considerably 
increases  the high-temperature strength (increase in t ime to  failure and 
decrease in creep r a t e ) .  

The increase in the creep resistance i s  accompanied by a decrease in 
ductility (elongation). 
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FIGURE 4. Influenceof phosphoms on the 
snength and ducdliry of EP357 steel. 

Small additions of boron to heat-
resistant steels have a beneficial 
influence on the ductiliw of specimens 
tested for long-time strength. 

The influence of phosphorus and 
boron on the high-temperature strength 
of EP357 steel (o=18kg/mm2, t=630°C)  
is shown in Table 3.  

At a concentration of 0.0005-0.004~, 
boron, which decreases the grain size 
of austenite, somewhat increases the 
creep rate of steel. The addition of 
0.007% B leads t o  an appreciable 
increase in both the time to failure and 
the creep resistance, despite the fact 
that the grain size of austenite is almost 
the same as that of steel with 0.00470 B. 

The addition of boron changes the 
manner of failure of specimens during 
long-time strength tests. Specimens 
with a high content of phosphorus, tested 
at IS =18kg/mm2 and T =630°C failed 
along the grain boundaries, steel 

specimens containing 0.008 % P failed chiefly along the grain boundaries 
but also in an intragranular manner (Figure 5, a)- Steel containing boron 
failed in an intragranular manner (Figure 5, b). 

FIGURE 5. F r a c m e  d a c e  of EE'3.57 steel tested for long-rime strength at 630°C and 0'18 kg/mmz: 

a-without boron; 6-with 0.004% boron. 
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It is interesting t o  note that the coefficient of strengthening by drawing 
s teels  containing 0.008-0.025 and 0.036% P is almost the same,  but it 
increases appreciably i f  the content of phosphorus is increased to  0.04370. 
F r o m  this increase in the coefficient of strengthening it can be assumed 
that s teel  with 0.043 70P contains phosphides, which hamper the movement 
of dislocations to  the surface or their  elimination during plastic deformation, 
and thus facilitate the accumulation of dislocations in the metal .  

Due to  the small  number of phosphide particles and their  small  s ize  it 
is difficult to detect them in a s t ee l  with 0.043% P. However, phosphides 
have been found in s teel  containing 0.13-0.20'% P by means of metallo
graphic and local X-ray spectral  analysis. 

Steel without boron and s teel  containing 0.0005 70B have the same 
coefficients of strengthening but s teel  with 0.004% boron has a considerably 
higher coefficient. An increase in the content of boron to 0.007% leads to  
an increase in the coefficient of strengthening. This increase cannot be 
due to  the distortion of the crystal  lattice of austenite by the atoms of boron. 
Earl ier  studies / I /  showed that a variation in the content of carbon in the 
y -solid solution of 0.1- 0.270 has almost no influence on the coefficient of 
strengthening. The most probable reason for the strengthening influence of 
boron  and phosphorus is the formation of a boride phase. 

TABLE 3. Influence of phosphorus and boron or: the high-relliperarure suength 
of EP357 sreel 

-

pho ipllo111> 

and boron, bo failure, h r  
0 , c-2 * ,  r; creep rate, 

(5hr)-103 
~. . - .. - .  

Initial 
(0.008P) 1530 5 .I2 9.76 2.46 
0.025P 2260 4.75 7.95 1.oo 
0.036P 4248 4.73 12.82 0.50 
0.043P 4613 3.42 3.00 0.31 
0.00058 1291 6.80 11.21 3.29 
0.0048 2362 8.42 17.66 2.99 
0.0078 3.599 10.20 lQ.51 1.37 

Addition of 
Time to 

Steady-state 

A certain decrease in the high-temperature strength of EP357 caused by 
the addition of 0.0005q0 of boron is possibly due to  the refining influence of 
boron and the fact that this element depletes the y-solid solution of some 
alloying atoms such as nitrogen, e tc .  

Thus, a certain decrease in the ductility of EP357 steel caused by an  
increase in the content of phosphorus can be compensated by adding sma l l  
amounts of boron to  the s teel .  

It would be interesting to  investigate whether electric furnace f e r ro 
manganese with a medium carbon content could be added t o  EP357 s t ee l  
instead of metallic manganese, and what the technological properties of 
such a steel would be.  
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INFLUENCE OF ALLOYING ELEMENTS ON THE 
STRENGTH OF INTERATOMIC BONDS OF FERRITE, 
THE COMPOSITION AND T Y P E  OF STRENGTHENING 
PHASES, AND THE RESISTANCE OF STEEL TO 
STRESS RE LA X A  TION 

Detailed studies recently carr ied out to develop new heat-resistant 
mater ia ls  showed that alloying, particularly by severa l  elements,  has a 
great  influence on the heat res is tance of s teel .  However, a high total 
content of alloying elements i s  not necessarily related to the heat res is tance 
of s teel .  Sometimes an increase in the content of alloying elements does 
not increase the heat res is tance of steel, but on the contrary decreases  it. 
F o r  proper alloying a study of the interatomic forces in the lattice of a -Fe  
i s  very important. It has been found f 1, 2 ,  3 f  that the location and shape 
of the line representing the s t a r t  and finish of the polymorphic t ransforma
tion on the iron-alloying element phase diagram influence the creep and 
relaxation of such alloys. Despite the fact that the strength of interatomic 
bonds i s  one of the chief factors determining the heat-resistance of s teels  
and alloys, the dependence of the resistance to  s t r e s s  relaxation on the 
interatomic forces  in the lattice of fe r r i te  has s o  fa r  been insufficiently 
studied. 

Since most heat-resistant s teels  a r e  precipitation hardening alloys, their  
properties a r e  greatly influence by the composition of the solid solution and 
the s ta te  of the strengthening phases 14, 5 1 .  

The role of strengthening phases during the relaxation of s t r e s ses  at 
elevated temperatures  has not yet been thoroughly studied. In this work 
we shal l  discuss the resul ts  of a study of the process  of s t r e s s  relaxation 
in binary and more complex iron-base alloys containing different types of 
strengthening phases. 

To study the dependence of the properties of fe r r i te  on the content 
of alloying elements we prepared heats containing not more than 0.0670of 
carbon. The chemical composition of the alloys a r e  shown in Table 1. In 
binary alloys the content of chromium varied f rom 1 to  1870. In addition, 
each of these binary alloys had been additionally alloyed with either 
molybdenum, vanadium, o r  niobium or with a l l  th ree  elements.  The 
specimens were annealed at 950°C before the tes t .  

In all  cases  these alloys consisted of almost pure ferrite. The content 
of carbides was relatively low (less than 170,see  Table 1 ) .  Most of the 
alloying elements remained in the a -Fe  solid solution, and the variation in 
their  content in ferrite determined the strength of the alloys. It was found 
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FIGURE 1. Influence of contcnt of c l i ro~niun~in 
the solid solution containing hlo, 0 .55 ,  and \', 

0.1570, on TI,,, 8 ,  T>,,,and on the resistance 
IO relaxation at 550°C during 2000 hr of resting: 

1- T - ~ ~ ,(OC) Fe-Cr-hlo-V-ferrite; 2 - u ( O W  

Fe-Cr-hlo-V-ferrite; 3- 8 PK) Fe-Cr
ferrite; 4-TIeC.(OC) Fe- Cr-hfo- \'-ferrite. 

by experiment that the relaxation 
stability of the a - F e  solid solution, 
found by the method of I. -4. Odding, 
is a straight-l ine function of the 
strength of the crystal  lattice. 

Figure 1 shows the influence of 
the content of chromium in binary 
and in more complex f e r r i t e  which 
contains molybdenum and vanadium 
also on character is t ics  of the 
interatomic forces such a s  the 
X-ray characterist ic temperature 
at  20°C ( O ) ,  and the temperature 
of recrystallization ( Tree). It can 
be seen that the addition of 1 %  of 
chromium to the ferr i te  r a i se s  the 
characterist ic temperature 0 f rom 
4 3 0  to 570"K,  which indicates a 
strengthening of the binding forces 
in the lattice of u - F e .  Further  
increase in the content of chromium 
leads to  a decrease in 0 f rom 5 7 0  
to 500°K.  The weakest binding 
forces in the crystal  lattice of the 
solid solution of chromium in iron 
w e r e  found in alloys containing 
4-670 of chromium. An increase 
in the content of chromium to  1270 
leads to  an increase in the charac

ter is t ic  temperature  f rom 5 0 0  to 570"K, which shows that the strength of 
the lattice of f e r r i t e  containing 1 2  70 of chromium increases  aga.in. Further 
increase in the content of chromium in f e r r i t e  to 2070 has almost no 
influence on the characterist ic temperature,  which remains stable (at about 
560°K) .  This indicates that the strength of the f e r r i t e  lattice is little 
influenced by a content of chromium in excess of 1 2 6 .  

A s imi l a r  relationship between the characterist ic temperature  and the 
content of chromium was found in ferr i te  containing 0 .5  70 of molybdenum 
and 0.1% of vanadium also (Figure 1, curve 2 ) .  

Figure 1 also shows the dependence of the recrystall ization temperature  
TI,, (Figure 4 )  and of the temperature of the polymorphic transformation 
at  the point A,, (curve 1 )  for Cr--40-V-ferrite on the content of chromium 
The variation in residual s t r e s ses  during 2000 h r  of relaxation t e s t s  under 
oo = 2 5  kg/mm2 is shown in the same figure. It is apparent that these 
character is t ics  a r e  governed by the s a m e  law, and that the curves 
representing these have the same concave shape a s  the curve of the 
character is t ic  temperature.  

It is important t o  mention that all  the above character is t ics  had a 
minimum a t  4 - 6 70 of chromium, which indicates that there  i s  a direct  
relationship between the resistance to  s t r e s s  relaxation and the a--y-phase 
transformations in chromium-alloyed s teels .  The curve of these charac
teristics has  a typical concave shape. The minimum temperature  of the 
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TABLE 1. Composition of ferrite steels 
r 

E 
0Composition of alloy, w t  Composition of ferrite, wt q! " O C  - 0  3 (:oinposition 

o - . o  
I 

L72" of carbides._ a, 	 COS 3... 
I  


u c 
c 1 Cr I MO I v l m  
Cr I Mn 1 V 	 1 Nb 1 

I ::$ , s 2 2
I 

- - 0.02 1.3 1.25 2.8610 0.11 Me, 4 ;  Me&, 
0.06 2.L' - - 1.81 - - 0.52 Me&; Me&, 
0.03 5.6 - - 5.3 - - 0.47 Me&,; Me& 

- - 0.05 11.5 11.2 2.8632 0.37 Me& 
-0.06 18.0 - 1G.O - 2.8647 0.49 Me?:& 

-0.01 1.1 0.7 1.0 0.7 2.8617 0.10 Me7C3 
-0.05 5.6 1.0 5.56 1.0 2.8643 0.128 Me,&; Me& 

0.01 11.5 1.15 - 11.35 1.1 2.8654 0.292 Me& 
-0.01 1.3 0.5 1.08 0.45 2.8606 0.35 VC; Me'Me% 
- 0.06 2.05 0.66 1.85 0.58 0.60 Me7&; Me,&; VC 

0.04 1.6 1.3 0.75 1.5 1.28 - NbC; Me&, 
0.04 4.9 1 0.7 
0.01 11.0 0.65 2.8704 

N 
N 

TABLE 2. Composition and phase analysis of steels strengthened by different precipitates 

Content of elements in steel, wt Content of elements in feriite, w t  Q Composition of phases 
1 

C 1 Cr 1 M o l  V / N b  I C O '  W Ci  1 hlo V Nb CO 

- 0.06 11.8 0.69 0.33 0.36 11.5 0.67 0.31 tr 2 ,8654 0.773 
- 0.32 12.9 0.89 0.31 0.72 11.5 0.77 0.302 tr - - 2.8634 2.912 

- 0.05 11.2 0.5 0.4 0.35 4.0 11.0 1.0 0.35 0.27 4.0 2.8652 0.524 
- 0.26 12.4 0.9 0.3 0.38 4.34 12.25 0.88 0.33 0.12 4.34 1.92 

0.05 11.5 0.95 0.31 0.56 4.14 1.14 9.56 (1.66 0.38 0.18 4.14 0.9 2.21 
-0.23 12.1 0.95 0.37 0.40 4.16 1.15 10.5 0.75 0.36 0.02 4.1G 0.01 2.97 

0.03 18.0 - - - - 2.25 17.29 - - 1.35 2.8851 2.09 
0.05 18.0 - - - - 7.0G 17.0 - - 2.36 2,8880 7.6 
0.053 18.0 1.0 - - - 5.25 17.14 0.87 - 3.25 2.8820 3.7 
0.05 18.0 1.0 - - - 7.3 16.0 0.88 - - I : 

~ 

2.59 2.8846 12.97-- ~ - --__ -~ 

.I 



polymorphic transformations in binary Fe- C r  alloys also corresponds t o  
a 5-77'0 content of chromium, which agrees  well with the above data. 

Since there  is no a--y  transformation in Fe-Cr alloys containing more  
than 1270 of chromium, the strength of the binding forces in the a - F e  lattice 
will depend mainly on the differences between the melting points ( T m p ) .  

However, the differences between the melting points of fe r r i te  containing 
12 and 2070 of chromium a r e  small ,  and have little influence on the strength 
of the binding forces in the lattice of fe r r i te  at temperatures of f rom 20  to  
600"C, and therefore  the characterist ic temperatures for fe r r i tes  containing 
12 and 2070 of chromium a r e  almost identical. 

360b'UbO 600 :b 2dO ' 4dO 600 
a Testing temperature, "C 

FIGURE 2. Dependence of the modulus of elasticity E and the characteristic 
temperature 0 in  Fe-Cr and in Fe-Cr-hlo alloys on the temperature: 

a-Fe-Cr-ferrite; b-Fe-Cr-Mo-ferrite; 1, 3, 4,6 ,  I, 8-No. of heat  
according to Table 1. 

In chromium alloyed ferr i te  containing molybdenum (up to  1TO),vanadium 
(up to  0.270) and niobium (up to 0.1570), the above relationship is retained, 
and alloys with 4- 6 70of chromium have the weakest latt ices.  The 
resistance of these alloys to s t r e s s  relaxation is also very low. Thus, to 
increase heat resistance,  the alloy should consist of ferr i te  alloyed with 1, 
12, or 1 8 %  of chromium, and also with alloying elements that increase the 
strength of interatomic forces.  

The curves representing the variation in the modulus of elasticity and 
the characterist ic temperature from 20 to 600°C (Figure 2 )  show that 
chromium, molybdenum, and niobium increase the strength of the crystal  
lattice at  elevated temperatures also.  lt should be pointed out that the slope 
of the curve representing the temperature dependence of e for alloys with 
570 chromium toward the abscissa is greater  than that for alloys containing 
1 and 1 2  % of chromium. 

High-quality fe r r i te  steels containing 1 2  and 1 8 %  of chromium were 
produced with different strengthening phases, such as  carbides of the 
MeZ3C6,Me,C,, NbC, type, etc. ,  a o-phase or a Laves phase. 
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The chemical composition of steels is given in Table 2. 
The chief strengthening phases in steels containing 12 70 of chromium 

a r e  the carbides of the Me,,C,, NbC, and VC types, and in s tee ls  with a 
content of 1870 of chromium, not more than 0.05% of carbon, 170of 
molybdenum, and from 2 to 770 of tungsten, these phases a r e  either the 
Me&, carbides,  a a-phase, o r  a Laves phase. 

a b 
.Ma -V-CO Cr-Mu-Y-Nb-Co Cr-W I Cr-Mo-W 

I I I 

0.7 3.0 13.aL
0.4 2.0 2.1 i16 3.7 

L 
Weight of suengrhening phase. 

m a O b 

FIGURE 3. Influence of amount and type of strengthening phases on the 
relaxation stability of steels a t  525% (a) and 580°C (b): 

a-steels strengthened by carbides; b-steels strengthened by intermetal
lic compounds: 1, 2, 3, 4, 7, 8, 9, 10--No. of heat according to Table 2. 

Figure 3 shows the relative decrease in s t resses  caused by relaxation 
during 2000 h r  of testing a s  a function of the types and amount of strengthen
ing phases in s teels  in which the fe r r i te  is s imilar  in composition but the 
strengthening phases have different compositions. 

The above data show that the ratio of fe r r i te  to strengthening phase has 
an appreciable influence on the process of s t r e s s  relaxation in s teel .  

In a l l  s teels  strengthened by carbides,  the highest relaxation stability 
at  525 and 580°C was found when the content of the strengthening particles 
was low. An increase in the content of carbides from 0.4-0.7 to 2-3wt70 
raised the relative decrease in s t r e s s  caused by heating for  2000 h r  at  580’ 
from 70 to 90%. 

In steels strengthened by intermetallic compounds, an increase in the 
content of precipitates has a favorable influence on the resistance to 
relaxation. Thus, if  the content of the strengthening phase in Cr-W steel  
is  increased from 2 to 770 and in Cr-Mo-W from 4 to 1370 the s t r e s s  
decrease after 2000 hr of heating is 40-6070 at 525°C and 60-8070 at 580°C. 

It can be clearly seen from Figure 4 that s teel  strengthened by inter-
metallic precipitates has a higher relaxation stability than that strengthened 
by carbides.  The figure shows the dependence of residual stresses after 
10,000 h r  of testing from 550 to 58OOC on temperature.  Steels strengthened 
by carbides (curve 1) lose much of their  relaxation stability when tested 
over the temperature range of 550-580°C. This test  leads t o  a decrease 
in U,O,WO from 11.5 t o  6.5kg/mm2. 

Steels strengthened by both carbides and intermetallic precipitates 
(curve 2 )  have a higher relaxation stabilfty at 580”C, when the residual 
stress is about 3070 higher. 
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550 565 580 
Tesring telllperalure, ' C  

FIGLIRE 4. Dependence of relaxation stahility of ctcels 
on the testins tenipcrarure a t  o = 25 kg/niiiiz: 

l-0.17To C r ;  10.570 Cr; 0.457bhlo; 0.470 W: 0.24~Y,,V; 
0.4370 Kh (atrcngtliened by carhidesl; 2-0.0570 C; I l.Sc70 
Cr; 1.0070 h l o ;  0.34; V; 0.5670 XI]: 4.14% CO: 1.I4170W 

(srrengrliened hy carbides and internictallic coll ipound~J; 
3-0.0570 C ;  1 8 % O u ;  1.070 hlo; 5.070 W (strengthrncd 
by interinerallic conipounds). 

Steel containing l8Y0 of chromium, 5 %  of tungsten, and 1%of molyb
denum, has a higher relaxation stability at temperatures of f r o m  550 to  
580°C. The s t r e s s  retained after 10,000hr of testing at  580°C is higher 
than that retained at 550°C in steel  strengthened by carbides. 

CONCLUSIONS 

1. It has been found by experiment that s t r e s s  relaxation in alloys with 
an u-Fe matrix is closely connected with the strength of interatomic bonds 
in the lattice of ferr i te ,  with the temperature of phase transformations, 
and with the thermal stability of the strengthening secondary phases. 

2. Alloys containing ferr i tes  with one or more alloying elements and 
with 1.5 or 12% of chromium have a solid solution whose crystal  lattice 
is most elastic over a temperature range of 2O-60OoC, and the lowest 
ra te  of relaxation processes.  Fe r r i t e  containing about 4- 6 %  of chromium 
corresponds to the minimum on the u - 11 transformation curve, and has a 
crystal  lattice with the lowest strength and the lowest resistance to  stress 
relaxation at  temperatures of up to 550°C. Therefore it i s  not advisable 
to  produce relaxation resistant steels containing 5 70 of chromium. 

3 .  It has been found that t o  obtain good resistance to  s t r e s s  relaxation 
a t  elevated temperatures up t o  600"C, the s teels  should be alloyed with 
elements that will strengthen the ferr i te  lattices and lead to  the formation 
of strengthening phases in the s teel  with a high thermal  stability under 
service conditions. 

4. Chromium-alloyed steels strengthened by intermetallic compounds 
have a higher stability to relaxation than steels strengthened by carbides,  
and they a r e  not very sensitive to an increase in the testing temperature.  
An increase in the content of the carbide phase in the s teel  does not increase 
the relaxation stability, but on the contrary decreases  it. 
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STUDY OF STRUCTURAL CHANGES IN CHROMIUM-
NICKEL STEEL ALLOYED WITH ALUMINUM 

The heat-resistant steels and alloys produced today contain large 
amounts of nickel, which is expensive and r a r e .  

Earl ier  papers 11, 2 /  showed that it is possible to  produce high-quality 
austenitic heat -resistant steels containing little nickel by alloying these 
s teels  with aluminum. However, aluminum greatly facilitates the formation 
of an  a-phase, and thus introduces a ferr i te  component into the austenitic 
s teel .  The content of aluminum in alloys for service at  elevated temper
atures  must therefore be strictly limited. 

The purpose of this work was to study the influence of aluminum on the 
nature of the s t ructural  changes taking place at  elevated temperatures in 
chromium-nickel Kh17N13 s teel  containing 0.2 and 0.470 of carbon. The 
boundaries of phase equilibria w e r e  usually determined by metallographic 
and X-ray methods. We also used the methods of measuring hardness,  
electric resitivity, and magnetism. All the alloys contained 1 7  70 Cr ,  1370 
Ni and different amounts of aluminum (alloys with 0.270 C contained up to 
7.1570 Al, and those with 0.470C up t o  8.570Al). The alloys were  melted 
in an induction furnace, generally in crucibles. As the start ing mater ia l  
we used Armco iron, N1 nickel, type 1 chromium, and AVO00 aluminum. 
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The required amount of carbon was introduced by adding Armco iron that 
had been carburized by charcoal. The weight of the heats was 1kg. The 
metal was cast  into metal molds. Tne ingots were forged at 1100-900°C 
into square slabs to an average deformation of 5070. After the slabs had 
been forged they were annealed at 1150°C for 10  hr  and then cut into 
microsections for hardness measurements.  The specimens were heat 
treated in evacuated quartz ampules. All the specimens were homogenized 
at 1150°C for  15hr ,  and some were quenched in water. The temperature 
of the remaining specimens was reduced by steps,  and they were cooled 
from 1050,  950, 850, and 750°C, after holding at these temperatures for 
15, 25, 45, and 75  hr ,  respectively. The heat-treated specimens were cut 
into two. One part ,  1- 2 mm thick, was analyzed by an X-ray s t ructural  
method, and the second was used for a microstructural  analysis and 
hardness measurements.  To detect the s t ructural  components we used the 
Marble, Murakami, Villel, and Rozenhein agents, and also a 570 solution 
of HNO, in alcohol /3,  4 / .  

The lattice parameters of the alloys were determined by an X-ray 
s t ructural  analysis.  The variation in the phase equilibrium was determined 
f rom the relationship betw een the lattice parameters foundby the X-ray method 
and the content of aluminum in the alloy. The X-ray diffraction photographs 
were recorded in a KROS-1 chamber using an iron target (master method). 
The parameter was calculated from the ( 2 2 2 )  lines of austenite and from 
the ( 2 2 2 )  lines of nickel foil used a s  a master .  

A microstructural  analysis showed that s teel  containing 0.2 7 0  of carbon 
and cooled from 1150°C has a single-phase austenite s t ructure  when the 
content of aluminum is  from 0 to 3 .4% (Figure 1, a) .  If the content of 
aluminum is 4.2570 the steel  contains considerable amounts of ferr i te  
besides the austenite (Figure 1,b), and if  the content of aluminum is  
increased to 5.67'0 the s teel  contains carbides also.  These carbides can 
be seen in Figure 1, c a s  white inclusions with diffuse boundaries. Such 
s teels  consist mainly of ferr i te .  If the content of aluminum i s  increased 
further to 6.1570, the s teel  consists of fe r r i te  and of carbides located 
mainly along the grain boundaries. 

Alloys containing 0 to 3 .4% AI cooled from 1050°C consist of austenite 
and comparatively large amounts of chromium carbide (Figure 1, d).  The 
Rfurakami reagent colors the chromium carbide brown. If the content of 
aluminum is increased, the concentration of carbides increases and the 
particles become coarse.  The concentration of carbides increases with 
increase in the content of aluminum because aluminum, which is soluble 
in austenite, decreases the solubility of carbon and facilitates the 
precipitation of carbides.  

Alloys containing 4.25-5.670 aluminum consist of austenite, carbides,  
fe r r i te ,  and a new p-phase which precipitates as  small  particles within the 
crystals of austenite and fe r r i te  (Figure 1, e ) .  Consequently, this new 
phase is the result of a transformation in the austenite and fe r r i te .  An 
X-ray study of a powder of this phase, separated electrolytically, showed 
that it has a body-centered cubic lattice with a parameter corresponding t o  
that of NiAl (2.878kX). This result  agrees  with the data of /4 ,  5 / .  

Alloys containing 6.2-7.1570 A1 consist of ferr i te ,  the p-phase, and 
carbides.  A s imilar  structure,  formed at a lower temperature,  is shown 
in Figure 1 , f .  Here the small  dark precipitates belong to the p-phase and 
the coarser  black precipitates a r e  chromium carbides. 
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FIGURE 1. Microstruchlre of steel, containing 0.270 C, 1170Cr, 13%Ni,  and different contents of 
aluminum, after cooling from different temperatures, X 340: 

a-cooled from 1150"C, 0.OqoAl; b-the same, 4.25% Al ;  c-the same, 5.6qoAl; d-cooled from 
10500C, 3.470 Al; e-he same, 5.0% Al: f-cooled from 85093, 3.1% Al; g-the same, 1.15% A1 
h-cooled from 15093, 4.25% Al.  
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FIGURE 2. Microstmcture of steel containing 0.4% C ,  17% Cr, 13%N i ,  and different contents of aluminum, 
X 340: 

a-cooled from 1150°C, 0.0% AI;  b-rhe same, 6.270Al:  c-cooled from 1050"C, 8.570 Al;  d-cooled 
from 950"C, 4.570 AI. 

At 950°C, alloys containing up t o  2.97'0 A1 have an austenitic s t ruc ture  
with carbide inclusions. If the content of aluminum in the alloy is increased,  
the carbide particles become coa r se r .  In s tee l  containing 3.1- 3.4% A1 
the austenite decomposes to give a finely dispersed p-phase. 

Alloys containing 4.25-5.670 A1 have an austenitic-ferritic matr ix  with 
la rge  amounts of p-phase and carbide inclusions. Little austenite is formed 
in alloys containing 6.15- 7.1570Al. 

At 850°C,  alloys with up to  2.15q0 A1 have an austenitic s t ruc ture  with 
chromium carbide inclusions. In alloys with 2.3% A1 fine-grained inclusions 
of the p-phase a r e  formed along the grain boundaries. 

In alloys with 2.970 Al, besides the p-phase smal l  amounts of fe r r i te  
a r e  formed along the grain boundaries (Figure 1,g) .  A four-component 
s t ruc ture  (austenite, fe r r i te ,  chromium carbide, an& p-phase) is charac
te r i s t ic  of alloys containing up to  6.1570 Al. Alloys containing 7.1570 A1 
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have no austenite, and consist of fe r r i te ,  a p-phase, and carbides precipitates 
mainly along the grain boundaries. 

At 75OoC, alloys with less  than 2.1570 A1 have an austenitic matrix with 
carbide inclusions. In alloys with 2.1570 A1 the austenite decomposes at this 
temperature  to  give a finely dispersed p -phase. 

Alloys with 2.970 A1 have smal l  fe r r i te  particles precipitated along some 
grain boundaries, besides the p -phase and carbides. A s  the concentration 
of aluminum in the alloy is increased, the content of fe r r i te  increases  and 
that of austenite decreases .  The four-phase s t ructure  of the alloys i s  
preserved up to  an  aluminum content of 6.270.  The s t ructure  of alloys in 
this  field of concentrations is shown in Figure 1,h. 

FIGURE 3. Polythermal section of Fe-Cr-Ni-A1 alloys 
containing 11% Cr, 13%N i ,  and different contents of 
aluminum, with 0.2% C (a) and 0.4% C (b). 

Alloys containing 7.1570 A1 produce almost no austenite. The alloy 
consists of fe r r i te ,  a p-phase, and carbides. 

Alloys with a carbon content of 0.470, unlike those with 0.2 70, have 
carbide inclusions at  a l l  the temperatures studied, i r respect ive of the 
content of aluminum. 

At 1150°C,  alloys containing up to  570 A1 consist of austenite and carbide 
inclusions only (Figure 2,  a) .  Those with 6.270 A1 have appreciable amounts 
of fe r r i te  (Figure 2,  b). An increase in the concentration of aluminum ra ises  
the content of fe r r i te  and decreases  the content of austenite until a t  8.570 A1 
there  is very little austenite. 
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Chemical composition of chromium-nickel steel 
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If there  is less  than 47'0 A1 in the alloy, at  1050°C the alloy consists of 
austenite and carbides.  Alloys containing 470A1 consist of austenite, 
carbides, and a p-phase produced a s  a result of the decomposition of 
austenite, and alloys with more than 670 A1 contain ferr i te  also. This 
four-component s t ructure  (ferri te,  austenite, carbide, and p-phase) is 
retained up to  a content of 8.570 A1 (Figure 2, c). 

Alloys cooled from 950°C have a p-phase besides austenite and carbide 
inclusions if the content of A1 i s  37'0, but if the content of aluminum is 
raised to 47'0, ferrite is precipitated (Figure 2 ,  d ) .  At this temperature 
the four-phase s t ructure  is retained to a concentration of aluminum of 8.5%. 

The dependence of the s t ructure  of alloys cooled from 850 and 750°C on 
their  aluminum content is s imilar  t o  that of alloys cooled from 950°C, except 
that at  850°C f e r r i t e  is produced if  the content of aluminum is 3.570, and 
at 750°C it already appears at an aluminum content of 370. The results of 
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a microstructural  analysis a r e  given in Figures  3, a and b in the form of 
polythermal sections of phase diagrams. 

These figures show that alloys with 0.270 C have eight s t ruc tura l  fields 
over the ranges of concentration of aluminum and of temperatures  studied: 
at elevated temperatures ,  y,y+ cr,y +cu+ Cbd and cy + Cbd, andat  low temper
a tures  y+Cbd, -y+Cbd+P,  Q +y+Cbd+P,  ando  +Cbd+P. Over the temper
a ture  ranges studied inalloys containing 0.470C only the y and (y +o) fields a r e  
missing. Otherwise, the dependence ofthe s t ructure  of these alloys ontemper
ature  and on the concentrationof a h m i n u m  is  the same  a s  that of alloys contain

ing 0.2 70C. 

359 


358 


357 
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3.58 


3.57O f 2 3 4 5 
AL.% 

FIGURE 4. Dependence of the lattice parameters 
of austenite in steel containing 0.2 410 (a) and 
0.4410 C (b) on the content of aluminum. 

The two-phase field (7 +Cbd) 
broadens a s  the temperature  i s  
increased.  A change in the content 
of carbon from 0.2 to 0.470has almost 
no influence on the line of saturation 
of austenite by the @-phase.  The 
@-phaseis  formed as  a resul t  of the 
decomposition of both austenite and 
fe r r i te .  At elevated temperatures  
the upper limit of aluminum cor re 
sponding to  the beginning of f e r r i t e  
formationis higher in alloys containing 
0.470C than in alloys containing 0.270 C. 
This indicates that at 850°C and above 
aluminum facilitates the formation of 
fe r r i te  l e s s  effectively a s  the content 
of carbon in the alloy is increased. 

The lattice parameters  of austenite 
in the alloys studied a r e  shown in 
Figure 4 as curves giving the 
dependence of the lattice parameters  
of austenite on the content of 
aluminum a t  different temperatures .  
The f i r s t  inflection on these curves  
corresponds to the beginning of 

the precipitation of the @-phasefrom austenite, and the second to  the 
beginning of the formation of fe r r i te .  Figure 4 a lso shows that the data of 
X-ray s t ruc tura l  analysis agree well with the resu l t s  of microstructural  
analysis. 

This agreement is even better at higher temperatures .  The data obtained 
by X-ray analysis a t  lower temperatures  indicate that the f3-phase and the 
f e r r i t e  s t a r t  t o  form at  somewhat lower concentrations of aluminum than is 
indicated by the metallographic method. The resul ts  of magnetic measure
ments,  hardness  measurements,  and measurements of e lectr ic  resistivity, 
a l so  agree  well with those of the microstructural  analysis. 

CONCLUSIONS 

1. We studied the s t ructural  changes in chromium-nickel s teels  
(Kh17N13)which a r e  due to changes in the concentration of aluminum and 
in temperature .  
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2.  It w a s  found that a variation in the carbon content f rom 0.2 to 0.4% 
does not influence the position of the line of saturation of austenite by the 
fl -phase. 

3. The efficiency of aluminum as an agent for  facilitating the formation 
of ferrite in the alloys at elevated temperatures decreases  with increase in 
the content of carbon. 
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STUDY OF THE HEAT RESISTANCE OF CHROMIUM-
MANGANESE- A L  UMINUM AUSTENITIC STEELS* 

Chromium-manganese s teels  containing aluminum are resistant t o  scale 
formation up to  850-900°C. W e  studied the heat resistance in the air of 
s tee l  containing 1570 Cr ,  1470 Ron, 0.4570 C, and up to  2.070 Al. One batch 
of steel contained about 0.370 Si (EP499), and the second batch about 1.570 
Si (EP577). We compared the resistance of these  steels t o  scaling with 
that of 45KhlOG14Yu2 (1)and 1Khl8NlOT steels. 

We studied specimens f rom 500 kg heats produced in e lectr ic  induction 
The 500 kg ingots were scalped and then forged into squarefurnaces. 

billets (135 and 35 mm),  which were further rolled into 18 mm diameter 
rods .  The specimens for heat-resistance tests w e r e  machined f rom these  
rods into cylinders 8- 1 2  mm in diameter and 15- 25 mm high. 

* The experimental part of this work was carried out with the participation of A .  M.Evteeva and M.M. 
Teplinskii. 
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The investigations were carr ied out in two directions: 
a )  W e  studied the relationship between the weight gain and the testing 

t ime over the temperature range of 800-1100°C. F r o m  these data w e  
plotted curves showing the dependence of the weight gain and the oxidation 
ra te  on t ime at a given temperature.  

b )  W e  studied the crystal  s t ructure  of the scale  formed on the specimens 
by an X-ray method. 

The first group of tests w a s  carr ied out by means of a device for  studying 
the kinetics of oxidation. 

The specimens were placed into a platinum crucible suspended from a 
platinum wire attached to the pan of an analytic balance. The crucible was 
then t ransferred to a vertical tubular furnace. The changes in weight were 
recorded af ter  every hour of testing. 

Time,  hr Time,  hr Time,  hr 

FIGURE 1. Dependence of the weight gain on the duration of oxidation: 

a-800T; b-900°C; c--1000°C; 1-EP577 (45Kh15G14YuS) steel: 2-EP499 (45Kh15G14Yu): 
3- 1Khl8N1OT. 

Figure 1,  a shows the dependence of the weight gain (g/m2)of EP499 and 
EP577 s teel  at  800°C on the testing t ime. During the first 7 h r  of testing 
the s teel  containing 0.3 % Si (EP499) oxidized rather  more slowly than that 
containing 1 .5% Si (EP577). At 900°C (Figure 1 , b )  the absolute weight gain 
of both s teels  was higher than at  800°C. However, the s teel  containing 1 .5% 
Si increased in weight when the temperature rose from 800 to 900°C 
relatively little, but the increase of the s teel  with 0 . 3 %  Si was 6-7 t imes 
as great .  The ra te  of oxidation during lOhr of testing is 3.8g/m2. h r  for 
the EP499 steel ,  and only 0.9g/m2.hr for the EP577 steel .  

A s  a comparison, Figure 1,b shows the dependence of the weight gain 
of 1Khl8NlOT steel  on t ime. The resistance to scaling of 1Khl8NlOT steel  
at  900°C is very s imilar  to  that of EP577 steel .  The oxidation rate  of 
1Kh18NlOT steel  during 1Ohr of testing is equal to  0.7g/m2. hr .  

At 1000°C the EP577 s teel  is more resistant to scaling than the EP499 
s teel  (Figure 1, c).  During 1 4 h r  of testing the oxidation rate  of the EP577 
s teel  decreased continuously, and at the end of the test was equal to 
2.1 g/m2.h r ,  but the oxidation rate  of EP499 s teel  decreased during the 
first 3 h r  only, and increased during the next lOhr (from 5.5 to 6 .9g/m2.hr) .  
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It should be pointed out that after tes t s  at 800°C the scale  formed on 
EP577, and on EP499 s teel  adhered well to the surface,  did not spall ,  
and did peel off on cooling. 

The scale  formed at  900°C on EP577 and 1Khl8NlOT specimens was 
dense; however, on EP499 (0.370Si) specimens the soale lamellas spalled 
off during cooling to room temperature.  

The 500 h r  test  for  resistance t o  scaling was carr ied out by the following 
method: the specimens were placed into corundum crucibles heated to  a 
constant weight. Then, the specimens together with the crucibles w e r e  
held in the furnace for 50hr .  The specimens were cooled in a desiccator 
t o  20°C, and were weighed together with the crucibles. They were then 
reheated in the furnace to  the necessary temperature,  etc.  

We carr ied out two ser ies  of tes ts .  In the first s e r i e s  we compared 
the resistance to  scaling of EP577 and EP499 s teels  with that of the 
45KhlOG14Yu2 steel .  At 900°C, the 45KhlOG14Yu2 s tee l  had the lowest 
resistance to scale,  and an oxidation rate  during a 500hr tes t  of 3 .6g/m2.hr .  
The oxidation rate  of EP499 during the same time was 2.0g/m2. h r ,  and 
that of the EP577 s teel  was 0 .3  g/m2.hr .  

Time, hr Time, hr 

FIGURE 2 .  Influence of the duration of heating a t  800°C (a) 
and at  9OOT (b) on the oxidation rate of steel: 

1-EP577 steel (45Kh15G14YuS): 2-EP499 (45Kh15G14Yu); 
3-1Kh18NlOT. 

The scale  did not spall  off the EP577 s teel  specimens.  
In the second ser ies  of tes ts  we compared the resistance to  scaling of 

EP499, EP577, and 1Kh18N9T steels.  The experiments were car r ied  out 
at  800 and 900°C. At 800°C the oxidation rate  of a l l  th ree  steels was low 
(Figure 2, a )  and the most scale-resistant s teel  was the 1Khl8NlOT 
(oxidation ra te  during 400 hr  test  was 0.021 g /m2.h r ) .  The oxidation ra te  
of the EP577 s teel  was s imilar  to that of lKhl8NlOT steel  (0.032 g /m2.hr ) .  
Under the same  conditions the oxidation ra te  of EP499 s teel  was equal to  
0.087 g/m2.h r .  The oxidation ra tes  of a l l  three steels decreased with t ime. 
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At 900°C (Figure 2, b)  the lKhl8NlOT steel  was still the most res is tant  
to  scaling. The oxidation rate  of EP577 s teel  during a 500 h r  tes t  was 

z of that of the f i r s t  s teel  (0.08 instead of 0.21 g/m2.  hr) .  The oxidation 
5 
ra tes  of these steels tend to  decrease with t ime. The scale  on these 
specimens is dense and does not spall  off during cyclic heating and cooling. 

At 900°C the oxidation ra te  of EP499 steel  was somewhat lower than in 
the f i rs t  s e r i e s  of tes t s  (after 500h r  the oxidation rate  was 0.9 g/m2. h r ) .  

When the heating lasted more  than 200 h r  the scale  s tar ted to crumble 
and spall  off the EP499 s tee l  specimens, which led to an increase in the 
oxidation ra te  (Figure 2, b) .  

X-ray diagrams were recorded by a URS-501 apparatus with an iron 
target,  at a range of angles from 18 to  25". At these angles it was possible 
to record the most intense lines of oxides of iron and other elements present 
in the s teel .  

We oxidized the prepared microsection in furnaces in an atmosphere of 
a i r  at  the given temperature.  The X-ray photographs were recorded 
directly from the oxidized microsections. 

We studied the crystal  s t ructure  of scale  formed at 800°C on EP577 and 
1Khl8NlOT steels. 

We studied the change taking place in the s t ructure  of scale  formed on 
EP499 steel  very thoroughly to find the causes of spalling of scale  at 900°C 
and above. We therefore oxidized specimens at  800°C, 9OO"C, 1000°C, and 
1100°C for  f rom 15 min to 5 hr. 

Figure 3 shows X-ray photographs of scale  formed on 1Khl8NlOT and 
EP577 steel  at  800°C. 

The scale  on lKhl8NlOT steel  consists of two phases: Me,O, and R/Ie,O,. 
The intensity of the lines of these phases is  little influenced by the duration 
of oxidation at  800°C, and consequently it can be assumed that as the 
duration of heating at 800°C is increased the layer of scale  grows without 
any noticeable changes in its phase composition. 

It is interesting to point out that instead of two close interference 
maxima, which correspond to  reflections from the (101) plane of Me,O, 
and the (311) plane of Me,O,, the X-ray photographs of scale formed on 
1Khl8NlOT steel  have a single maximum corresponding to an interplanar 
distance of 2.52 kX. 

The line corresponding to the interplanar distance of 2.52 kX was the 
most intense obtained when specimens heated at  800°C were studied at all 
the holding t imes.  

The main s t ructural  component of the scale  formed on EP577 steel  is 
the R/Ie,O, compound. The most intense line corresponds to  an interplanar 
distance of 2.71 kX, which coincides with the interplanar distance of the 
(112)  planes of Fe,03. As  the heating at 800°C is prolonged, the layers  of 
scale  become thicker and the integral intensity of the ( 1 1 2 )  line of Me,O, 
increases .  The X-ray photographs show relatively weak lines of reflections 
from the (311) and (220) planes of Me30,  besides the (112)  line. This 
indicates the presence of a certain amount of this oxide in the scale .  

The X-ray photograph recorded from EP499 specimens oxidized at 800°C 
was s imilar  to  that recorded from EP577 specimens.  The chief s t ructural  
component is also Me,O,. At 900°C the scale  consists of two phases, 
Me20, and Me,O,, and the (112)  line of Me,O, is the most intense of those 
recorded. 
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FIGURE 3. X-ray photograph recorded a t  800°C for the following steel specimens: 

a- EP577 (45Kh15G14YuS);b- lKhl8NlOT. 

An increase in the temprature of oxidation f rom 1000 to  1100°C leads 
to  an increase in the relative amount of the Me,O, phase in the scale  
(Figure 4, a and b) .  The intensity of the (311) and (200)  lines of Me304 
is considerably increased, but after oxidation at 1000°C the most intense 
line i s  st i l l  the ( 1 1 2 )  line of Me,O, up to a heating t ime of 1 hr  45min. If 
the heating t ime is increased, this scale  spalls off the specimen, and no 
X-ray photograph can be recorded from the microsections. 

After the specimens had been heated at 1100°C for 1 hr  45 min, the 
X-ray photographs of the scale had (311) and ( 2 2 0 )  lines of IVIe,04, which 
were more intense than the ( 1 1 2 )  line of Me,O,. Thus, it can be said that 
a s  the temperature of oxidation is increased the amount of Me304 (spinel 
of complex chemical composition) in the scale  is increased. As we have 
already shown 121, the surface layer of scale  formed on chromium steel  
consists of Me,O,. The spalling of scale  f rom 45KhlOG14Yu2 s tee l  / I /  
took place when an Me30, layer developed under the Me,O, layer. We found 
such a relationship also between the s t ructural  changes in the oxide film 
and its spalling from EP499 s teel .  This s teel  differs f rom that studied 
in /1/ a s  it has a higher content of chromium. 

It is interesting to  point out that the intense development of Me304under 
Me20,, and the spalling of the oxide films when the specimens a r e  cooled, 
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take place in EP499 (45Kh15G14Yu) s tee l  at temperatures 50- 100°C higher 
than in 45KhlOG14Yu2 steel .  

l /k  I b 

FIGURE 4. X-ray photograph of scale produced on EP499 (45Kh15G14Yd 
steel a t  1000°C (a) and 1100°C (b). 

CONCLUSIONS 

1. W e  studied the scaling of EP499, EP577 s teels ,  and fo r  comparison 
EP357 (45KhlOG14Yu2) and 1Khl8NlOT steels ,  by means of weight gain and 
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weight loss in the a i r  at  800--1000°C. We showed that at  800°C and 900°C 
the resistance of EP577 s teel  to scaling is close to that of lKhl8NlOT steel .  
The resistance to  scaling of EP499 and EP577 steels considerably exceeds 
that of the EP357 (45KhlOG14Yu2) s teel .  

2 .  By the method of X-ray analysis w e  found the phase composition of 
scale  formed on the surface of EP577 (45Kh15G14YuS) and lKhl8NlOT steel  
up to  800°C and on EP499 (45Kh15G14Yu) s teel  at  800--1100°C. W e  showed 
that the increase in the oxidation r a t e  of the EP499 s teel  at  temperatures 
above 900°C is due to the development of a spinel (Me,04) layer under the 
protective Me,O, layer and t o  the spalling of the scale .  

B i b l i o g r a p h y  

1. 	B a n n y k h ,  O.A. ,  Y u . K . K o v n e r i s t y i ,  and 1 . F . Z u d i n .  Khromo
margantsovistye teploustoichivye stali  s aluminiem (Chromium-
RiIanganese Heat -Resistant Steel Alloyed with Aluminum). -
Izdatel'stvo "Nauka. " 1965. 

2 .  	 Sbornik: "Skorost ' okalinoobrazovaniya na metallakh i splavakh" 
(Collection: Rate of Scale Formation on Metals and on Alloys).-
Uchenye Zapiski LGU, No.175, Issue 14. 1954. 

Yu. P.  Belolipetskii,  '21.A.Endzelin, M.  A.Filatova, 
S. P .  Barabanov, L. R .  Alishoev, and D. I .  Berezhkovskii 

STUDY OF THE INFLUENCE OF THE GRAIN SIZE 
AND OF GRAIN SIZE NONUNIFORMITY ON THE 
HEAT RESISTANCE AND STRENGTH OF VANE 
.UATERIALS 

This study was undertaken because when turbine vanes made of heat-
resistant nickel alloys were produced by foring o r  drop forging, the heat 
treatment that followed sometimes led to a nonuniform grain s t ructure .  

Thus, drop forged vanes of stationary gas turbines made of E1765 alloy 
often consist of more o r  l e s s  uniform grains (1-3 m m ) ,  o r  of a combination 
of small  grains (0.1-0.2 m m )  and regions of large grains up to  5- 10 m m  
in  s ize .  

The difficulty of producing a completely uniform structure  when drop 
forging vanes from nickel alloys is apparently due to the high resistance 
t o  deformation, the relatively narrow range of forging temperatures,  the 
complex shape of the vanes, and their  large s ize ,  particularly those for  
high-power turbines. 

Therefore,  it is necessary t o  evaluate correct ly  the serviceability of 
vanes of different grain s i ze  o r  of nonuniform grain structure.  

Although the l i terature data indicate that a coarse-grained s t ructure  is 
detrimental ,  the data are incomplete and sometimes contradictory, 
apparently because of the different methods of producing and studying the 
mater ia ls ,  and also because of the nonmonotonous dependence of some 
properties of the materials on the grain s ize  11 -41. 
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In this work we investigated nickel-chromium E1765 and E1893 alloys. 
The mater ia l  was obtained by hot and cold working combined with high-
temperature heating. To make the conditions of preparation of metals (drop 
forging in  two passes )  of a given s t ructure  s imilar  t o  those under which vanes 
a r e  produced w e  used a two-stage deformation. 

To produce a metal  with a uniform structure  but with a nonuniform grain 
s ize  along the specimens, the deformation was produced by drawing, and 
in specimens with a nonuniform grain s ize  ac ross  them by torsion. 

Metals of different grain s ize  w e r e  produced by different degrees of 
deformation of the stock, including crit ical  degrees of deformations. 

Our  deformation processes w e r e  s imilar  to those used in industry for 
drop forging vanes from E1765 and E1893 s teel .  

Before the specimens w e r e  prepared, the mater ia l  was heat treated by 
the usual method for these alloys. The macrostructure of each billet was 
then checked. The material  in each batch was fairly uniform. 

The E1765 alloy w e  produced had a structure like that prepared industrial
ly: grain s ize  up to 0.1-0.2"; up to 1,  up to  3, up to 5, and up to 
0.1- 0.3-3- 5 (grain s ize  nonuniformity in the t ransverse or longitudinal 
direction of the specimen).  

W e  studied the properties which determine the serviceability of the 
metals at room and at  service temperatures (750°C). W e  also studied the 
short-t ime mechanical properties and the long-time strength (at constant 
temperature and under conditions of thermal cycling), creep, fatigue, . 
constructional strength (asymmetric cycle), thermal  fatigue (cycle 20'C
650°C- 20°C) and the logarithmic decrement of damping. We also tested 
real vanes. The results a r e  as follows: 

The short-t ime strength of the E1765 alloy at  room and service temper
atures  (750°C) (Figure 1)  in the hot- and cold-worked s ta te  is decreased 
most (by 30-400/0) i f  the grain s ize  is increased from 0.1-0.2 to  2-3 mm. 
Further  coarsening of the grain to  5-10" has much less  influence. 

Such grain coarsening influences the ductility of the metal more than 
its strength, and if the grain s ize  is increased to 3 m m  the ductility i s  
decreased by a factor of 2-2.5. 

If the grain becomes coarser ,  the ductility deteriorates even more.  
The long-time strength is also decreased by a coarsening of the grains.  
If the grain s ize  is increased from 0.1 t o  1mm, the long-time strength 

is decreased by about 3 kg/mmz, i .  e. ,  by 1070. The long-time strength 
is decreased most if the grain s ize  is increased to  3 m m  ( - 20- 25 YO).

Further  coarsening of the grain to 5 m m  or more causes little change in 
the long-time strength. 

It has been found that the slope of the curve representing the long-time 
strength of hot-worked materials with a grain s i ze  of 1.5 to  3-4" is 
greater  than that of the curve representing the long-time tensile strength 
of fine-grained s teel  (Figure 2 ) .  

If the grain s ize  is increased the ductility during long-term tensile tes ts  
1

decreases  to  about -3 '  and the scattering increases.  Sometimes the 

ductility of the coarse-grained material  at the t ime of failure (about 1000 h r )  
is very low (0.5-1.570). 

The results of long-time strength tes ts  under conditions of thermal  
cycling (750 rt 25°C) confirm the data obtained under conditions of constant 
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temperature,  which indicated that the long-time strength characterist ics 
of coarse-grained materials a r e  low. 

The re su l t s  of creep tes ts  at 750°C under a load of 1 7  kg/mm2 showed 
that there  is no rea l  relationship between the creep rate  and the coarsening 
of the grains of the metal. However, a certain tendency toward a creep 
ra te  increase was found in materials with a grain s ize  of 2 .5  mm. 

a b 

4 %  
9% 

40 

20 

6 8 10 6 8 10 
Grain size, mm Grain size, mm 

FIGURE 1. Dependence of the mechanical properties of E1765 alloy on the grain size: 

a -20T:  b-750°C: 1-properties of cold-worked metal  wirh uniform grain size: 2
properties of hot-worked metal  with uniform grain size. 

I 1 
1.. I'6h ZOO 300 COO500 lo00 ZOO0 3000 

Time, hr 

FIGURE 2. Influence of grain size and of grain-size non
uniformity on the long-rime suength of E1765 alloy a t  
T = 750oC: 

1-fine grained: 2-nonuniform grain size: 3-coarse 
grained. 

The fatigue strength of the E1765 alloy at 750°C (Figure 3 )  under 
conditions of symmetr ic  and asymmetric cycling i s  greatly influenced by 
the grain s ize .  . 
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If the grain s ize  is increased from 0.25 m m  the decrease in the fatigue 
strength (on the basis  of lo*  cycles) is a s  follows: 

For a grain size up to 1mm about 20 T o  

For a grain size up to 3 mm about 25 % . 

The fatigue strength under asyrnmetric cycles (static tension CJ = 
= 15kg/mm2 plus cycling) decreases  even more,  and in mater ia ls  with a 
grain s ize  of 3 - 5  m m  the decrease is about 400/0. 

Service tes t s  on vanes showed that the variation in the fatigue strength 
of the vane edges with a uniform structure  and various grain s izes  is 
s imilar  to  the variation in the fatigue strength of experimental specimens.  

I* 1 1 I I1111ll I 
IO5 

2 3 4 5 7 9  2 3 9 5 7 9
IO7 

2 3 q 5 7 9
IO8 

2 3 4 5 7 9  
106 io 9 

N, cycles 

FIGURE 3. Dependence of the fatigue strength (symmetric and asymmetric 
cycles) of the E1765 alloy a t  750°C on the grain size: 

1-symmetric cycle; 2-asymmetric cycle; I-grain size up to 0.1”; 11-up 
to l m m ;  111-up to 3”; IV-0.1-33-55”; V-specimens of drop forged 
vanes, symmeuic cycle; VI-the same, asymmetric cycle. 

The resis tance of the alloy t o  thermal  fatigue is not a monotonous 
function of the grain s ize  but has a minimum at a grain s ize  of about 3 m m  
when the number of cycles to failure decreases  by a factor of 6-10. 

If the grain s ize  is increased to  5 mm or  more,  the resis tance to  thermal 
fatigue increases  to  that of fine grained material .  

Data on the influence of the grain s ize  on the damping capacity of metal  
indicates that coarsening decreases  this value . ” ,At room temperature ,  at an amplituae of s t r e s s e s  equal to u.3 C J ~ . ~, rhe 
logarithmic decrement of damping of coarse-grained mater ia l  of tuning 
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2forks  is about -3 of that of mater ia ls  with a grain s ize  of about 0.1 mm. 

The strength of mater ia ls  which have a nonuniform grain s ize  s t ructure  over 
the c ros s  section of the specimens is determined during shor t - te rm and long-
t e rm testing by the grain s ize  and the relationship between the cross-sectional 
a r eas  of the specimen occupied by the coarse  and fine grains .  The mechanical 
and thermal  fatigue strength, and also the fatigue strength under asymmetr ic  
cycles, a r e  determined by the properties of the grain at the peripheral part 
of the specimen. 

4 6 8 ro 
Grain size, m m  

FIGURE 4. Dependence of the properties of E1765 alloy on 
grain size: 

a-> -fatigue strength under symmeuic cycles (10' cycles); 
a,, = consuuctional strength (fatigue strength under asym
metric cycles); icr-depth of crack. 

During all  the tes t s ,  the strength of specimens with a nonuniform grain 
s ize  in the longitudinal direction was determined by the strength of the more 
coarse-grained part of the specimen. 

Thus, we found that the s t ructure  of the metal (grain s ize  and grain s ize  
nonuniformity ) considerably influence the properties which determine the 
serviceability of vanes (Figure 4 ) .  

E1765 alloy specimens with a uniform fine-grained s t ructure  (grain s ize  
about 0.25 m m )  have an optimum combination of strength and ductility. If 
the  grain s ize  is increased t o  1mm there  is a decrease in the properties of 
about 10- 15%. 

The properties a r e  worst in a s t ructure  with grains 3 m m  in s ize .  
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The resul ts  of a study on the E1893 alloy with different grain s izes  agree 
w e l l  with those of an E1765 alloy. Therefore,  it can be assumed that the 
above structure-properties relationships can be extended to other nickel 
alloys to  determine the properties of turbine vanes and other s t ressed  
ar t ic les  (for example, disks).  

The above data indicate that vanes made of E1765 and E1893 alloys should 
have a uniform structure  with a grain s ize  of 0.25-0.1 mm, and that grain 
s i z z  differences must remain within these l imits.  

The TsNIITMASh institute developed heat treatment and mechanical 
processes  for drop forging vanes made of E1765 s teel  and recommended 
these to industry. These produce a high-quality mater ia l  with a relatively 
uniform structure  and a grain s ize  of up to  0.5 mm.  

A study of the vanes produced according to these recommendations by 
various plants showed that the ar t ic les  have properties close to the optimum 
obtainable for this alloy. 
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RELAXATION AND CREEP STRENGTH OF 
HARDENING STAINLESS CHROMIUM STEELS 

Stainless s teel  containing 1 2  70of chromium and carbide-forming elements 
(W, Mo, V, I%) a r e  widely used in the electric machine-building industry for 
the production of art icles by hot working (disks, vanes, forgings) and by 
casting (cylinders, etc.  ). The advantages of hardening heat-resistant 
martensit ic - ferr i t ic  stainless s teels  a r e  their high long-time strength, 
res is tance to scaling, forgeability, and ease of rolling. Because of these 
properties these s teels  can be used at temperatures of up to 600°C. The 
disadvantage of martensit ic-ferri t ic stainless s teel  is their  low creep 
resis tance which leads to a considerable deformation at the beginning of the 
period of transient creep and during the long initial period. According to the 
data of ordinary long-time strength tes t s  (2000- 3000 h r ) ,  the creep limit 
corresponding to  a creep rate  of 1. 1 0 - 5 % / h r  at 550°C is equal to  10
1 2  kg/mm2, which is about one half of the long-time ultimate strength for 
100.000 h r  . 
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It has been found that under conditions of a prolonged stationary load 
and isothermal conditions the creep ra te  of 1K h 1 2 ” I F  (EI802) s teel  
systematically decreases  to a very low level 11. 2 1 .  Thus, at 550°C and 
under a s t r e s s  of 10kg/mm2the c reep  ra te  decreases  continuously f rom 
1.0. 10-5%/hr  for  2000-3000hr of testing to  0.2.  10 -5%/hrfor 500,000hr 
of testing. This factor is of considerable importance for ar t ic les  made of 
this s teel .  

Articles made of hardening stainless s teels  must be joined by bolts and 
pins made of s tee l  of the same type to avoid any weakening of the joint 
because of possible difference between the coefficients of linear expansion. 

The use of stainless s teels  for high-temperature service for bolts and 
pins has caused difficulties because of the low relaxation stability of the 
s tee l  at 550-565°C as  a result of the low creep  during the initial stage of 
loading. 

It is well known that thermomechanical t reatment  to a 1 0 %  reduction 
increases  the resis tance to creep and the heat res is tance for cer ta in  
periods of time. It h s  been found that this is t rue  also for the 1Kh18N9T 
austenitic s teel  and for  some other alloys 13, 4 ,  51. 

The increase in creep strength is achieved even by a smal l  reduction of 
0.2-3.070 which can be produced by creep tes t s  and heating at the testing 
temperature .  

Creep  tes t s  on 1Kh18N9T steel  were car r ied  out under s t r e s ses  which 
either exceeded the yield strength of the s tee l  or were equal or close 
to  it.  

Hardening s ta inless  s teels  can work under s t r e s s e s  within the limits of 
elasticity but considerably lower than the yield point at service temperature .  

The relaxation processes  were studied with two types of standard s tee ls  
widely used in power-machine building, 1Khl2VERIIF (EI802) and 
2Kh12VMFBR (EI993), and also severa l  martensi te-ferr i te  s tee ls .  The 
chemical composition and mechanical properties of these a r e  shown in 
Table 1. 

TABLE 1. Chemical coniposition (in Tal and mechanical properties of steels 

r:Type of 
C Lln Si Cr Ni W hl0 v z g  T, “C - 5  b .steel 

:& st 
.. To 

o x  > A  

1Kh12 VN MI 
(E1809 0.19 0.47 0.14 11.4 0.7 0.OC 0.58 0.16 - 20 77.0 90 1 7  

550 51 54  21 
2 Khl2  VM RF 

(E19931 0.18 0.35 0.27 12.1 0.17 0.70 0.53 0.29 0.38Nb 20 14 87 18 
0.038 550 28 51 15  

En80 0.21 0.73 0.17 11.2 0.7 1.16 1.28 0.26 	 0.37Co 20 17 94  1 8  
0.01 B 565 $9 54 21 

The E1802 and E1280 s teels  were quenched from 1050°C in oil and 
tempered at  700°C. The E1993 s teel  was normalized at  1O5O0C, cooled in 
the a i r ,  and tempered at 700°C. 

All s tee l s  had identical mechanical properties, and our investigations 
were based on this. 
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Two methods were used: relaxation by bending ring specimens, designed 
by I. A. Oding, and relaxation by stretching cylindrical specimens 10- 1 2  mm 
in diameter with a calculated length of 150" on a UIM5 machine. 

The relaxation curves of E1802 and E1993 s teel  specimens at 565°C under 
an initial load of 30 kg/mm2 obtained by both the above methods (Figure 1,a )  
indicate that in these s teels  the s t r e s ses  drop considerably, and after 
2000hr the residual s t r e s ses  in the ring specimens were 10.5-11.0kg/mm2, 
which i s  about 3 0 %  of the initial s t r e s s .  In cylindrical specimens the same 
s t r e s s  decrease was achieved under conditions of stretching after 1000hr.  
The level of residual s t r e s ses  does not satisfy the requirements.  

FIGURE 1. Relaxation stability at 565"C, (TO =kg/cm*: 

a-initial state; 1, 2-E1802 steel shaped into rings and 
cylindrical specimens, respectively; 3, 4-E1993 steel 
shaped into rings and cylindrical specimens, respectively; 
b-at three consecutive loadings up to 30 kg/mm2 (ring 
specimens: first loading 2000hr, 2nd and 3rd loadings 
10,000hr each); 1, 2, 3, 4-1000, 3000, 5000 and 
10,000 hr, respectively. Continuous line-E1802 steel, 
dashed line- E1993 steel. 

The above data indicate that relaxation by stretching reduces the s t r e s s  
by 8-1470 more than in ring specimens.  Similar discrepancies were found 
during a study of pearlite and austenite s teels .  

Our investigations by both methods showed that in the initial s ta te  the 
s ta inless  s teels  have a low relaxation stability. 

Experiments with repeated loadings to  the initial level of stresses showed 
that the relaxation stability of both types of s teel  increases  appreciably 
under these conditions (Figure 1 ,b ) .  While the f i r s t  loading produced a 
residual stress of 10.5-11.0kg/mm2 after 2000hr, the second loading with 
up to  30kg/mm2 produced the same residual s t r e s s  after 10,000 h r ,  and a 
third loading produced a residual stress of 12.5 kg/mm2. Ring specimens 
of both s teels  E1802 and EI993) show identical behavior under conditions of 
relaxation, and have almost identical residual s t r e s ses .  

According to  these data, and to  clarify whether an increase in the c reep  
strength of s ta inless  s tee l  by smal l  deformations is possible, we tested 
E1802 and EP280 s teels ,  s o  that the accumulation of plastic deformation 
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under conditions of c reep  took place at  580°C and at 600"C, and the c reep  
strength was evaluated from data of tes t s  at 565°C (Table 2 ) .  

The resul ts  of these tes t s  show that the plastic deformation accumulated 
under conditions of c reep  in amounts of up to  0.270at  temperatures  above 
o r  below the testing temperature decreases  the steady-state creep ra te  and 
the duration of the f i rs t  stage of c reep  by a factor of 2-3, and also 
decreases  the total deformation after 3000hr of testing by 35-4070. 

Under conditions of relaxation small  plastic deformations a r e  accumulated 
(0.10-0.1570 af ter  10,000 hr  of testing). 

TABLE 2. Creep strength under a stress of 10kg/mmZ 
__ 

Creep under a stress of 1 0  kg/mmz 

Type of __ 
duration of total defor-

steady-state
steel temper- Epl, 70 T, OC test, hr mation, yo 

creep rate, 
ature, "C 1O-'% jhr

- __ 
-E1802 0 .o 565 3100 0.1 74 1.6 

E1802 580, 600 0.160 565 3100 0.100 0.5 
EP280 0 .o 580 240 0 0.224 3.0 
EP280 565, 600 0.20 580 2700 0.147 2.0 
E1802 565, 580 0.14 6 00 2000 0.165 3 .O 

-

-

To clar i fy  the possibility of increasing the relaxation stability by smal l  
plastic deformations, we car r ied  out a s e r i e s  of tes t s  with cyclic loads 
(repeated every 50- 100 h r ) ,  which were followed by a 20,000 h r  long-time 
tes t .  Figure 2, a gives data obtained with ring and cylindrical specimens 
of E1802 and EP280 s tee ls .  In both cases  the residual s t r e s ses  increase,  
and reach  a maximum after  5-7 cycles;  they then become stabilized. The 
discrepancies between the resul ts  of the two different methods a r e  within 
the above l imits .  The residual s t r e s ses  in E1802 and in E1993 s teels  
obtained under conditions of relaxation by stretching after a plastic 
deformation of 0.23 and 0.11 70 (curves 5 and 6 )  a r e  identical, and higher 
than the initial s t r e s ses  (curve 3). 

Figure 2 , b  shows the dependence of the residual s t r e s ses  (average data) 
in E1802 s tee l  after different periods of testing by both methods on the 
accumulation of s t r e s ses  induced by plastic deformation before  the relaxation 
process  s ta r ted .  According to the data obtained by both methods the 
relaxation stability increases with increase in the plastic deformation. The 
curves of relaxation for ring specimens show that the plastic deformation 
greatly influences relaxation up to 3000-4000 hr  of testing. Tensile tes t s  
on cylindrical specimens showed that f o r  500- 1000 hr  of testing the 
optimum increase in the relaxation stability corresponds to  a plastic 
deformation of 1.0%. If the deformation exceeds 1.070there  is a tendency 
to  lose the effect of strengthening af ter  100- 500 h r  of testing. This 
tendency is particularly well marked for E1802 and EP280 s tee ls  af ter  
1 O O O h r  of testing (curves 4 and 5). These data indicate that preliminary 
deformation increases  the relaxation stability by 35- 4070. 

To find tine influence of the conditions of accumulation of plastic defor
mation on the relaxation stability, we car r ied  out a s e r i e s  of experiments 
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with cyclic loading under s t r e s s e s  of f rom 20 to  50kg/mm2 and at different 
temperatures .  Table 3 shows that after 5-7 short  cycles of 20-25hr, 
the residual s t r e s s e s  increase by about 5070. Long-term tes t s  (15,000 h r )  
carr ied out after cyclic prestressing (Table 4 )  showed that the relaxation 
stability is almost uninfluenced by the p r e s t r e s s  loads. The differences 
between the residual stresses a r e  14-2070. A comparison of these resul ts  
with those shown in Figure 1 , a  shows that in this case the residual stresses 
after 15,000hr of testing a r e  10.2-12.7 kg/mm2, compared to  10.5kg/mm2 
after 2000 h r  of testing in the initial s ta te .  

a b c 

FIGURE 2. Dependence of residual stresses under cyclic loads and dependence of relaxation stability of steel 
on plastic deformation: 

a-cyclic loading repeated every 50hr (up to 30kg/mmzl;  steel EI802; 1, 3-1ing and cylindrical specimens, 
respectively, initial state; 5-cylindrical specimen, 0.23"/0 reduction; Em80 steel; 2, 4-ring and cylindrical. 
specimens, respectively, initial state; steel EI993; 6-cylindrical specimen, 0.ll.l. reduction; b-E1802 steel 
565°C: ring specimens, uo = 30kg/mm2. 1-100hr; 2-1000hr; 3-3000hr; 4-5000hr; 5-10,OOOhr; 6
16,OOOhr; c-E1802 steel, 565°C; cylindrical specimens, a = 30 kg/mmz, 1--5hr, 2-100hr; 3-500hr; 
4-1000hr: 5-EP280 steel, 1000hr. 

TABLE 3. Influence of initial StIeSSeS on the relaxation stability of E1802 steel 

f a s t i c  deformation, 
mm x 

-. _ _ ~  

20 + 30 16.3
23.8 24.6 

25 - - I) 14.1 
30.0 26.0 26 .I 26.2 

- 35.0 
50.0 

TABLE 4. Relaxation stability a t  565'C, u0= 30kg/mm2 after cyclic prestressing to different levels 
. -~__I_____... - ~- ~-____~ 

0% (kg/mmz) after br) 

s t r ~ s ~ ~ ~ k ~ ~ & n 2  ~ ~>=1~ ~ 0 ~ 0 0 0  / y ~~ O - 1~ ---r& 
20, 25, 30, 22.4- 11.9- 14.3- 13.1.- 11.9- 10.2
35 and 50 -25.4 -19.2 -16.2 -15.1 -14.0 -12.7 
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TABLE 5. Relaxation stability at  565°C and a t  an in ida l  stress of 30kg/inmz after accuinulation of plastic 
deformation at different temperatures 

~ 

Conditions of accu-

Method of mulation of plastic Residual stresses (kg/inm2) after, h r )  
Type of steel 

testing 
deformation- 1 

7,"C 
E p l  

100 500 1000 3000 5000 10,000 

1KhlZVNMF 
- (E1809 Ring 500 33.4-10-4 20.8 18.2 16.6 14.9 

1KhlZVNMF Svetching 500 0.44% 19.2 17.0 - - - 
- - (EI802) 580 1.40% 19.0 17.0 16.0 

2Khl2VM BFR 
(EI993) Ring 45 0 5.0.10-4 21.1 19.2 17.5 14.2 13.2 10.0 

400 hr; 
~ 

The results of tes ts  on both types of specimens at  565°C and at  an  initial 
s t r e s s  of 30 kg/mm2 (Table 5 )  a lso show that the relaxation stability 
increases irrespective of the temperature at which the plastic deformation 
is carr ied out, and that the residual s t r e s s e s  agree with the above data for 
s imilar  deformations. 

Figure 3 shows the optimum curves of the relaxation stability of E1802 
and EP280 s teels ,  which characterize long-term tests  on r ing and 
cylindrical specimens at 565°C and an initial s t r e s s  of 30 kg/mm2. The 
results of tes ts  on ring specimens show that each consecutive loading 
increases  the relaxation stability of the E1802 steel (curves 1, 2 ,  3) .  The 
second and third loadings at an initial plastic deformation of 11.3. and 
22.3. ensure a high relaxation stability during 10,000 h r  of testing, 
which leaves a residual s t r e s s  of 11- 12.5 kg/cm2. Preliminary p res t r e s s 
ing of E1802 and EP280 steels repeated 1 2  t imes at intervals of 50hr  
produces even higher residual s t r e s ses ,  which after 10,000 h r  of testing a r e  
14 kg/mm2 for both s teels .  The residual s t r e s s e s  in E1802 s teel  after 
20,000hr of testing a r e  equal to 1 2  kg/mm2 (curves 4, 5 ) .  Similar residual 
s t r e s s e s  were produced in cylindrical specimens which had first  been 
subjected to  a creep test  for  15h r  at 35 kg/mm2, leading to  a 1.170 reduction 
(curve 6 ) .  Similar data were obtained with ring specimens of the E1993 
s teel  (Table 6 ) .  The residual s t r e s ses  af ter  the second and third loadings 
increased considerably a s  a result of the plastic deformation which took 
place during the tes t .  

TABLE 6. Optimum relaxation stability of E1993 steel a t  565"C, u,, :30kg/inmZ (ring specimens) 
~ 

No. of Plastic deforma- __ 
loading tion, mm.10 '~  100 1000 3000 5000 10,000 

1 0 .o 13.2 11.4 10.3 
(2000 h S  

2 11.5 19.9 16.6 14.7 13.9 12.2 
3 21 .o - 18.2 16.4 15.6 13.3 
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It has been experimentally found that hardening s ta inless  s teels  which 
have a low relaxation stability in the initial s ta te  at elevated temperatures  
become strengthened during creep and relaxation due t o  the smal l  plastic 
deformations. The latter can be produced at  various temperatures  and 
loads by severa l  short-t ime (20- 5 0 h r )  prestressings under conditions of 
relaxation, o r  by long-time creep under a constant load at se rv ice  or other 
temperatures .  An optimum relaxation stability is produced by an initial 
plastic deformation of 1.0%. 

hr 

FIGURE 3. Opiimum relaxarion siabiliiy a i  565"C, 
00 = 3 0kg/mm2: 

Steel �1802, ring specimen: 1, 2, 3-first, second and 
ihird loadings a t  an initial plastic deformation of 
0.113.10'4 and 22.3.10-4, respectively; 4-at epl = 
= 37.5.10-4 after 1 2  presuessings a t  intervals of 50hr; 
suetching; 5-first loading; 6-after creep to e = 

=l.l%; 7-EP280 steel, ring specimens afier I J l o a d 
ings. 

During service the tightening of bolts which is always necessary under 
static conditions of service or during the assembly o r  repair  of apparatus 
is sufficient to  ensure the necessary relaxation stability of s ta inless  s tee l .  

The ability of s ta inless  s tee l  to improve its creep strength and relaxation 
stability under the influence of smal l  plastic deformations is determined 
by the influence of the latter on the s t ructure  of the metal. The s t ructural  
changes, in turn,  a r e  due to  a number of factors connected with the disloca
tion mechanism of deformation. These factors a r e  the increase in the 
dislocation density, the distribution of dislocations in the deformed metal, 
the development of a substructure during creep,  and the development of a 
polygonization process .  Special studies can determine which of these 
factors predominate. 

CONCLUSIONS 

1. Heat-treated hardening s ta inless  steels containing 1 2  70 of chromium 
have a low creep strength at elevated temperatures  and a low relaxation 
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stability. This has been confirmed by the data of a study on 1Khl2VKMF 
(EI802), 2Khl2VMBFR ( E I 9 9 3 )  and E1280 steels. 

2 .  The creep strength of E1802 and EP280 s teels  is considerably increased 
by a 0.1 - 0.2 70 plastic deformation. Such a deformation of 1Khl2VNMF 
( E I 8 0 2 )  s teel  decreases  the creep rate  at 565°C by a factor of 2 ,  shortens 
the periodof transient creep by a factor of 2-3 ,  and decreases  the total 
deformation (during 3000hr of testing) by 500/. 

3. The relaxation stability of these steels is increased appreciably by 
preliminary plastic deformation produced by cyclic loading, by repeated 
prestressing during service,  or by a short-t ime creep. The maximum 
relaxation stability of 1JSh12VMF ( E I 8 0 2 )  s teel  at 565°C is produced by a 
plastic deformation of about 1.070 

4.  Under these conditions the residual s t r e s s e s  after 20,000 h r  of t e s t s  
on 1KhlBVNMF (EI802)  at  464°C and at an initial s t r e s s  of 30 kg/mm2 a r e  
equal t o  1 2  kg/mm2, compared t o  a residual s t r e s s  of 11.5 kg/mm2 after 
2000 hr of tes ts  on s teel  which has not undergone plastic deformation. These 
data show that this s teel  can be used a s  a bolting material  for power 
constructions. 
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AUSTENITIC HEAT-RESISTANT STEEL FOR CASTINGS 

For the construction of power plants, some high-temperature castings 
(turbine body and mountings) are required. 
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To produce cast  par ts  for s team turbines working at  600- 650°C, 
austeni te-ferr i te  s teels  have been developed with good weldability 
(1Kh20N12T-L, lKh16N9V4B (TsZh-15) and EI402M steels) .  However, 
these s tee ls  cannot be used at 700°C o r  above because of their  relatively 
low high-temperature strength. 

New austenitic casting s teels  for service at 70O-75O0C have been 
developed during the las t  years  11-31. 

The choice of the type of strengthening for s tee l  has been influenced by 
the following considerations: 

1. Good long-time heat resistance of the s tee l  can be achieved by 
precipitating severa l  strengthening phases in the s teel  during different 
stages of aging. 

2. For casting it is undesirable to  have aluminum in the s teel ,  a s  this 
leads t o  the formation of oxide layers  in the castings. Coiisequently, the 
Ni,Al strengthening phase, which i s  often present in heat-resistant wrought 
mater ia ls ,  must be substituted by another phase. 

3. F o r  good weldability, it is advisable to  make the austenitic s t ructure  
heterogeneous by the precipitation of pr imary phases during crystallization. 

FIGURE 1. Microsuucture of steel, X500: 

1-after austenitizing and tempering: b-after aging at 750°C for 5000 hr. 

Therefore ,  after investigating a number of alloys we chose a s teel  with 
the following composition, which has the optimum properties for se rv ice  and 
weldability: C, 0.25D/0-0.3~0; Cr ,  150/-1770/0; Ni, 2170-2370; W, 5.570
6.570, and N b ,  0 . 8 % - l . 2 ~ 0 .  

In the s tee l  the role of the pr imary phase which facilitates weldability is 
fulfilled by the NbC carbide. The strengthening phase during the initial 
s tages  of aging is the secondary chromium carbide (MeZ3C6),and the 
strengthening phase during the la ter  stages is the Fe,W intermetallic 
compound, which precipitates a s  highly dispersed particles after isothermal 
heating at 750°C for  1000-3000hr (Figures 1 , a  and b).  

During our studies we also chose the proper heat-treatment process .  
From the kinetic curves hardness vs temperature and hardness vs  duration 
of heating, and also by determining the short- t ime properties, we found that 

258 



.. ..--

the best  heat treatment is austenitizing the s teel  a t  1200°C for 2 h r ,  
quenching in water, and giving a stabilizing anneal at 800°C for lOhr 
followed by cooling in the a i r .  

Under these conditions a s teel  was produced that satisfies the chief 
requirements of austenitic s teel  casting for service at 700 and 750°C: 

> 13 kg/mm2.a;;:.>, 8 kg/mm2; >5 kg/mm2; u ~ , ~  

During adaptation of this s teel  t o  industrial conditions it has been found 
that in thick-walled castings, i. e., at a low rate  of cooling during crystalli
zation, the ductility of the s teel  decreases  greatly. The elongation of a 
large casting is only about one-fourth of that of wobbler-like test  specimens 
(5 and 2070, respectively). 

FIGURE 2. Microstructure of a thick-walled sand casting, X 500. 

The macrostructure of thin-walled parts (wall thickness about 2 5  mm)  
consists of a continuous zone of acicular crystals.  In castings with a wall 
thickness of 200" there  i s  a small  surface zone of acicular crystals  and 
a well-developed zone of coarse  equiaxial. crystals with the lowest ductility. 

It has been experimentally found that the rather low ductility of thick 
casting is due to  the considerable coarsening of the niobium carbide 
particles (Figure 2, a), and also to  the formation of coarse  eutectic 
inclusions, which apparently consist of a carbide eutectic according t o  the 
data of microanalysis (2, b). 

The content of chromium in this phase** is 4370,of tungsten, 137a, and 
of niobium, 1.270. 

[Long- time strength. 1 
' I  According to the data of TsNIIChermet. 
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The low ductility of thick-walled castings of this metal, which is 
particularly undesirable for weldability (formation of cracks near  hard 
welded joints) forced us  to develop a special technique of large castings 
which cool rapidly during crystallization and consequently ensure high 
ductility . 

In this method external metal  coolers a r e  used, which ensure good 
elasticity of the metal  molds and a relatively uniform cooling of the different 
sections of the casting. 

This new process  of casting was tested and improved under industrial 
conditions by this method. We produced complex-shaped ring par ts  2 .4m 
in diameter ,  260" in height. With metallic chills par ts  were produced 
with a fine-grained acicular s t ructure  along the whole section of the casting, 
and a maximum thickness of 220 mm. A small  zone of equiaxial crystals  was 
found in the upper par t  of the casting only, which also had a low ductility. 

TABLE 1. Chemical composition of the steel 

Number of 
Content of element,  q o  

heat  Cr Si Mn Cr Ni W Nb S P 

D3-17 0.26 0.26 0.75 14.99 21.06 6.30 0.96 0.017 0.028 
D3-236 0.30 0.27 0.95 16.25 22.00 6.41 0-90 0.020 0..020 
D4-285 0.30 0.29 1.06 14.65 20.10 6.40 0.80 0.008 0.018 
D5-54 0.25 0.20 1.o 14.18 21.65 6.08 0.89 0..011 0.018 
12655 0.26 0.49 1.03 16.40 22.02 5.95 1.00 0.007 0.017 
(NZL) 

The resul ts  of a study on the properties of metal  castings of different 
diameters  cast  into sand or metal molds after austenitizing at 1200°C and 
stabilizing at 800°C for 10hr  a r e  given below. 

The chemical composition of the heat studied is given in Table 1. 
The short- t ime tensile and impact tes t s  were car r ied  out a t  room and 

serv ice  temperatures .  The resul ts  a t  20°C a r e  given in Table 2.  

TABLE 2. Mechanical properties of the steel a t  2OoC 

heat casting kg/mmz kg/mmz % "lo kgm/cm 
~. 

D3-17 Wobblers Sand 34 63 20 26 2.7 
D3-236 1 / 6  rings 36 45 4.0 8.5 1.6 
D4-285 1 / 6  rings Metal 33- 36 52-61 5-15 7-16 1.7-2.0 
12655 1/6 rings 28 -36 50-61 8-21 10-30 2.0-4.0 

Number of Shape of 
Mo Id U0.P OB. b,. *. 

These data show that castings can be obtained with good properties. 
However, the ductility, elongation, and reduction of a r e a  of thick-walled 

sand castings a r e  reduced by severa l  percent. Correspondingly, the 
ultimate strength decreases  f rom 6 3  t o  45 kg/mm2 as  a result of premature 
br i t t le  failure. 
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Castings produced in metal molds have better mechanical properties.  
The elongation varies f rom 5-8 to  15-20% in different zones of the casting. 
The worst properties w e r e  found in the zone of coarse  equiaxial crystals,  
particularly near the shrinkage head. 

The mechanical properties at  700°C of thin-walled and thick-walled 
castings produced in metal molds a r e  a s  follows: u,,.~=20-25kg/mmz; 
uB =30-40kg/mm2; b5 =17--20y0; 1&=25-40%0; a k  =2.5-6.0kgm/cm2. 

The strength of the metal is little changed by prolonged (3000-5000hr) 
isothermal heating at 750°C. Under these conditions the ductility (65 and I& 
decrease to  6-7 and 10-12%, respectively. 

However, the ductility decreases  during the f i r s t  lOOOhr of heating, and 
further heating retards  this detrimental decrease.  

The same is t rue of the impact strength, which decreases  f rom 3.0 to 
1.5- 2.0 kgm/cm2 during the first 1000h r  of heating at 750°C, but it remains 
a t  the same level on further heating for 3000- 5000 h r .  

Thin-walled and thick-walled castings w e r e  tested for long-time strength 
at  700 and 750°C. Figure 3 shows the dependence of the t ime to  failure on 
the s t r e s ses  of wobbler specimens. It can be seen that ana rb i t r a ryex t r ap 
olation of these data to 100, 000 h r  fixes the ultimate strength at  700°C as 
10  kg/mm2, and at  750°C as 8 kg/mm2, which satisfy technical requirements.  

30 
N 

E 20
-5 f5 
2 f2 
" to IO 

$ 8 8 
610D 2 I, 6 8 1000 2 9 6 8 10000 2 4 6 8100000 

T i m e  to failure, hr 

FIGURE 3. Long-rime strengb of steel (thin-walled castings, D3-17 head  

The long-time strength of thick-walled specimens cast  into metal  molds 
is about the same,  i. e. ,  at  750°C 0106 is equal to 8 kg/mm2 (Figure 4). The 
elongation on failure after 2000hr of testing i s  10-120/0. 

The creep strength of this s teel  was determined at  750°C by 4000
5000hr-long tes ts .  Under a s t r e s s  of cs = 5  kg/mm2 the steady-state c reep  
r a t e  did not exceed 0.5-1.OX 10-5%/hr .  Thus, t hec reep l imi t a t  75O"Cat 
a r a t e  of 1X10-5%/hr  was not l e s s  than 5 kg/mm2, and s o  satisfies technical 
requirements.  

16 
E 12 

W 100 2 4 6 8 to00 2 4 6 8 lD000 2 4 6 8100000 
T i m e  to failure, hr 

FIGURE 4. Long-time strength of TsZhl3  s tee l  a t  750°C (thick-walled cast
ings made in metal  molds): 

1 -mel t  D4-285; 2-melt D5-54; 3-melt 12655. 
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Resistance to  scaling is also one of the character is t ics  of heat-resistant 
mater ia ls .  

The resis tance to  scaling was tested by heating in the a i r  at 750°C for 
up to  10,000hr.  The corrosion ra te  was determined from the weight loss 
and was 0.03 "/year. This metal can therefore be classified a s  res is tant  
to  scaling. 

The conditions of crystallization of TsZhl3  s teel  considerably influence 
i ts  weldability a s  regards  the formation of cracks near the joint. 

Cracks which propagate f rom the joint into the basis metal a r e  easily 
formed in brittle welds of a large casting. Similar cracks can sometimes 
appear when welding castings which were produced in metal  molds but were 
not given high-temperature austenitizing treatment. 

The formation of cracks near the weld can be avoided i f  the chill casting 
is heated to  1200-125OoC before welding and rapidly cooled (preferably 
water quenched). 

When choosing welding electrodes their  influence on the final product 
must be considered, particularly low sensitivity to the formation of 
crystallization cracks.  In addition, the metal  of the weld should be 
sufficiently heat res is tant  and have other satisfactory properties. 

We studied and recommended two electrode metals': of the lKh14N65M15V4 
type (electrodes TsT-28 and welding wire EP367) and the 3Kh15N35V3B2 
metal  (KTI-7 electrodes made of the EP198 welding wire) .  

The KTI-7 electrodes a r e  ra ther  less  suitable, since crystallization 
notches a r e  sometimes formed in the f i rs t  layers of the weld diluted by the 
basis  s teel  and with a lower niobium content (sufficient resistance to  
cracking of 3Kh15N35V3B2-type metal  in the joint i s  ensured by the presence 
of a high content of niobium carbide). Such undesirable influence of dilution 
can be removed by filling the f i r s t  layers  of the weld by means of special 
KTI-7 electrodes with a niobium-rich coating which produce a joint with a 
high content of niobium. 

At 750°C the metal of the welds produced by TsT-28 electrodes has a 
long-time strength during 100,000 hr  of 6kg/mm2; welds made by KTI-7 
electrodes have a long-time strength of 8kg/mm2 which is almost the same 
a s  that of the basis  metal. 

This welding technique successfully passed industrial tes t  on welding 
pilot-plant par ts .  

CONCLUSIONS 

W e  developed an austenitic s teel  for casting ar t ic les  for service at 700
750°C. We also developed a new casting process by accelerated crystalli
zation, which ensures the necessary mechanical properties of the metal, 
and a welding technique (filling in defects) for castings which ensures 
reliable service of welded assemblies.  

* These compositions were developed by TsNIITMash and TsKTI im. Polzunov. 
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I I I .  S T R E N G T H E N I N G  O F  S T E E L S  
A N D  A L L O Y S  

V .  D. Sadovskii, B.  D.  T i twou ,  E. N. Sokolkou, 
V.K.  Furafonov, V .D. Negodyaeu, and M .  M .  Nichkoua 

HIGH- TEMPERATURE AUSFORMING 
OF LARGE STEEL FORGINGS 

The purpose of this work is to determine the applicability of high-
temperature ausforming to strengthening large forgings of EI612K steel .  

Forgings 450 m m  in diameter  and 250 m m  thick were subjected to high-
temperature ausforming by upsetting a t  the ra te  of 0.5-l%/sec. A 25% 
deformation was obtained by upsetting under a 3 ton press  in two passes  
a f te r  heating to 1100°C. Three minutes after upsetting the forging was 
quenched in water.  

A microstructural  study showed that under these conditions high-
temperature ausforming produces a nonrecrystallized s t ructure  with 
characterist ically twisted grain boundaries. This s t ructure  is a l so  
characterist ic of fragmentation of grains .  By X-ray s t ructural  analysis it 
was found that the maximum dimensions of the fragments which form 
individual grains  is 50-100~,  and that they are disaligned by 3-5 min. 
These data were obtained by analyzing the X-ray photographs of a n  inverse 
recording method using 0.4 m m  diameter diaphragms when the distance 
between the specimen and the film was 25-30 mm. Under such conditions 
of recording the reflections from the grains  can be divided into those 
corresponding to the individual fragments.  By recording from two distances 
the dimensions of the fragments formed can be evaluated. The distances 
between the most intense reflections indicate the disalignment between the 
fragments .'* F r o m  the forgings which had undergone high-temperature 
ausforming we cut out specimens for studying the kinetics of aging and for 
evaluating the mechanical properties.  A l l  mas te r  specimens were  cut out 
f rom forgings af ter  high-temperature ausforming and a second quenching in 
water f rom 1100°C. 

A study of the kinetics of aging according to hardness (at  650°C, 7OO0C, 
75OoC, and 800°C) indicates that in mater ia l  that has  undergone high-
temperature ausforming the decomposition of the solid solution is very  
intense. Therefore, these specimens have a much higher hardness af ter  
almost any aging process  than specimens hardened in  the ordinary way 
(Figure 1). 

High-temperature ausforming has  the same  influence on the metal from 
any spot in  the forging. F r o m  these resul ts  we chose a temperature of 
aging (700°C) a t  which we treated specimens for mechanical testing at  room 
and elevated temperatures .  An evaluation of the mechanical properties by 
tensile tes ts  at  room temperature  indicates that high-temperature ausform
ing and aging a t  700°C considerably increase the strength of the steel, which 

* Data on the disalignment between the  fragments were prepared statisticaIly. 
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Duration of aging, hr 

FIGURE 1. Influence of aging on the hardness of material 
after high-temperature ausforming (T=700’C): 

1- upper; 2- middle. 

at  the same time remains sufficiently ductile (Figure 2).  Here it should be 
pointed out that differences between the strength of the metal  from different 
sections of the forgings a r e  small  (Figure 3 ) .  The high-temperature 
strength of the metal  (specimens with a 6 mm diameter working part) was 
tested at 600 and 650°C under s t resses  of 44 and 38 kg/mm2, respectively, 
after aging at  700°C for 24hr .  It was found that the time to failure at 600°C 
and under a s t r e s s  of 44 kg/mm2 was 3000-5000 h r  for specimens that had 
been given a high-temperature ausforming, compared to 500-700 h r  for 
specimens hardened ordinarily (the strength increased 6 times on an 
average).* This increase is apparently due mainly to decrease in the creep 
rate  of the ausformed steel  (elongation at  failure of specimens hardened 
ordinarily and of those hardened by high-temperature ausforming was 3-4 
and 0.7-17’0, respectively). 

N 

E 

Duration of aging, hr 

FIGURE 2. Mechanical properties of EI612K steel after high-
temperature ausforming and aging at  100°C: 

1- high-temperature ausforming; 2 - ordinary hardening. 

The  specimens were cut from the peripheral part of the forging. 
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FIGURE 3. Influence of high-temperature ausforming on rhe long
time strength a t  650'C: 

1- high-temperature ausforming; 2 - ordinary hardening. 

Tes t s  carr ied out at 65OOC and under a load of 38 kg/mm2 show that the 
strengthening produced by high-temperature ausforming is retained although 
not completely, and the time to failure is approximately doubled. These 
tests, unlike those car r ied  out a t  600°C, show that specimens which have 
undergone high-temperature ausforming have a higher ductility a t  the 
moment of failure (5-770 compared to 0.7-0.970 for specimens which have 
been quenched a second time). It is quite possible that the increase in the 
time to failure of a specimen that has undergone high-temperature ausform
ing is due to increase in the ductility of the material. A final conclusion on 
this problem can be obtained by analyzing the creep curve. 

A comparison of the heat resistance produced by high-temperature 
ausforming and by ordinary heat treatment is somewhat complicated. This 
is because ordinary hardening was performed on small  billets (cut f rom 
forgings) which had a grain s ize  different f rom that of the metal  subjected to 
high-temperature ausforming. 

Comparisons, however, can be made by means of statistical values of 
the time to failure for a given s teel  under specific testing conditions. Such 
a comparison shows that high-temperature ausforming doubles o r  t rebles  
the time to failure (this almost coincides with the conclusions based on this 
work). Finally, we should like to point out that high-temperature ausform
ing of EI612K steel  produces a yield strength that cannot be attained by any 
other heat treatment ( see  Figure 2). This together with the increase in the 
heat res is tance of the s teel  a r e  apparently of great importance. 

The favorable influence of high-temperature ausforming on the properties 
of EI612K steel  is due to at least  three factors: 

1. Intensification of aging, which leads to an  increase in the content of 
the strengthening phase and to i ts  more uniform distribution within the 
grains; this apparently increases  the strength of the metal. 

2 .  Fragmentation of the s t ructure  and the formation of boundaries 
between subgrains which form obstacles to migration of dislocations. 

3 .  Twisting of the grain boundaries, which slows down intergranular 
failure during high-temperature tes ts .  



CONCLUSIONS 

1. High-temperature ausforming at a ra te  of deformation equal to 0.5
l%a/seccan be carr ied out on large forgings. 

2.  High-temperature ausforming of EI612K steel  produces a nonrecrys
tallized structure in forgings 500" in diameter and up to 200" in 
thickness. 

3 .  High-temperature ausforming of forgings of this s i z e  increases their 
strength and their heat resistance quite uniformly throughout the diameter 
of the forging. 

4. The favorable influence of high-temperature ausforming is due to 
intensification of aging, fragmentation of the structure,  and twisting of the 
grain boundaries. 

V .  S. Ivanova and N. A .  Vorob'ev 

KINETICS OF FAILURE OF HEAT-RESISTANT ALLOYS 
DURING HIGH- TEMPERAT U R 6  DEFORMATION 

Due to the increasing demands of industry, materials which have a high 
strength at elevated temperatures must be used. 

A s  the service conditions endured by materials (higher service para
meters ,  allowance for local plastic deformations during service, and in 
certain cases  even local failure) become more rigid, parts and construc
tions must be produced with a higher safety coefficient. Therefore, the 
properties of the metal  in the region of plasticity, and the mechanisms of 
failure under various service conditions, must be tested besides the 
ordinary strength characterist ics of a metal. 

Failure is a process caused by plastic deformation which develops with 
time. It is therefore necessary to investigate the kinetics of the accumula
tion of damage during plastic deformation. 

By studying the damaging process, it is possible to find the amount of 
plastic deformation just before failure of the material  during strengthening 
processes.  

In this work we studied the kinetics of the process of damaging heat-
resistant chromium-nickel stainless steel  1Khl8NST and the nickel-base 
EI437A alloy to determine the point at which damage becomes irreversible 
under conditions of static tensile deformation at room and elevated 
temperatures.  

The chemical composition and the heat-treatment processes of these 
alloys a r e  shown in Table 1 .  

The damage was studied by direct and indirect methods. In the f i r s t  
methods cracks a r e  observed directly by electron o r  light microscopes, 
and in methods of the second type the regularity of the variation in a number 
of physical properties a s  well as mechanical and other characterist ics (the 
so-called structurally sensitive properties) is studied during the deforma
tion of metals. 
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TABLE 1. Chemical compositions and heat treatment processes of the materials studied 

Content of elements, wt 70 

Material Other 
C P Cr N i  Fe Ti ele

ments 

-1Kh18N9T 0.038 0.04 11.0 10.0 traces 0.27 

EI437A 0.04 0.008 20.3 race 0.35 2.63 0.88 

__ 

Heat treatment 

Heating to 1100°C. 
quenching in 
water 

Heating to 1150'C, 
quenching in 
water, aging a t  
700°C for 1600h1 

To find the damage to materials in the process of deformation caused by 
tensile s t r e s s e s  a t  room and elevated temperatures,  we carr ied out the 
following: 

1) electron microscopic analysis of specimens stretched to various 
elongations; 

2) determination of the variation in the electric conductivity, measured 
at  room temperature, as  a function of the degree of deformation of the metal 
a t  a given temperature; 

3)  determination of the variation in the specific energy of maximum 
deformation, measured at room temperature, a s  a function of the degree of 
preliminary deformation of the metal at elevated temperatures; 

4) determination of the dependence of the cross-sectional a r e a  of 
specimens on elongation; 

5) determination of the dependence of the Irwin cr i ter ion K l c ,  which 
characterizes the resistance to crack propagation, on the degree of 
deformation. 

We deformed cylindrical specimens with a measured length of 2 5  mm and 
a diameter of 5 mm, by the IM-4R tensile test  machine. 

The electron microscope studies were carr ied out by a TESLA BS-242 
microscope using carbon replicas applied to the unetched surface of 
deformed specimens at  an angle close to 90' without any special  shadowing. 

The electric conductivity was measured by a potentiometer device. The 
readings were taken from the most deformed region of the specimen and the 
e r r o r  was  f0.570on a basis of about 1.4" 111. 

The specific energy of the maximum deformation was determined by the 
method of Shwinning 121 by measuring the cr= f (6)  experimental curve with 
a planimeter, where o =P/F ( P  is the actual load, F is the initial c ros s -
sectional a r e a  of the specimen) and 8 = (d0/d#-1 ( do is the initial diameter of 
the specimen and di  is the actual diameter of the specimen during tensile 
tes ts) .  To determine di,  the specimen was periodically unloaded. In this 
case the specific energy of the maximum deformation characterizes the 
specific energy consumed for plastic deformation and for destruction of the 
specimen in the dangerous section. 

To plot the dependence of the cross-sectional area on the elongation, we 
measured the diameter dl in the dangerous section during the periodical 
unloadings of the specimen until i t  failed, according to the method developed 
by Oding and Liberov /3,4/ .  
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The cr i ter ion of res is tance to the propagation of cracks was found for 
individual specimens deformed to a given elongation. In this case  we used 
the method of determining Klc, suggested by Irwin /5/ for  cylindrical 
specimens with round and very sharp notches (radius  of notch 0.025"). 
If the notch decreased the cross-sectional a r e a  to half i t s  initial magnitude, 
K1c was calculated from the formula K l ~ ~ o . 4 ~ 4 U ~ D " ' ,where D is the diameter 
of the specimen outside the notch; UN is the nominal breaking force ( UN = 
=Pmax/cofch),and the energy necessary for  unstable propagation of the crack 
(per  unit length) was found from the formula 

G - K;c -Y*),1c - -(1E 

where E is Young's modulus and Y is Poisson 's  ratio. 
Figure 1 shows diagrammatically a s t r e s s - s t r a in  curve and curves 

representing the variation in the structurally sensitive properties- - of 

b 

FIGURE 1. Stress-strain curve (a)  and 
variation in the specific energy of 
maximum deformation A,, electric 
conductivity l /p.  resistance to  the 
propagationofcracks Klc,and the cross-

sectional surface area d z  during defor

mation (diagrammatic representation) (b). 

mater ia ls  during deformation. These 
include the variation in  the cross-sectional 
surface a r e a  S (curve d;) ,  the resis tance 
to propagation of c racks  (cr i ter ion Klc), the 
specific energy of maximum deformation A,,, 
and the electr ic  conductivity l / p  during 
elongation. 

F r o m  these studies the s t r e s s - s t r a in  
curve can be divided into cer ta in  sections 
corresponding to the character is t ic  changes 
in  these propert ies .  

Section 1 is character ized by a l inear  
decrease in  the cross-sect ional  surface 
a r e a  with increase in the deformation to the 
moment where this decrease s t a r t s  to lag 
behind elongation (deformation a i ) ,  and by 
an  increase in  K1c to a maximum; A, and 
l / p  do not yet change significantly; i n  
section 2, S lags  behind E and K,c de
c reases .  The values of A, and l / p  change 
little; in section 3 E >E ; ,  and S(df), Klc ,  A, 
and l / p  decrease more  rapidly. 

Examples of the variation in  s t ructural ly  
sensitive properties of the mater ia l s  we 
studied a r e  given in F igures  2 and 3 .  

Electron microscope studies (Figure 4) 
showed that plastic deformation exceeding 
ef; leads to the formation of c racks  in the 
metal. The la t te r  a r e  0 . 4 - 7 ~  in length, 

and their  maximum width is a few tenths of a micron. These -cracks &ally 
lie in  the s l i p  bands. Their  nucleation can apparently be explained by the 
dislocation theory suggested by Gilman /6/and Rozhanskii 171. 

Sometimes the c racks  nucleate in the vicinity of nonmetallic inclusions 
or of second-phase par t ic les  (Figure 4, b). A s  the degree of deformation 
increases  the number of cracks in the s l i p  bands and their  length increase, 
and at  deformations exceeding E;, microcracks a r e  formed. 
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FIGURE 2 .  Dependence of the structurally sensitive properties of lKh18N9T steel on elongation: 

a) T = 2 0 " C :  l - d : = f ( E ) ,  2 , 3 - K , ~ = f ( E ) .  4 - 1 / P = f ( E ) ;  b) T=600"C:  1 , 2 - a P = f ( E ) .  3 , 5 - K 1 ~ = f ( e ) .  
4 - d ; = ) ( e ) ,  6 , 7 - 1 / P = f ( e ) ;  C) T = 7 0 0 ° C :  l - - A p = f ( E ) ,  2 - $ = f ( E ) .  3 - 1 / P = f ( E ) .  

Thus, there is a cer ta in  connection between the changes in  the s t ructural
ly  sensitive properties and in the microstructure  of the metal  during 
stretching. 

The decrease in Klc and the lagging of S behind E (see Figure 2) confirm 
the formation of submicrocracks at  e >  $. 

a b 

FIGURE 3 .  Dependence of the structurally sensitive properties 
of the EI431A alloy on elongation: 

a )  	T=2O'C: l - d ? = f ( E ) ,  2 - 1 / p = f ( e ) ;  b) T=700*C:  1-
A p =  f (e),  2- lb = f (e). 
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F r o m  the above it follows that the process of plastic deformation from 
the s t a r t  until the spontaneous growth of the crack can be divided into the 
following three stages: 

I -accumulation of defects in the c rys ta l  lattice (dislocations and vacan
cies)  until submicroscopic c racks  s t a r t  to form in  the local volumes which 
have a cr i t ical  density of defects; 

11-growth of submicroscopic cracks to the dimensions of microscopic 
cracks;  

111-growth of microcracks to macroscopic dimensions and final failure of 
the metal. 

This sequence of processes  of failure is s imi la r  to the failure of metals 
under conditions of fatigue 181. It can, apparently, be assumed that this 
sequence of processes  is quite general  for  different methods of loading. 

F r o m  these resul ts  it is possible to construct a s t r e s s - s t r a in  diagram 
which shows not only the usual c r i te r ia  of strength (ultimate strength, limit 
of proportionality, etc.) but a lso cer ta in  values of s t r e s s e s  or deformations 
which represent  the s t a r t  of the formation of submicroscopic (u!, E:) and 
microscopic cracks (u:, e ; ) .  

A change in the structurally sensitive properties caused by deformation 
and austenitizing a t  1100°C for 30min shows that the damage caused by 
submicrocracks is reversible  ( see  Figure 2, dashed lines), while the 
microcracks cannot be annealed by such heat treatment. 

It should be pointed out that our experimental  data for ui of a mater ia l  
consisting of a uniform solid solution agree well with the calculated. 

Since no other s t r e s s  relaxation is possible, the applied s t r e s s  which 
leads to the formation of a crack is determined, according to the dislocation 
theory, by the Stro formula 1101 

u = 4 {6yG/n(1 -v) d}”*, (1) 

where y is the surface energy, G is the shear  modulus, .v is Poisson’s 
ratio, and d is the diameter of the grain.  

According to Cottrell 1111 the length of the crack produced in the region 
of accumulated dislocations can be calculated from the formula 

1 = 2yG/n (1 -v) ua, (2) 

where y, G, u and v a r e  the same a s  in equation (1 ) .  
F r o m  these formulas we calculated the length I of submicrocracks ar is ing 

during the deformation of 1Kh18N9T steel  and of the EI437A alloy, and the 
s t r e s ses  ui which induce these cracks.  The calculated and experimental 
data for 1 and for  ui a r e  given in Table 2 .  The calculated and experimental 
data for the 1Kh18N9T s tee l  agree well if  the metal  consists of a homoge
neous solid solution. The experimental data for u of aged EI437A alloys 
a r e  higher than the calculated. This is possibly because in  this case the 
s l ip  bands a r e  l e s s  than half the diameter of the grain due to the presence 
of second-phase obstacles. The magnitudes of CT; and e: can be used for 
calculating the s t r e s ses  necessary for the various strengthening deforma
tions and also for  determining the optimum conditions for thermomechanical 
treatment. 
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I Len,@ of crack 
L x IO'. mm 

7.87 2.49 1.96 0.285 0.0015 66.5 0.04-0.7 

5.77 2.49 1.44 0.326 50 

7.87 2.49 1.96 0.285 

I
I 0.02 

" 1
I 

18.2 
II 90.5 I

I 
'2

I
I -


-
~ 

.fficien )f elasicity ua ken from /12/ Ir has been vsumed that y= 0.1 Gb. 
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Oding, Gordienko, and Fridman /9/ found that the optimum and at  the 
same time maximum degree of plastic deformation for thermomechanical 
treatment of 1Kh18N9 steel  at  600°C is a 10% reduction. 

The optimum degree of deformation ~ i = l l %is close to the deformation 
which according to our data leads to the formation of submicrocracks in 
1Kh18N9 steel. The variation in the structurally sensitive properties of 
1Kh18N9 steel  is s imilar  to that of 1Kh18N9T steel  ( see  Figure 3) .  This 
shows that in this case the maximum degree of deformation in thermo
mechanical treatment leads only to the formation of submicrocracks during 
the process of high-temperature deformation. 

The experimental data shown in Figure 2, b, c, indicate that the optimum 
degree of deformation depends on temperature,  and for 1Kh18N9T steel  it is 
equal to 10% at 600°C and 1%at 700°C. 

CONC L U  SIONS 

By studying the variation in the structurally sensitive properties (e lectr ic  
conductivity, specific energy of maximum deformation, res is tance to the 
propagation of cracks,  etc .) during plastic deformation, and by electron 
microscope analysis, we found: 

1. The laws that govern failure of heat-resistant 1Kh18N9T steel  and of 
the EI437A alloy under conditions of static s t r e s s e s  at  ZOT, 6OO0C, and 
700°C. 

2.  That the process of deformation and of failure during static s t ra in  
proceeds in three stages: I - accumulation of c rys ta l  lat t ice defects until 
submicroscopic cracks a r e  formed; I1 - growth of submicroscopic cracks 
to the dimensions of microscopic cracks; I11 - growth of microscopic cracks 
to macroscopic dimensions and final failure of the metal .  

3.  The experimental values for the t rue s t r e s s e s  which lead to the 
formation of submicrocracks agree well with the theoretical, calculated 
from dislocation models for single-phase alloys. In the case  of alloys 
containing considerable amounts of a finely dispersed second phase, there 
a r e  considerable discrepancies between the theoretical and experimental 
data.  

4. We found cr i te r ia  of forces with which i t  is possible to determine the 
maximum permissible plastic deformation leading to reversible  o r  i r r e v e r 
sible damage. These c r i te r ia  can be used to choose the optimum degree of 
deformation during thermomechanical treatment.  
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L.  K.  Gavdienko, 2.G. Fridman, and V .N. Stepanov 

INFLUENCE OF TEMPERATURE ON THE STABILITY 
OF HEAT-RESISTANT ALLOYS STRENGTHENED B Y  
THERMOMECHANICAL TREATMENT (TMT) AND 
MULTISTAGE THERMOMECHANICAL TREATMENT 
(MSTMT) 

A new method of increasing the heat res is tance of s tee l  by TMT, suggested 
by Oding et  al. I 1 , 2 /  and now being developed a t  the Institute of Metallurgy 
AN SSSR 13-51 and some other institutions, has  been tested in severa l  
plants producing power units and constructional mater ia ls .  Research has  
recently been s tar ted on the adaptation of this method to industry. Special 
studies have been carr ied out on the behavior of mater ia ls  strengthened by 
TMT under various conditions of temperature and s t r e s ses  during service.  

To  produce a highly heat-resistant alloy it is very  important not only to 
obtain high strength by the known methods of thermomechanical treatment, 
but a l so  to re ta in  this strength under the prolonged action of s t r e s ses  and 
temperature .  To determine the effectiveness of the strengthening treatment, 
i t  is necessary to find the thermal  stability of the s t ructure  produced by 
TMT and to determine the maximum temperature a t  which the effect of 
strengthening is retained under a static load. The purpose of this study is 
to determine the increase in  the heat resistance (long-time strength, c reep  
resistance,  and short-time strength) produced by TMT below the recrystal
lization temperature and by multistage thermomechanical treatment 
(MSTMT) /6/ over  a wide range of s t r e s ses  and temperatures  in a number 
of mater ia ls  used in the machine-building industry. We studied the 
following materials:  heat-resistant pearlitic 12KhlMF steel ,  heat-resistant 
nickel-chromium E1617 alloy, and three types of austenitic s tee ls  hardened 
by carbide and intermetallic precipitates (1Kh18N9, EI481, EI696M). The 
thermal  stability and the upper temperature l imit  of service of these s teels  
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FIGURE 1. Long-time strength curves of: 

a- 12KhlMF steel at 585°C; b - E1617 alloy at 700'C: 
c- 1Kh18N9 steel at 650°C; 1- not strengthened; 
2- after TMT (in the case of 1ZKhlMF steel after 
MSTMT). 

were also determined. We attempted to make a general  evaluation of the 
behavior of hardening mater ia ls  using a general  diagram of the c r i te r ia  of 
creep (complex). 

LONG-TIME STRENGTH OF 12KhlMF 
STEEL AFTER MSTMT 

The experiments were carr ied out on specimens which had been cut out 
of tubes of steam boiler superheaters according to the method described in 
171. The long-time strength tes ts  were carr ied out on the following batches 
of specimens: 

a)  af ter  ordinary heat treatment (normalizing at  965°C for 2 hr,  cooling 
in the a i r ,  and tempering at  740°C for 5 hr);  

b) af ter  MSTMT of normalized specimens (the MSTMT was carr ied out 
by successive deformation of the specimens by drawing to a 1.2,  1.O, and 
0.870 reduction with intermediate heatings. After this process the ar t ic les  
were aged a t  150°C for 6 hr). 

The long-time strength curves constructed for these two batches of 
specimens a r e  shown on Figure 1,a. It was found 171 that af ter  such a 
MSTMT process the long-time strength of 12KhlMF steel  at  510°C is 
considerably increased over the whole range of s t r e s s e s .  An increase in 
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the service temperature to 585°C annuls the effect of strengthening under 
relatively high s t resses  (above 2 0  kg/mm2). However, the rate  of softening 
is rather  low (curve 2), and if the service life is more  than 100 h r  the 
strengthening produced by MSTMT increases continuously. The long-time 
strength (olo,ooo) of specimens is increased by MSTMT from 1 2  to 18 kg/mm2, 
and the service time under a s t r e s s  of 1 5kg/mm2 increases  (according to 
data obtained by extrapolation) from 2000 to 100,000 h r .  

These data were confirmed by the resul ts  of service tes ts  on sections of 
steam superheater tubes strengthened by MSTMT (in the industrial boiler 
BKZ-210-140 P T  at  the "Kievenergo" ERU system) at  585OC. We did not 
overlook the possibility that the temperature can r i s e  periodically to 6 10
630°C. The tubes which underwent this treatment had a high creep resistance 
under s t r e s s e s  that were 1.5-2.0 times those calculated during 10,000hr of 
continuous service.  This experiment shows that the method of MSTMT can 
be very useful for increasing the heat resistance and reliability of pearlitic 
boiler steel .  

INFLUENCE OF TMT ON THE HEAT RESISTANCE 
OF THE E1617 ALLOY AT 700°C 

Specimens of the nickel-chromium E1617 alloy after solution heat t reat
ment and an optimum process of TMT /4/(deformation by stretching to a 
1%reduction at 600°C followed by a polygonization anneal for lOOhr at the 
same temperature) were tested for creep on IP-5 machines at  700°C, which 
is 100°C higher than that of the previous tes ts  on the strengthened alloy 
/4-5/, An example of the creep curves i s  shown in Figure 2 .  

0 200 400 600 800 f000 /ZOO f400t.hr 

FIGURE 2. Creep curves of the E1617 alloy recorded at  
700'C: 

1- untreated; 2-after TMT; 3-untreated; 4- after 

TMT: 

1,2-u=40kg/mm2; 3.4--0=35kg/mm2. 


Under a s t r e s s  of 40 kg/mm2 the time to failure of the alloy after TMT 
was almost twice that of the untreated specimens (curves 1 and 2), but the 
ductility remained almost the same (1.7-1.9%). A s  the s t r e s s  is decreased, 
the creep strength of the alloy increases af ter  TMT. Under a s t r e s s  of 
35 kg/mm2 (curves 3 and 4) the creep rate  of the alloy after TMT is one 
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thirdofthatoftheinitialalloy(3.3. per hr) .  After 1500hr  of testing the 
c reep  of the hardened alloy proceeds at  a minimum constant ra te  (under 
these conditions the untreated specimen failed af ter  972 hr) .  The total 
duration of the test  of specimens subjected to TMT was 3000 hr,  and even 
af ter  this period the c reep  ra te  did not increase.  

Thus, the thermomechanical treatment of the E1617 alloy greatly 
increases  i t s  heat res is tance not only a t  600°C but a l so  a t  700°C. However, 
as in  the case  of pearlitic steel, strengthening is attained under s t r e s ses  of 
long duration only. 

This is particularly apparent f rom the curves representing the long-time 
strength of the alloy (Figure 1,b). At 700°C the effect of TMT is marked 
under s t r e s s e s  of less than 45kg/mm2 (i.e., af ter  200hr  of service)  as a 
resul t  of the slower softening of the treated alloy (curve 2). Under s t r e s ses  
of 35kg/mm2 the service life of specimens increases  about 10 t imes af ter  
TMT and this effect is augmented as the s t r e s s  which causes  c reep  is 
reduced and approaches the real service s t r e s ses  for  a given alloy. 

Thus, the optimum process  of TMT a t  600°C is an effective means of 
increasing the heat res is tance of the E1617 alloy at  700°C under s t r e s ses  
of less than 45 kg/mm2. 

Gordienko /8/ studied internal friction in the E1617 alloy, and showed that 
the lack of any strengthening effect of TMT under very  high loads is due to 
loss of thermal  stability of the polygonized s t ructure  as a resul t  of combined 
thermal  and mechanical activation under conditions of high temperature 
creep.  However, f rom the temperature dependence of the internal friction 
found in this work it can be assumed that under appropriate s t r e s ses  of 
creep the positive effect of TMT will be noticeable a t  temperatures  up to 
800°C. It is only a t  higher temperatures that the internal friction of the 
strengthened alloy recovers  completely, which indicates a n  i r revers ible  
annulling of the strengthening effect of the polygonized s t ructure .  

INFLUENCE OF TMT ON THE HEAT RESISTANCE OF 
AUSTENITIC STEEL lKhl8N9. COMPLEX EVALUATION 
OF THE EFFECT OF TMT BY MEANS OF GENERALIZED 
DIAGRAMS OF CRITERIA OF CREEP 

Ear l ie r  studies /4-5/ showed that TMT of 1Kh18N9 s tee l  (drawing at  
600°C to a 10% reduction followed by a 100-hr-long annealing at  600°C) is 
an  effective means of increasing the creep resis tance of this s tee l  at  600°C. 
The effect of this TMT process  has  a l so  been tested at  a temperature of 
650°C. The service temperature of s tee l  could be increased on the basis 
of the dependence of the effect of TMT on the temperature of the polygoniza
tion anneal. The curve representing this relationship has  a broad peak at  
temperatures  f rom 550°C to 650°C (Figure 3). This dependence shows that 
annealing at  650°C leads to the formation of a stable polygonized structure,  
and therefore it can be expected that a s tee l  subjected to creep tes ts  at  
650°C will have a high heat resistance.  

Creep tes ts  on specimens that had not been hardened and aged, and on 
specimens after TMT (650°C), showed that TMT decreases  the c reep  ra te  
( f rom 1.8 . lo- '  to 4.O.lO-*70 per  hour a t  u=16 kg/mm2, and f rom 1.35 . IO-' 
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to 2 .0 .  p e r  hour a t  u=15kg/mm2) and increases  the service life of the 
metal. TMT increases  the heat resis

zoo tance of the s teel  over the whole range 

2 160 
of s t r e s s e s  ( f rom 10 to 20kg/mm2). 

The long-time strength curvesc; 
fZ0 constructed from creep  tes ts  (car r ied  
80 out until failure (Figure 1,c) show that 

a f te r  TMT the 1Kh18N9 steel  softens at
40 650°C much less than af ter  the ordinary 

process  of heat treatment.  A s  a resul t  
' O D  "O 

7Hnneal.s "C of the optimum TMT process,  under 
conditions of creep at  650°C and a s t r e s s  

FIGURE3. Influence of the temperature of the Of 1 5  kg/mm2, the Service life increases  
polygonization anneal after TMT on the t ime to  f rom 250 to 2600 hr,  i.e., more  than ten 
failure of 1Kh18N9 steel creep-tested at 600'C times, and the long-time ultimate 
under a load of u =27 kghnm'. strength aloooincreases  f rom 12 to 

16.5kg/mm2. The different slopes of the 
curves of long-time strength (different ra tes  of softening) show that the 
effect of strengthening of the s teel  increases  with decrease in the creep 
s t r e s s .  

The data given above show that TMT and MSTMT of heat-resistant s teels  
lead to a considerable change in two basic c r i te r ia  of heat res is tance - the 
ability of the metal  to res i s t  deformation under conditions of creep, and its 
ability to res i s t  failure.  Fo r  constructional mater ia ls  these two cr i te r ia  
a r e  fundamental. A change in  these c r i te r ia  means the production of an 
entirely new material ,  which in  fact is achieved a s  the resul t  of TMT that 
produces a stable dislocation s t ructure  191. 

In this connection the constructional features of hardening mater ia ls  
must be considered again. The evaluation of the maximum ductility of 
alloys under conditions of high-temperature creep is of particular impor
tance in  the field of the construction of e lectr ic  machines. Oding et a l .  /1/ 
suggested a cr i ter ion which he calls ductility resource.  This cr i ter ion 
should be used to evaluate the maximum ductility of the metal  over long 
service periods when this cannot be determined experimentally because of 
the length of time that such an experiment would require .  The permissible 
s t r e s s e s  and the strength of metals required for the production of machine 
par t s  working under conditions of creep can also be found by means of this 
cr i ter ion.  

To analyze the c r i te r ia  of creep and of long-time strength, and also the 
ductility resource,  general  diagrams of creep c r i te r ia  of lKhl8N9 steels  
before and af ter  TMT were constructed for 600 and for 650°C (Figures  4,a 
and b) 111. 

The long-time strength curve and the curves representing the dependence 
of the creep ra te  on s t r e s s e s  (left and right quadrants of the diagrams, 
respectively) were plotted by means of se r ia l  creep tes t s  on s teel .  The 
ductility resource was calculated from the formula 

where u is the ra te  of established creep under a s t r e s s  u; r is the t ime to 
failure under the same s t r e s s .  
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FIGURE 4. General diagrams of creep criteria of 1Kh18N9 steel 
a t  600°C (a) and a t  650°C (b): 

1- initial state (before TMT); 2- afterTMT. 

The results of these calculations a r e  shown as straight lines in the left 
lower quadrant of the diagram together with the experimental points repre
senting the resul ts  of the direct determination of deformation accumulated 
during creep from the creep curves at  various s t r e s ses .  

The generalized diagrams of the cr i ter ia  of creep show that at  650°C 
1Kh18N9 steel  has a high resource of ductility before TMT and a considerably 
lower resource after TMT (Figure 4,b). This i s  the direct result  of a sharp 
decrease in the rate  of steady-state creep before TMT. Both before and 
after TMT the resource of ductility of the s teel  decreases  with increase in 
the duration of service at  650°C. 

At 600°C the dependence of E~ on the time to failure is entirely different 
(Figure 4,a). A s  before, the resource of ductility of s teel  before TMT 
rapidly decreases  with the time. But after TMT the opposite is true: the 
resource  of ductility of hardening steel  increases  continuously, and a f t e r  
10,000 h r  is equal to the of s teel  before TMT, and then becomes even 
greater .  This variation in the resource of ductility can  be explained by the 
sharp increase in the long-time strength of steel produced by a n  optimum 
structure of the polygonized metal for the given conditions of creep, 
particularly during long periods of service.  This shows that for the above 
process of TMT the most favorable service conditions of the 1Kh8N9 steel  
is a temperature of 600°C and s t r e s ses  corresponding to long-time service 
periods (10,000 h r  o r  more).  

279 



The above examples on the behavior of alloys with a thermally stable 
dislocation s t ructure  show that it is necessary to c a r r y  out a complex 
evaluation of the heat res is tance of mater ia ls  hardened by TMT. This 
should be based on the long-time ultimate strength, c reep  rate,  maximum 
service temperatures, and the resource of ductility, using the generalized 
diagrams of the c r i te r ia  of creep.  

INFLUENCE OF MSTMT ON THE STATIC STRENGTH 
OF AUSTENITIC STEELS PRECIPITATION HARDENED 
BY INTERMETALLIC COMPOUNDS AND CARBIDE 
PHASES 

In some branches of industry austenitic heat-resistant s tee ls  are used 
for par t s  that have to withstandvery high s t r e s ses  (close to the yield point) for  
short  t imes.  A s  an example of these par t s  we give the power rods  of 
electrically heated hoists used for industrial construction with mobile 
formwork. The efficiency, capacity, and reliability of such hoists depend 
on the strength of the power rods made of austenitic s teel  which are  periodi
cally heated by an electr ic  current  to 550-600°C and subjected to maximum 
tensile s t r e s ses  a t  elevated temperatures. 

Below we shall  give the resul ts  of a study to find the most effective 
process  of TMT for increasing the constructional strength of EI696M s tee l  
(hardened by intermetall ic compound precipitates), and of E1481 s tee l  
(hardened by carbide precipitates) under tensile s t r e s s e s  a t  500-600°C. 
We used cylindrical specimens with a diameter  of the working par t  of 6 mm 
for the EI696M steel, and 5 m m  for the E1481 s teel .  These specimens were 
prepared f rom hot-rolled rods with a 16--20" diameter .  

The purpose of the heat treatment was to increase the short-time strength 
of the steel ,  and we chose an MSTMT process  which not only increased the 
strength of the s tee l  under prolonged static loads but a l so  greatly improved 
the properties of the s tee l  under conditions of dynamic loading 14, 61. 
Prel iminary studies by micromechanical tes ts  showed that the MSTMT 
process  should be preceded b y  solution heat treatment and aging for  5-6 hr ,  
a t  temperatures  100-130°C lower than the temperature of rapid preci
pitation of intermetall ic o r  cabide particles.  In this case  the following 
initial stage of s t ra in  aging during MSTMT is very favorable for  effective 
blocking of dislocation concentrations. Micromechanical tes t s  were a l so  
very  useful �or determining the optimum processes  of MSTMT during which 
the metal  was drawn a t  room temperature (degree of deformation per  cycle, 
temperature of s t ra in  aging, total preliminary deformation, and number of 
treatment cycles).  

Specimens of EI696M s tee l  were subjected to TMT after  they had been 
cooled in the a i r  f rom 1050°C and aged for  5 h r  a t  650°C. The deformation 
produced by MSTMT was induced by drawing the specimens on an IM-4R 
machine a t  the ra te  of 2.5 mm/min, and the number of cycles of MSTMT 
varied f rom 3 to 5. The total reduction of the specimens did not exceed 30% 
(this reduction was chosen to compare the resul ts  with those obtained by a 
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single stage TMT). After each deformation cycle the specimens were held 
a t  650°C for 2 h r  (heating and cooling together with the furnace). 

I I I I 1 

r n  I I I 1 1 	 I-+ A 
,D 600 1;"C 

FIGURE 5. Influence of testing temperature on the ult imate 
strength of EI696M steel: 

1- without TMT (solution heat treatment + aging); 2- after 
3 cycles of MSTMT (ecycle=2-47a); 3- after 5 cycles of 
MSTMT (ecycle =4-6%); 4- after single stage TMT ( e =  

=307d; 5 - after 6 cycles of MSTMT (eCycle=2-4~d. 

The temperature dependence of the ultimate strength of EI696M steel  
af ter  various processes is shown in Figure 5. Three cycles of MSTMT with 
an average reduction of ecycle= 370 per cycle increased un by 2570 at  room 
temperature and by 40-4570 at  600°C. Almost the same effect was obtained 
by a single stage TMT, which produced a 3070 reduction (curve 4)  and by 
5 cycles of MSTMT with an E~~~~~ = 5.570. In the las t  case the uB at 600°C 
was increased from 60 to 95 kg/mm2, i.e., by almost 6070, but because of 
the grea te r  total deformation the high temperature ductility 8 fell from 44 
to 8-1070, while af ter  3 cycles of MSTMT i t  decreased to 18-2070 only. 

The highest strengthening was obtained af te r  6 cycles of MSTMT with an 
~~~~l~=370 (Figure 5, curve 5). In this case too the strength of the s teel  at  
room temperature was increased from 99 to 155kg/mm2 (5670). The limit 
of proportionality up increased from 52 to 145 kg/mm2 (18070), but the 
elongation remained at  1570. 

This process caused an increase in the ultimate strength (oB)a t  600°C of 
11570(from 6 0  to 130kg/mm2), and the limit of proportionality, which is 
close to the yield point, was increased by 30070 (from 34 to 135kg/mm2). 

The curves showing the temperature dependence of the strength of 
EI696M steel  after MPTMT indicate that specimens a r e  softened l e s s  by an 
increase in the testing temperature from room to 550°C o r  even to 600°C 
than by conventional heat treatment and tempering. This indicates that 
MSTMT produces a stable strength, particularly af ter  5-6 cycles.  
However, further increase in the number of cycles of MSTMT is not useful, 
since i t  leads to a decrease in the high-temperature ductility of the metal. 

In Figure 5 the properties produced by MSTMT and aging a r e  compared. 
The full effect of precipitation hardening a s  a resul t  of the low temperature 

' and of the short  heating time is not given. 
Figure 6 shows curves representing the temperature dependence of the 

ultimate strength of EI696M steel  af ter  conventional heat treatment (accord
ing to ChMTU/TsNIICHM 856-63 / lo / )  and of EI696MU steel  af ter  the most 
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effective processes  of MSTMT. The same figure also gives the temperature 
dependence of the ultimate strengh uB of EI696M s tee l  which has  not been 
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FIGURE 6. Temperature depen
dence of the strength of EI696M. 
EI696, and E1481 steels after con
ventional heat treatment and after 
MSTMT (index U). 

subjected to any special  heat treatment.  These 
curves show that there is a considerable increase 
in the short-t ime strength of the EI696M steel  
af ter  MSTMT over the whole range of tempera
tures  studied. 

MSTMT is particularly effective for  service 
temperatures of 500-600OC. The increase in 
the static strength over this range of tempera
tures  is 55-600/0. An extrapolation of the 
temperature dependence of uB to higher service 
temperatures shows that the softening of the 
s t ructure  of EI696M steel  produced by MSTMT 
s ta r t s  near 700°C. 

The E1481 s teel  hardened by carbide precipi
tates was subjected to the TMT processes  which 
had been most effective for the EI696M steel .  
The specimens w e r e  heated a t  1 0 7 0 T  for 3 hr,  
a i r  cooled, and aged at  680°C for  6 h r  (cooling 
together with the furnace). They were then 
given four cycles of MSTMT producing a reduc
tion of ecycle=4-6% p e r  pass (total  reduction 
23-2470). Between each two reductions the 
specimens were aged a t  680°C for  2 h r .  Some 
of the specimens were subjected to a single-

stage TMT with an average reduction of 24%. F o r  s teel  hardened bycarbide 
precipitates the most effective was single-stage TMT (with the same total 
reduction which increased the ultimate strength of the metal  a t  room 
temperature by 4370, and i t s  ultimate strength at  600°C by 14.5%. A 
comparison of the temperature dependence of the ultimate strength (us)of 
hardened E1481 s teel  with the l i terature  data showed that the strength 
increase at  service temperatures of 500-600°C a s  a result  of TMT can be 
17-2570. A s  in the case  of EI696M steel, TMT increased the l imit  of 
proportionality up, which is close to the yield strength b0.2, even more.  The 
l imit  of proportionality (up) of the E1481 s teel  a t  600°C was increased by 
TMT f rom 17.5  to 58.6kg/mm2, i.e., three times (MSTMT increased the 
l imit  of proportionality 2 .3  t imes).  Thus the application of this s tee l  a s  a 
constructional mater ia l  is appreciably increased. However, the general  
strength of E1481 s tee l  even af ter  the most effective strengthening is s t i l l  
l e s s  than the strength of EI696M steel  af ter  conventional heat treatment 
(Figure 6).  

F r o m  the data obtained in this work i t  can be concluded that the complex 
evaluation of the effect of strengthening produced by TMT and MSTMT from 
the temperature dependence of the short-time and long-time strengths and 
f rom a generalized diagram of c r i te r ia  of creep is necessary for the 
cor rec t  choice of permissible s t r e s s e s  and of the ductility resources  of 
mater ia ls  working under conditions of dynamic and static loads at  elevated 
temperatures.  F r o m  this evaluation together with an analysis of the 
thermal stability of hardened s teels  i t  is possible to determine the tempera
tures  and s t r e s s e s  that can be withstood by metals with a stabilized 
dislocation s t ructure .  This  wi l l  considerably widen the applicability of 
thermomechanical treatment in industry. 
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M .  I .  Zakharova, Yu. S.  Egorov, and A.  B. Iuanova 

THE STRUCTURE OF ALUMINUM AND ALUMINUM 
ALLOYS CONTAINING 3% OF COPPER AFTER 
THERMOMECHANICAL TREATMENT 

Studies during the las t  y e a r s  /1,2,3/  have shown that high-temperature 
thermomechanical treatment (HTTMT) leads  to a considerable increase  in  
the heat res i s tance  of alloys. Microstructural  studies have shown /4/ that 
HTTMT produces a substructure in  the alloys. The s ize  of this is grea t ly  
influenced by the temperature,  rate, and a l so  the degree of plastic 
deformation. 

T o  increase  the strength of metals as  much as possible by HTTMT, the 
fine s t ruc ture  a f te r  HTTMT and af ter  heating the deformed mater ia l s  must  
be thoroughly studied. 
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In this work we investigated the s t ructure  of single crystals  and poly
cr i s ta l s  of AI and of A l +  3%Cu alloys after deformation by drawing to a 
10-100% reduction a t  various temperatures.  

Single crystals  of 99.99% aluminum were produced by recrystall izing 
plates 1m m  thick, 5 m m  wide, and 100" long. The deformation by draw-

FIGURE l. Curvesrepresenting the 
true stresses during deformation of 
single crystals of aluminum by 
drawing at the rate of 1.6 m m h i n .  

The orientation of crystals towards 
the axis of tension is as follows: 
1- at 150'C [3121 it is + 3"; 2
a t  250°C [lo01 i t  is + 7'; 3- at 
630°C [3121 it is + 3"; 4- a t  
655'C [1151 it is t 7'. 

ing was carr ied out a t  the rate  of 0.07 and-1.6 mm/ 
min by a machine with automatic recording of the 
s t ress -s t ra in  curve 151. 

The structure of aluminum af ter  deformation 
a t  150°C was determined by the Laue and Guinier-
Tennevin methods, and from the s t ress -s t ra in  
curve. 

The sharp rise in true s t r e s s e s  with increase 
in deformation a t  150°C (Figure 1) shows that the 
metal  is deformed under conditions of cold 
deformation. 

The Laue spectrograms of aluminum single 
crystals  deformed a t  150°C have broad maxima 
with continuous dark fields. This proves that the 
distortion of the crystal  lattice is characterist ic 
of cold deformation. 

F rom studies by the Guinier-Tennevin method 
the disalignment of blocks produced by thermo
mechanical treatment was found. The disalign
ment of blocks increases mainly up to a 10% 
deformation. Further  increase in the degree of 
deformation to 100% does not greatly affect the 
total disalignment of blocks. The disalignment 
of crystals  with reference to the axis of drawing 
was up to 7-10' (irradiated surface a r e a  was 
80 mm2). 

An analysis of the diffraction peaks of {111} 
planes on the Guinier spectrograms, after 
aluminum single crystals  had been drawn to a 
10-100% reduction at  15O"C, shows that the 
diffraction peaks of individual blocks a r e  diffuse 
and join to form continuous blackenings over a 
range of several  degrees (Figure 2 ) .  An increase 
in the rate  of deformation from 0.07 to 1.6 mm/ 

min does not essentially change the diffraction photograph. 
This nature of the Guinier diffraction photograph shows that aluminum 

deformed a t  150°C is in a cold-worked state, which agrees  with the data 
obtained from Laue photographs and from the true s t ra in-s t ress  curves.  

After a 30-7570 deformation at  630°C the distribution of the peaks on the 
Laue photographs is the same, but each peak consists of several  smaller  
ones. This indicates that deformation a t  630°C does not lead to recrystal
lization but to disalignment of large and small  sections of the crystals  due 
to the processes  taking place during deformation. 

The lack of any strong distortions of the crystal  lattice during deforma
tion at  630°C is confirmed by the almost horizontal position of the true 
s t ra in-s t ress  curves (Figure 1).  
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X-ray photographs produced by the Guinier-Tennevin method, l ike Laue 
photographs, show that no recrystallization takes place as a resu l t  of 
deformation at 630°C o r  even a t  655°C. 
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FIGURE2. Diffraction peaks of [llIl pIanes on Guioier photographs: 

a - after deformation by drawing to a 75%reduction a t  150°C; b- after drawing to 2 36%reduction a t  630°C; 
c- after drawing to a 36% reduction st 630'C and heating for 3 hr a t  600%. 

If recrystallization had taken place, this would be evident f rom a gradual 
reduction of the diffraction peaks of (111)until they disappeared completely 
as the nuclei of the new crys ta l s  grew, and f rom formation of new diffrac
tion peaks. 

The diffraction peaks of (111)planes on the Guinier photographs show 
that the totdl disalignment of blocks in a single c rys ta l  with a surface area 
of 80"' increases  to 6-10" as in deformation at 150°C. However, the 
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diffraction photograph is quite different: it consists of clear maxima which 
are the result of reflections from individual blocks, and the disalignment 
between neighboring blocks is up to several minutes. ?%addition to these 
blocks, there are  many others which have a disalignment smaller than can 
be discerned by the Guinier method (40" at a distance between the crystal 
and the film of 50 cm). The reflections from such blocks cannot be seen 
separately (Figure Z a )  -

The sharpness of the individual small reflections indicates that after 
deformation at 630°C the single crystal consists of disaligned macro- and 
microvolumes with an undistorted lattice. The reflections are  sharp after 
both slight and considerable deformation. 

During the deformation of single crystals of aluminum at 250°C an 
increase in the degree of deformation led to an increase in the true stresses 
(see Figure l), which indicates that stress increase leads to increased 
distortion of the lattice. 

The total disalignment of the blocks after deformation of single crystals 
at 250°C is also several degrees. 

The diffraction peaks on the Guinier photographs consist of several smaU 
reflections on a continuous background formed by diffuse reflections -

The structure of the deformed crystals has also been studied by watching 
the etching pits which correspond to the distribution of dislocations. After 
deformation at 150OC and at 250°C the etching pits do not form closed 
circuits, but in aluminum single crystals that have been deformed at 655°C 
these pits form closed circuits, and thus indicate that the dislocation walls 
are located along the boundaries of the polygons (Figure 3). 

a b 


FIGURE 3. Distribution of etching pits over t he  surface of the crystalafter dravingr 

2- a t  150°Cto a 14% reduction; 6 - at 655'C to a 27% reduction. 

After deformation at  630°C the etching pits form circuits but not 
completely closed ones. A study of crystals (Figure 2) deformed at  630°C 
and at 655"C, and then heated at 630°C for  30 hr, showed that no recrystal
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lization takes place. Hence, we can conclude that a polygonized state is 
established during the deformation process at 655°C and 630°C. 

When specimens which had been deformed at 150°C and at 250°C were 
annealed, further heating led to recrystallization if the degree of deforma
tion was above the critical. 

The structure of single crystals and of coarse-grained specimens of 
A1+3% Cu alloys was studied after deformation by drawing at 560°C. At this 
temperature the alloy consists of a single-phase and cr-solid solution. 

Single crystals were produced by recrystallization. After deformation 
by drawing to a 3% reduction the specimens were heated to 350T for 20min, 
and the temperature was increased during 20hr from 350 to 550°C. The 
specimens were then held at this temperature for 25hr. The single crystals 
of the A l +  3% Cu alloy were lamellas 1mm thick, 5mm wide, and 6 cm long. 

The disalignment of the blocks of initial single crystals was equal to 
several minutes. After drawing at 560°C from a 12% to a 30% reduction, 
the disalignment of the blocks in the same volume of crystals (80 mm3) 
varied from 3 to 8", depending on the degree of deformation and on the 
alignment of the initial crystals. 

The Laue photographs of single crystals of A1+3% Cu alloys drawn to a 
20% reduction show that this process does not lead to recrystallization of 
the alloy, and does not produce any strong distortions of the lattice 
characteristic of cold working. 

FIGURE4. Diffracrion peaks on the Guinier photographs of singIe 
crysrals of A1+370Cu alloys after drawing ar 560'C to a 20% 
reduction (a); after drawing a t  560°C to a 20% reduction and 
heating a t  560-C for 27hr (bl. 

The peaks of the (111)planes on the Guinier photographs are  made up of 
individual small reflections and of a combination of reflections from neigh
boring blocks. Consequently, the structural changes in single crystals of 
Al+3% Cu alloys during deformation at 560°C lead to disalignment of small 
volumes of crystals of from several seconds to several minutes, without 
any considerable distortions of the lattice (Figure 4,a). 
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The Laue X-ray photographs of specimens that have been heated af ter  
deformation a t  560°C for 27 h r  show no recrystallization. The peaks of the 
(111) planes on the Guinier photographs indicate that no continuous back
ground exists, and there is a cer ta in  enlargement of individual reflections 
(Figure 4,b). 

If the alloy is heated for 27 h r  a t  40°C below the melting point, no rec rys 
tallization occurs .  This shows that deformation of Al+ 3%Cu alloys a t  
560°C leads to polygonization which is very  stable a t  elevated temperatures .  

The s t ructure  of coarse-grained aluminum specimens af ter  deformation 
a t  150°C and 630"C, and of the Al+3%Cu alloy af ter  deformation a t  560°C, 
is similar to the s t ructure  of single crystals  deformed under the same 
conditions. 
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I .  A .  Epshtein 

INFLUENCE OF LOW- TEMPERATURE THERMO-
MECHANICAL TREATMENT (LTTMT)  ON THE 
PROPERTIES OF MANGANESE AUSTENITIC STEELS 

A s  austenitic s teels  in which nickel is partially o r  completely replaced by 
manganese are being introduced into industry, it  would be interesting to find 
out whether the heat res is tance of these s teels  can be increased by thermo
mechanical treatment.  

We chose chromium-manganese s teel  of the Kh14G14N3T (E1711) type, 
which contains 0.01% of boron (nominal). Kh14G14N3T (EI711) s tee l  is used 
instead of Kh18N9T s tee l  in the construction of electric furnaces for par t s  
used a t  temperatures  up to 7OOOC. 

By modifying Kh14G14N3T (EI711) s teel  by the addition of boron, the 
c reep  l imit  was increased 1.5-1.7 t imes.  

We chose the following process  of LTTMT: quenching from llOO°C, 
cooling in the air, and cold working (drawing) to a 10, 25, 50, and 60% 
reduction. 
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Cold working during thermomechanical treatment leads to the formation 
of martensite in amounts which increase with the degree of deformation 
(Figure 1). 

FIGURE 1. Snucture of steel after Iow-temperature thermomechanical neatment produced b y  drawing to 2 

10% reduction (a); and to a 2570reduction (61, X300. 

The magnetic saturation of steel after a 60% deformation is about 
4500 gauss, which corresponds to about 25-3070 of the magnetic component 
of steel. 

Ueg tee  of deformation 
produced b y  drawing. % 

ETGURE 2. InfIuence of 
low-temperature thermo
mechanical nea tmem 
on de  mechanical 
properties of steel. 

Time, hr 

FIGURE3. m e n c e  of pro
longed heating at 7 0 W  on me 
snengtk of steel-

I- X=O%; Z-L=25%. 
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Low-temperature thermomechanical treatment leads to a considerable 
increase in the strength of s teel  during short-t ime tes ts  (Figure 2 ) .  This 
increase is retained over the whole range of testing temperatures from 20 
to 700°C. 

The increase in the ultimate strength produced by this treatment is not 
retained a t  elevated temperatures,  and heating to 700°C decreases  the effect 
of thermomechanical treatment (Figure 3).  

Thus, heating for 2 h r  at  700°C decreases  the ultimate strength from 54 
to 48 kg/mm2, and heating for  5 h r  to 32 kg/mm2. 

The ultimate strength of nondeformed steel  at  700°C is about 20 kg/mm2. 

f0 

7 
z c5 "IO0 ~ 200 300 500 700 1000 2000 3000 5000 I0000 
a 

Time,  hr 

il e2  b 

FIGURE 4. Dependence of the creep limit on the deformation 
produced by high-temperature thermomechanical treatment, 

= 700'C: 

a-6=0.5%; b-6=1'1.; l - h = l O % ;  Z-X=ZS%.  

Figure 4 shows the ultimate strength of steel  at  700°C a t  an elongation of 
0.5 and 1.070. It can be seen from this figure that low-temperature thermo
mechanical treatment with a reduction of 10% has almost no influence on the 
ultimate strength of the Kh14G14N3TR steel .  A s  the degree of deformation 
is increased, there is a tendency toward a decrease in the creep resistance.  

Under a l l  the s t r e s s e s  studied, specimens with a 25% reduction have a 
lower creep limit than s teels  that have not been subjected to cold working. 

Time,  hr 

FIGURE 5. Dependence of the long-time ultimate strength on 
the degree of deformation produced by low-temperature 
thermomechanical treatment: 

1- X=Oqo; 2- X=2570:  3- X=6070. 
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The specimens for long-time strength tests were cut from rods that had 
been drawn to a 25 and 60% reduction (Figure 5). It was found that deforma
tion to a 60% reduction leads to a sharp drop in the long-time ultimate 
strength (by a factor of approximately 1 .5  during 1000hr) .  In addition to 
the decrease in the absolute long-time ultimate strength there is a change 
in the slope of the curve plotted in the log a vs .  log T coordinates, and the 
rate  of steel  softening increases .  

Thus, low-temperature thermomechanical treatment greatly increases  
the ultimate strength of steel  during short  tes ts  because of the formation of 
a metastable state.  A t  elevated temperatures this strength increase 
diminishes a s  the time of testing is increased. 

M .  G. Lozinskii,  A .  S. Nikishov, N.  Z.  Pertsovski i ,  and 
Yu. I. Kaplin 

INFLUENCE OF HIGH- TEMPERATURE THERMO-
MECHANICAL TREATMENT ON THE HEAT 
RESISTANCE OF KhN70VMTYu ALLOY 

Great attention has been paid during the las t  years  to exploring new 
sources  of strength of constructional metals in order  to improve their 
performance under s t r e s s  at  elevated temperatures.  One of the promising 
methods of increasing the strength of metals at  elevated temperatures is 
high-temperature thermomechanical treatment (HTTMT), which combines 
plastic deformation at  elevated temperatures with hardening. 

Later  we shall  discuss some resul ts  of studies on different processes  of 
high-temperature thermomechanical treatment, by hot forging billets of the 
nickel-base heat -resistant E16 17 (KhN70VMTYu) alloy. 

b 

‘so J 

FIGURE 1. Schematic representation of the initial upsetting (a), and of high-
temperature rhermomechanical treatment (b), of E1617 billets. 

For  the high-temperature thermomechanical treatment we used 2500 ton 
crank presses .  To fix the effect of hot working the billets were quenched in 
ice water that was continuously agitated by compressed a i r .  The time that 
elapsed between the end of forging and the s t a r t  of quenching was about 
0.5 sec .  The influence of the rate  of cooling on the effectivity of high 
temperature thermomechanical treatment was found by cooling some billets 
in a i r  during al l  the experiments. 
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Time 

FIGURE 2. Heat treatment according to technical specifications 
(a). and experimental high-temperature thermomechanical 
treatment processes (b- d) of E1617 alloys. 

High-temperature thermomechanical treatment was car r ied  out on flat 
billets with a shape and size similar,  within certain l imits,  to those of 
billets used to drop forge turbine vanes. The formation of the c r o s s  section 
of a billet is shown in Figure 1. The f i r s t  operation was upsetting 32 mm 
diam. rods (the initial length of the billet was 90-95 mm) a t  1190°C to flat 
billets 20 mm high (Figure l ,a) ,  and cooling in a i r .  These billets were 
subjected to different high-temperature thermomechanical treatments (see 
below) during which they were further upset to a height of h k  (Figure 1,b).  
The degree of deformation produced by high-temperature thermomechanical 
treatment was calculated from the change in height of the billet: 

A schematic representation of heat treatment according to technical speci
fications (TS) and of several  experimental processes of high-temperature 
thermomechanical treatment of E1617 alloy is shown in Figure 2 .  We shall  
discuss the following chief processes:  1) treatment according to technical 
specifications (Figure 2,a); 2)  process I : high-temperature thermomechani
ca l  treatment a t  llOO°C after a preliminary hardening of the billets 
(Figure 2,b); 3 )  process LI: the same at  1050°C (Figure 2,c); 4) process III: 
high-temperature thermomechanical treatment at  1100°C without preliminary 
hardening (Figure 2,d). After a l l  these processes the metal  was aged 
according to technical specifications. During each process of high-
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temperature thermomechanical treatment the billets were upset to a 9-1270 
reduction (processes  Ia, IIa and IIIa) and to a 20-2570 reduction (processes  
Ib, IIb and IIIb). The specimens w e r e  then cooled in water and in the a i r .  
Thus, we studied 12 different high-temperature thermomechanical treatment 
processes.  A preliminary investigation showed that these processes  of high-
temperature thermomechanical treatment very effectively increase the heat 
resistance of the alloys studied at  service temperatures.  

Results of short-time tensile tests on specimens of the EI611 alloy at  700-800'C* 

process Reduction, 
% 

Testing tem-
perature, 'C 

'J0.a. 
kg/mm2 

'JBI 
k g h "  

6.. 
70 

TS (21.5) 700 63.5 96.5 10.2 15.2 
Ia 10.9 13.4 104.5 16.2 19.0 
Ib 24.0 80.0 105.2 14.4 11.5 

IIa 8.9 15.2 99.6 13.4 15.2 
IIb 21.5 85.0 103.0 12.0 14.6 

IIIa 12.9 80.8 101.3 15.1 18.1 
IIIb 23.5 85.2 105.8 10.8 15.6 

TS (21.5) 750 61.5 89.0 8.0 9.6 
Ia 10.9 70.3 91.4 11.8 15.9 
Ib 24.0 19.6 98.8 12.7 16.8 

IIa 8.9 13.2 96.5 15.5 18.0 
IIb 21.5 83.2 91.5 9.9 14.8 

IIIa 12.9 19.4 98.2 13.5 18.1 
IIIb 23.5 83.5 98.0 10.3 22.4 

TS (21.5) 800 59.8 11.5 6.5 9.3 
Ia 10.9 - 11.6 12.0 12.0 
Ib 24.0 76.7 83.0 10.6 12.0 

IIa 8.9 72.3 88.5 11.1 17.2 
IIb 21.5 80.5 88.5 8.6 16.2 

-IIIa 12.9 85.4 11.8 21.4 
IIIb 23.5 15.2 85.0 10.3 20.9 

* The average data were calculated from two-three specimens. The high-temperature thermomechanical 
treatment was always carried out by quenching the billets in  water. 

The long-time strength tes t s  were carr ied out on a YaB-1M machine 
under the following conditions: 1) T=7OO0C, 0 = 5 0  kg/mm2; 2)  T=750"C,  
o=40kg/mm2; 3 )  T=800°C,  a=30kg/mm2. For the short-t ime tensile tes ts  
a t  700, 7 5 0 ,  and 800°C an IM-4R machine was used. The bil lets were 
studied metallographically before and af ter  aging, and their  hardness was 
measured. We also studied the microstructure of some specimens af ter  the 
long-time strength tes ts .  

The hardness of the E1617 alloy a t  20°C af ter  high-temperature thermo
mechanical treatment and aging is 15-2070 higher than that of the same alloy 
af ter  treatment according to technical specifications (Hv= 330-380 kg/mm2 
and 290-315 kg/mm2, respectively). 

The table gives the resul ts  of short-time tensile tes ts .  After high-
temperature thermomechanical treatment with a 9-1270 reduction, the yield 
strength (uo0.Ja t  700-800OC is 15-2570 higher than that of the alloy af ter  
treatment according to technical specifications, but on is only 5-1070 higher. 
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In specimens deformed to a 20-2570 reduction, 
ultimate strength increase by 25-35 and 5-150/0, 

500 r 
400 

300 

zoo 
f 00 

n 

UI TS l a  / b  Ba 
E 

the yield strength and 
respectively. 

FIGURE 3. Average t ime to failure (in hours) of E1617 speciments at  700, 750, 
and 8OO'C under tensile stresses of 50. 40, and 30kg/mm2, respectively: 

1- heat treatment according to technical specifications: 2- high
temperature thermomechanical ueatment followed by cooling in air: 
3- high-temperature thermomechanical treatment followed by quenching 
in water. 

The variation in the ductility i s  more complex. We found that an 
increase in the reduction produced by high-temperature thermomechanical 
treatment decreases  ductility, but that ductility increases  if  the temperature 
is raised from 700 to 750-8000°C. For  example, a t  700°C the reduction of 
a rea  of specimens af ter  high-temperature thermomechanical treatment is 
in the f i r s t  case 1.2-1.3 times, and in the second case 1.5-2 t imes the 
reduction of a rea  of specimens after heat treatment according to technical 
specifications. 

Because of the large number of high-temperature thermomechanical 
treatment processes  we carr ied out on EI617, the long-time strength tes ts  
were limited to the determination of the time to failure a t  700, 750, and 
800°C under the above tensile s t r e s ses .  Under these conditions the master  
specimens had a life of 100-200hr. The resul ts  of these tes ts  a r e  shown 
in Figure 3.  The numbers above the columns designate the mean time to 
failure in hours (average of two-three tests) of specimens of E1617 alloys. 
The numbers below the columns (on the abscissa) designate the treatment. 

The time to failure of specimens treated according to technical specifi
cations is 175hr  a t  cs=50kg/mm2and 700°C. After high-temperature ther
momechanical treatment the time to failure is 1.5-2.5 t imes a s  much. The 

294 

-------.-....-.--.--.--------'....-'...-...~..-.1...111..~ ......II..... ,.I11111111 11111.11111.1111 11.1 I 1
1 1 1 1  



heat resistance of the alloy increased most after high-temperature thermo
mechanical treatment according to processes Ia and IIa (forging at  1050°C 
and 1100°C to a 9-1270 reduction and a preliminary hardening according to 
technical specifications); these specimens failed af ter  350-450 h r .  

However, under the given conditions of testing processes Ib and IIb 
(s imilar  to processes Ia and IIa except that the reduction produced by high-
temperature thermomechanical treatment was 20-2570), and also processes 
IIIa and IIIb (high-temperature thermomechanical treatment at  1100°C without 
any preliminary hardening) proved to be sufficiently effective and the time 
to failure of the specimens was 250-350hr. 

A t  750°C and u=40kg/mm2 the mean time to failure of the master  speci
mens w a s  120 h r .  Under these conditions of testing high-temperature 
thermomechanical treatment increased the life of specimens 1.5-2 t imes.  
The high-temperature thermomechanical processes that produce a 9-1270 
reduction (processes Ia and IIa, and also IIIa) which increase the time to 
failure to 180-240hr a r e  the most effective. An increase in the reduction 
by forging to 20-2570 (process  Ib) is less  effective, and after processes IIb 
and IIIb the specimens have a shorter  life than those obtained by heat 
treatment according to technical specifications. 

At 800°C and u=30 kg/mm2 the time to failure of the master  specimens 
was 82.5hr .  In this case processes Ia and IIa were again the most effective, 
and increased the time to failure to 120--15Ohr, i.e.,  1.5-1.8 t imes.  An 
increase in the degree of deformation to 20-2570 during high-temperature 
thermomechanical treatment a t  1100°C (process Ib) gives worse resul ts .  
High-temperature thermomechanical treatment by process IIIa does not 
increase the time to failure above that of the master  specimens, and 
processes IIb and IIIb lead to a time to failure shorter  than that obtained by 
heat treatment according to technical specifications. 

Despite the fact that high-temperature thermomechanical treatment of 
E1617 alloys by processes I and JI increases their strength, their  long-time 
ductility over the whole range of temperatures that we studied does not 
decrease, and sometimes even increases.  Fo r  example, after heat treat
ment according to technical specifications the reduction of a r e a  at  800°C and 
at  u=30 kg/mm2 was 6.970, and after high-temperature thermomechanical 
treatment according to process Ia it was 8-970 after quenching inwater,  and 
10-1270 after cooling in a i r .  Processes  IIIa and IIIb, which under the given 
conditions do not increase the heat resistance of the alloy (process IIIa a t  
800°C, and process IIIb at  750 and 800°C), considerably increase the ductili
ty (Yk=18-2570) at  750-800°C. 

According to / l / ,  the maximum heat resistance of the E1617 alloy at  
service temperatures (700--800°C) is obtained after double hardening and 
aging (see  Figure 2).  Preliminary hardening according to technical speci
fications (heating to 1190°C, holding at  this temperature for 2 h r ,  andcooling 
in the air ) ,  ensures the necessary grain growth and the maximum alloying of 
the solid solution, and repeated heating to 1050 and 1100°C in the high-
temperature thermomechanical treatment proper acts  a s  a second hardening. 

High-temperature thermomechanical treatment with a reduction of 
9-1270 carr ied out according to processes I and II produced almost no 
recrystallization in the microstructure of the billets. High-temperature 
thermomechanical treatment with a 20-2570 reduction according to the same 
processes ( I  and 11) leads to a limited recrystallization along the boundaries 
of the initial grains - the new grains occupy not more than 10-20% of the 
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total surface of the microsection. It has been experimentally found that in 
E1617 alloys these processes  do not lead to a recrystallization during sub
sequent hardening or long-time strength tes ts .  

The beneficial influence of these two processes of high-temperature 
thermomechanical treatment on the heat resistance of ,the E1617 alloys is 
possibly due to polygonization and to an increase in the content of strengthen
ing phases (particularly of the intermetallic y'-phase) which precipitate 
during aging. A s imilar  increase in the content of the strengthening phase 
was found in E1481 austenitic s teel  /2/ and in the EI437B alloy 131. It should, 
however, be noted that an increase in the degree of deformation during high-
temperature thermomechanical treatment from 9-1270 to 20-2570 apparent
ly leads to more  intense diffusion processes  on further heating, which 
somewhat accelerates the over-aging of the alloy. This is apparently why 
processes  Ib and IIb a r e  l e s s  effective than processes  Ia and IIa. 

This was confirmed ear l ie r  during a study on the influence of the degree 
of deformation during high-temperature thermomechanical treatment on the 
heat resistance of the E1617 alloy. In these experiments an increase in 
reduction during drop forging from 9 4 2 %  to 20-25% had little influence on 
the heat resistance of the material ,  but a 30-3570 reduction always greatly 
impaired i t .  The more  intense recrystallization which took place in the 
more  deformed specimens can clearly not fully account for the decrease in 
the long-time strength.  It has  been found / 4 /  that partial  recrystall ization 
does not annul the favorable effect of high-temperature thermomechanical 
treatment on the heat resistance of a number of alloys. 

A s  already mentioned, a short  single-stage heating to 1100°C during high-
temperature thermomechanical treatment (process  111, Figure 2) consider
ably increases  the heat resistance of the E1617 alloy a t  700-750°C only. 
This fact agrees  fairly well with the data of 151, in which a s imi la r  treatment 
had no favorable influence on the long-time strength ( l 0 0 h r )  of the E1598 
(KhN7OMVTYuB) alloy above 650°C, although the composition of this alloy 
differed very little from that of the E1617 alloy. In /5/ i t  is reported that 
the efficiency of high-temperature thermomechanical treatment of E1598 
alloys above 650°C is considerably decreased. This is apparently because 
the solid solution i s  not sufficiently alloyed, and process 111 does not involve 
double hardening. 

Thus, the heat resistance of the E1617 alloy is most effectively improved 
by processes  Ia and IIa because of the optimum combination of the operations 
of heat treatment and work hardening. 

A study on the influence of the rate  of cooling during high-temperature 
thermomechanical treatment on the long-time strength of the E1617 alloy a t  
700-8OO0C did not show that quenching in water is preferable to cooling in 
a i r  (see Figure 3) .  Metallographic analyses indicated that processes  Ia and 
IIa (9-12% reduction) produce almost the same structure,  and processes  Ib 
and IIb (20-2570 reduction) lead to a somewhat grea te r  recrystall ization as 
the result of a i r  cooling. It should also be remembered that processes  I 
and 11, during which the metal  is cooled in the a i r ,  considerably improve 
the ductility of the alloy. 

Hence, from a l l  these data we consider that the optimum process  of high-
temperature thermomechanical treatment of the E1617 alloy is drop forging 
a t  110O-1~5O0C to a 9-1270 reduction and a i r  cooling of preliminarily 
hardened bil lets.  
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Our resul ts  indicate that high-temperature thermomechanical treatment 
is very useful for drop forging turbine vanes from E1617 alloys. 

CONCLUSIONS 

I .  High-temperature thermomechanical treatment of E1617 alloys 
increases  their short-t ime strength and their  ductility at  700-800°C. 

2 .  We found the optimum process of high-temperature thermomechanical 
treatment which ensures  the greatest  increase in the long-time strength of 
the E1617 alloy at  700-800°C. 
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E. N .  Sokolkov, M. A. Smimov, M. G. Gaidukov, 
and M. M. Shteinberg 

INFLUENCE OF THE TEMPERATURE OF 
PRELIMINARY PLASTIC DEFORMATION ON THE 
LONG- TIME STRENGTH OF AUSTENITIC STEELS 

The strengthening of age-hardening s teels  after thermomechanical treat
ment, consisting of a combination of plastic deformation, hardening, and 
aging, is greatly influenced by the preliminary work hardening and by the 
degree of decomposition of the solid solution during aging. An increase in 
the temperature of preliminary deformation from 20 to 1100°C in order  to 
decrease the work hardening should generally lead to a decrease in the 
strength of the metal  /1 ,2 / .  However, the strengthening is greatly influ
enced by the processes of aging of the deformed material .  These features 
differ for the various types of precipitates. Thus, preliminary deformation 
not only intensifies the precipitation of a carbide phase but also greatly 
accelerates i ts  coagulation. Preliminary deformation has a smaller  
influence on the coagulation of the Ni,[Ti, All intermetallic compound. The 
preliminary decomposition during cooling from the homogenizing temperature 
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to the temperature of deformation can also have different effects on the 
processes  of the precipitation of carbide and intermetallic phases during 
subsequent aging /1,2/ .  

Thus, the temperature of the preliminary deformation can affect the 
strengthening of s teels  hardened by carbide and intermetallic precipitates 
differently 121. These differences a r e  apparently a l so  observed in the high-
temperature mechanical properties.  

In this work we studied the influence of plastic deformation a t  tempera
tures  from 2 0  to 1100°C on the high-temperature strength of two age-
hardened s teels  with carbide and intermetallic precipitates. 

METHODS 

We used the s teel  EI481, age-hardened by carbides of chromium and 
vanadium, and the EI612K steel, hardened chiefly by the y’-phase (Ni3[Ti,A l l ) .  
The chemical compositions of these s teels  a r e  given in Table 1 

TABLE 1. 

TY Pe 
of steel N i  Mn Co V Mo N b  

E1481 7.5 8.9 - 1.25 1.23 0.25 
- -EI612K 0.08 36.1 - 3.8 

-~ 

For  the plastic deformation at l100°C-200C grooved rolling mills were 
used, and the billets were rolled a t  a ra te  of 15m/min to a reduction of 
25-3070. The 13X13X7Omm billets were f i r s t  heated to 1180°C and held at  
this temperature for 1 h r  45 min (E1481 steel) ,  or for 2 h r  (EI612K steel) .  
The specimens were then cooled to different temperatures within the range 
of 1100-40ODC, and held for 3 min. The billets were then deformed and 
immediately (after not more than 0.2 sec) quenched in water.  This prevented 
any recrystall ization because of the high temperatures of deformation. One 
batch of billets was quenched in water without any preliminary cooling, and 
some were deformed after quenching at room temperature.  

The degree of decomposition of these s teels  was evaluated from the 
variation in the lattice parameters  of austenite by means of a URS-501 
apparatus, using an iron target (line 311)a, with an accuracy of f 0.0003 kx. 
The fine s t ructure  of the s teels  was determined from the shape and con
struction of the ( 2 2 0 ) ~and (311)P reflections on the X-ray photographs 
obtained in a Kros-1 chamber with a chromium target and a fixed adapter 
and specimens. The initial X-ray was limited by two diaphragms with a 
0.4 mm diameter.  The distance between the specimen and the adapter 
was 28”. 

The electronmicroscope studies on the s t ructure  were carr ied out with 
a BS-242 microscope and carbon replicas.  

TsKTI-2 machines were used for the long-time strength tes t s .  The dia
me te r  of the specimens was 5 mm, and the calculated length 30 mm.  We 
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found the time to failure and the steady-state creep rate  a t  650°C, which is  
the service temperature for both types of s teels .  Fo r  the short-t ime high-
temperature tensile tests a P5-type machine was employed. The specimens 
of E1481 steel  were drawn at  the rate  of 0.16 mm/min, and the specimens of 
EI612K steel  at  the rate  of 0.4mm/min, so  that the durations of the tes ts  
were almost the same (15 min) for specimens of different ductilities. 

RESULTS AND DISCUSSION 

Figure 1 shows the dependence of the mechanical properties of E1481 
steel  subjected to two-stage aging- (660" for 16  hr  + 760°C for 16 hr)  on the 

temperature of preliminary deformation. 
It can be seen that preliminary cold 
working does not increase the short-time 
strength character is t ics  at  650°C af ter  
ordinary aging, despite the existence of 
preliminary work hardening and the 

a 	 considerable increase in the content of 
carbides due to a more intense decom
position.* This can be explained by the 
greatly accelerated coagulation of the 

Ab 
carbide phase (Figure 2,b) and possibly 
by intense relief of preliminary work 
hardening of the matrix / l / .  The yield 
strength and the ultimate strength a r e  
increased if  the deformation is carr ied 
out at 400"C-800"C only, i.e., when the 
rate  of coagulation of the carbides 
(Figure 2,c) and the intensity of relief o 
preliminary work hardening during aging 

FIGURE 1. Dependence of the mechanical 
properties of E1481 steel (a)  and of the t ime 
to  failure (b) on the temperature of preli
minary deformation: 

Aging a t  660' for 16 hr + 760' for 16 hr; 
1-without deformation; TteSt=650"C. 

a r e  lower than in the previous case.  
After high-temperature deformation at  

1000--1100"C, the E1481 s teel  also has a 
somewhat lower strength than nondeformed 
steel .  This is  due to the detrimental 
influence of premature decomposition 
during cooling and deformation on the 
dispersion of carbides precipitated during 
aging (Figure 2,d) /l/. Specimens 
deformed a t  1180°C have a higher strength 
than those deformed at  1000-1 100°C. 

This is because there is no premature decomposition of the solid solution. 
Comparative creep tes ts  at 650°C under a s t r e s s  of 38 kg/mm2 (see  

Figure 1) show that specimens subjected to preliminary deformation at  
20-800°C do not have a lower creep rate  or longer time to failure than 
nondeformed specimens, despite the work hardening and higher content of 

*If  we assume that the degree of decomposition of the hardened (without deformation) and aged specimen is 
100%. then the decomposition of a specimen subjected to cold deformation and aging will be 125%. The 
data of X-ray structural analysis agree with those of a study on the precipitated carbides. 
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FIGURE 2. S n u c m e  of EL4481 steel af ter  quenching (a),after deformation ac ZO'C (61, at 600°C (c), 2nd 1100°C 
(d), followed by aging at 660°C for 16hr+ 760°C for 16hr. X 7500. 
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carbide phase. This is apparently due to the smaii  dispersion of the 
strengthening phases.  In this case the preliminary work hardening of the 
matr ix  produced by deformation at  20-800°C (followed by relaxation during 
aging) cannot compensate for the negative influence of the low dispersion of 
the strengthening phase on the properties of this steel .  It is also possible 
that the fine s t ructure  produced by the above processes  of deformation and 
aging is not effective in increasing the creep strength of s tee l  under the 
given conditions of testing. 

High-temperature deformation at  1000"C-llOO°C (see Figure 1) increases  
the time to failure of E1481 s tee l  5-7 times, and decreases  the creep ra te  
f rom 8.0 . to 2.5 - 4.0  . 10-37~/hr. It is important to note that this effect 
is produced despite the low dispersion of the carbide phase in the specimens 
af ter  high-temperature thermomechanical treatment. Apparently, this 
increase in the c reep  strength of s teel  is due to the fine s t ructure  produced 
by high-temperature deformation 131. A study of inverse X-ray photographs 
showed that high-temperature deformation at  1000-1 180°C leads to the 
formation of a fragmented structure.  This is confirmed by the separation of 
the reflections (220)a and (311)p which correspond to individual grains  into a 
large number of sub-spots. According to the data obtained from X-ray 
photographs the fragments are 10-loop in size, and the angle of disalign
ment between them var ies  f rom a few minutes to ten t imes this value 
(Table 2) .* 

T A B L E  2. Dependence of the angle of disalignment 6 between the fragments on the 
deformation temperature 

~ 

E1481 steel EI612K steel 
Deformation 

temperature, "C range of 6 .  6av* range of 6, 6av8 
m in min min min 

-~ 

1000 3-18 9 4- 16 9 
1100 3-21 12 6- 23 14 
1180 6-21 17 10-32 21 

We should expect this fragmented structure with boundaries reinforced by 
impurity atoms and carbide particles to effectively inhibit creep and increase 
the time to failure. It i s  a lso possible that the wavy grain boundaries, the 
resul t  of high-temperature deformation, also increase the time to failure. 
It has  been found /4/ that wavy grain boundaries can inhibit the development 
of intergranular failure during creep tests.  

An increase in the deformation temperature to 1180°C leads to a consider
derable decrease in the time to failure (Figure 1) due to the presence of 
recrystall ized grains  formed during high-temperature deformation. 

It has  already been mentioned that plastic deformation, which leads to an 
increase in the precipitation of intermetallic phases, accelerates  the coagu
lation of these phases less than that of carbides.  Therefore, all processes  
of deformation of EI612K steel  (20°C-1100"C) lead to a considerable 
increase in the amount of the ?'-phase during subsequent aging a t  700°C for 

The dimensions of the fragments could not be determined more accurately because of the great diffuseness 
of the sub-spots. 
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25 hr,  but accelerate its coagulation very little. This greatly increases the 
short-time strength of the above metal a t  650°C (Figure 3).  This increase 

FIGURE 3. Dependence of the mechanical 
properties of EI612K steel (a) and of the 
t ime to failure (b) on the temperature of 
preliminary deformation: 

Aging a t  700'C for 25hr;  1- without de
formation; TteSr= 650'C. 

is also favored because the presence of a 
finely dispersed phase in deformed speci
mens inhibits the relief of work hardening 
during aging. 

Cold working greatly increases the 
strength character is t ics  (yield strength 
and ultimate strength a r e  increased by 
60 and 4070,respectively), since this 
treatment gives a higher work hardening 
of the matrix and a more complete preci
pitation of the strengthening phase during 
aging than other treatments 121. If the 
temperature of preliminary deformation 
is increased, the increase in strength 
decreases monotonously because of the 
decrease in the amount of preliminary 
work hardening and in the intensifying 
influence of plastic deformation on aging. 
Plastic deformation is favorable for 
strengthening steel  i f  i t  is carr ied out at 
elevated temperatures (1000-1 1O O T ) ,  
since in contrast to the case of E1481 
s teel  there is  no detrimental influence of 
premature decomposition during cooling 
and of deformation on aging 121. Thus, 
high-temperature thermomechanical 
treatment a t  1100°C can increase the yield 
strength by 25% and the ultimate strength 
by 15%. 

Preliminary deformation at  20-1 100°C 
followed by aging leads to a considerable 

increase in the time to failure and to a decrease in the creep rate  of EI612K 
steel  a t  650°C (see Figure 3) .  The maximum increase in the creep strength 
can be achieved by deformation a t  20°C and at  600°C, i.e.,  under conditions 
which produce the highest work hardening of the matrix and lead to the 
precipitation of the maximum amount of intermetallic phases during aging. 
Thus, these processes of preliminary deformation decrease the creep rate  
of s teel  under a load of 45 kg/mm2 from 17-18. lo-' to 5-6. 10-3%/hr. A t  
the same time, the time to failure increases 15-20 times. Preliminary 
deformation at 20°C and at  600°C can lead to an increase in the long-time 
strength ( l 0 0 h r )  at  65OoC of 35-4070. 

If the temperature of deformation is increased to llOO°C, the increase in 
the time to failure is less  and the creep rate  decreases .  Thus, high-
temperature thermomechanical treatment at  1100°C increases the time to 
failure to 3-6 times that of the nondeformed metal, and reduces the creep 
rate  to 18-20 .10-3%/hr.  The increase in the long-time strength (100hr) is 
only 10-15%. The increase in the long-time strength of EI612K steel  
produced by high-temperature thermomechanical treatment is due to an 
increase in the content of the strengthening phase and to fragmentation of 
the s t ructure .  
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It should be pointed out that despite their  wavy grain boundaries, speci
mens that have undergone high-temperature thermomechanical treatment a t  
1000--1100°C have a small  elongation during the third stage of c reep  (in 
contrast  to specimens that have undergone other processes  of deformation). 
This is possibly due to the increase in the density of the particles of the 
strengthening phase formed near  the grain boundaries during aging 121. 

Thus, we found the different dependence of the t ime to failure on the 
temperature of preliminary deformation for the s teels  studied under almost 
s imilar  conditions of testing (temperature and testing procedure). The 
long-time strength of EI612K steels  is considerably increased by prelimi
nary deformation processes  which lead to the formation of a large amount 
of a finely dispersed strengthening phase during aging. In the E1481 steel, 
in which a combination of plastic deformation and aging does not lead to 
optimum dispersion of the strengthening phase because of considerable 
coagulation, an increase in the long-time strength can be obtained only by 
processes  of thermomechanical treatment which ensure fragmentation of 
the s t ructure .  

It should, however, be pointed out that the long-time tes t s  on s teel  were 
relatively short, and were carr ied out a t  moderate temperatures.  If the 
testing temperature is increased and the test  prolonged, the role of the 
stability of work hardening produced by plastic deformation may increase.  
This in turn may change the dependence of the long-time strength on the 
temperature of preliminary deformation. The above assumption is con
firmed by the data in Figure 4, which indicate that if  the acting s t r e s s e s  
a r e  reduced to 38 kg/mm2 (i .e. ,  i f  the duration of the test  is increased),  the 
time to failure of cold-worked EI612K specimens is shorter  than that of 
specimens deformed at  600°C. Apparently, this is because the changes in 
the fine s t ructure  produced by deformation a t  elevated temperatures  a r e  
more  stable than the changes introduced by cold working. 

Time to failure. tu 

FIGURE 4. Dependence of the long-time strength of EI612K steel 
a t  650'C on the temperature of preliminary deformation. 

Aging a t  7OO'C for 25hr;  1- without deformation; 2- deforma
tion a t  11OO'C; 3- the same at 600'C; 4- at 20'C; TteSt=65O0C. 
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CONCLUSIONS 

The peculiar influence of plastic deformation on the processes  of precipi
tation and coagulation of carbide and intermetallic phases leads to different 
dependences of the high-temperature mechanical properties of E1481 and 
EI612K steels  on the temperature of deformation during thermomechanical 
treatment.  In the E1481 steel, which contains carbide precipitates, the 
short-time strength a t  650°C increases  only i f  the deformation is car r ied  
out a t  400-800°C, and an increase in the long-time strength is ensured i f  
the deformation is car r ied  out a t  1000-1 100°C. 

All the processes  of deformation (20°C-1100"C) studied lead to an 
increase in the short-time and long-time strengths (at  650°C) of EI612Ksteel 
containing intermetallic precipitates. These properties are increased most  
af ter  deformation a t  20°C and a t  600°C. 
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N.  S. Alferova and T .  M .  Bogdanova 

INCREASE IN WORKABILITY DURING PRESSING OF 
HEAT-RESISTANT STEELS OF THE MARTENSITIC 
AND MARTENSITIC -AUSTENITIC TYPES 

The experience gained in pipe plants shows that a number of high-strength 
chromium steels  with a low content of nickel and additions of tungsten, 
molybdenum, vanadium, niobium, aluminum, etc ., are very  difficult to 
press  in the cold state.  Even after being softened by heat treatment these 
s teels  have a high strength and a low ductility as a resul t  of alloying, leading 
to appreciable distortions of the lattice of the solvent metal  and of age 
hardenings, martensit ic deformations, and other processes  which are 
detrimental  to workability. 

We therefore began to study ways of increasing the workability of high-
strength s teels  during pressing. We started by investigating possible 
methods of increasing the workability of martensit ic and martensit ic
austenitic s teels  by better softening heat-treatment processes, by hot 
rolling, and by rolling supercooled austenite. 

We used the high-strength heat-resistant EP56 and EP451 s teels .  
The f i r s t  s teel  is martensit ic and has  a high resis tance to tempering as 

the resul t  of precipitation of niobium carbides.  The second s tee l  is an age-
hardening martensitic-austenitic steel ,  which hardens when heated to 
350-600°C. 

The character is t ic  feature of both these steels is the low-temperature 
of the CY -y-transformation, and the existence of a considerable hysteresis  
of the polymorphic transformation on heating and cooling. The cr i t ical  
temperatures  of the polymorphic transformation, determined dilatometri
cally for EP56 steel, a r e  at  625°C and 785°C on heating, and a t  -250°C ( M , f )  
on cooling. For the EP451 s tee l  the range of the 0-7  transformation on 
heating is 63O"C-76O0C, and on cooling it is -125°C ( M f ) .  For both these 
steels the temperature of the end of the martensit ic transformation is below 
0°C. The supercooled austenite of both s teels  has  a high stability even if  
cooled together with the furnace (1.5-Z0C/min), and the decomposition of 
austenite leads to the formation of martensite (Figure 1). 

The softening of these s teels  before plastic deformation is particularly 
difficult because of the high resistance of the EP56 s teel  to softening, o r  
the age hardening of EP451 steel, the low temperature of the a-y t rans
formation, and the high stability of austenite during continuous cooling. 

A study of the mechanical properties of forged billets and hot-rolled 
tubes in the as-delivered state (without heat treatment) showed that the 
EP56 and EP451 s teels  have a high strength, and what is even more  
important their  yield strength and ultimate strength are  very  close.  These 
s teels  have a low ductility a lso (for EP56: u,, =125.0-145.0 kg/mm2; (3, = 
=118.0-130.0kg/mm2; 6,= 6.0-9.0%; and for EP451: 0,=107.0kg/mm2; 
U T= l o 1  kg/mm2; 6, = 7.00/0). This combination of propert ies  makes cold-
rolling very  difficult. 

To  develop a softening heat treatment for  EP56 s tee l  we s tar ted f rom 
the theory that a decrease in the effective content of carbon and niobium 
( in  the y-solid solution) leads to softening of the martensi te  and a decrease 
in the resis tance of s tee l  to softening. The content of effective carbon and 
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of alloying elements depends on the temperature of heat treatment.  It was 
experimentally found that the minimum strength of EP56 steel af ter  harden
ing is produced by cooling from temperatures near  the A,, point (780OC
82OOC). Subsequent tempering below the A,, point (tempering temperature 
59O-61O0C, while A,,= 625°C) considerably decreases  the strength and 
increases  the ductility of the s teel .  

a 

b 

" f0 102 to3 104 IO5 
Time, sec 

FIGURE 1. Thermokinetic diagrams of the decomposition of aus
tenite during continuous cooling: 

a -EP56 steel; b - EP451 steel. 

Thus, a maximum softening of the EP56 s teel  is possible by heat t reat
ment consisting in normalizing a t  780-820°C, and tempering a t  59O0C
610°C for  2 h r .  The mechanical properties of the s teel  af ter  this heat 
treatment a r e  a s  follows: ub= 96.2 kg/mm2; U, = 81.5 kg/mm2; 6,=14.70/0; 
@ = 65.070; ak=13.7 kg/cm2. The hardness H,= 306. 

F r o m  the experience gained in producing tubes from EP56 s teel  it was 
found that the properties obtained by heat treatment made it possible to 
draw tubes, but only to a limited degree of deformation. It should be 
pointed out that the above heat treatment is too complicated for industrial 
conditions because of the very narrow permissible range of tempering 
temperatures,  and the closeness of this range to A , .  Heating above A,, 
leads to a sharp increase in the strength and to a drop in the ductility of the 
steel, while tempering below 550°C leads to embrittlement of the steel .  A s  
a result, the necessary properties a r e  difficult to attain and the drawing of 
tubes becomes complicated. 

It was experimentally shown that the EP451 steel, like other austenitic
martensit ic steels,  cannot be transformed into martensite by a i r  hardening. 
The s teel  consists of martensite, austenite, and o-ferri te,  irrespective of 
the austenitizing temperature (we studied the range of 800--135O0C), and 
therefore it was experimentally found that the hardened tubes cannot be 
drawn on the KhPT mill. 
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FIGURE 2. Dependence of the mechanical properties of steel 
containing supercooled austenite during ordinary heating on 
the testing temperature: 

1-ordinary heating; 2-supercooled austenite: 3-properties 
of supercooled austenite a t  elevated austenitizing temperatures. 

By heat treating this s teel  we failed to obtain properties that wouldenable 
a normal  process of plastic deformation on cold rolling mills.  All attempts 
to produce cold-drawn tubes of EP451 s tee l  have so far been unsuccessful. 

It w a s  experimentally found that hot drawing tubes from EP56 and EP451 
s teels  is not more  advantageous than cold drawing. In addition, deformation 
at elevated temperatures  is accompanied by further development of disper
sion hardening processes, which lead to inhibition of the softening of EP56 
s tee l  and to a certain increase in the yield strength; this r e s i s t s  the initial 
stages of plastic deformation of EP451 s tee l  (Figure 2 ) .  

Low-temperature thermomechanical treatment, which consists in 
deforming supercooled austenite followed by quenching to martensite,  is 
normally used to increase the strength of low- and medium-alloyed con
structional and tool s teels .  The above s teels  have sufficiently high 
workability during both hot and cold pressing. 

We attempted to use low-temperature thermomechanical treatment (in 
the field of supercooled austenite) to improve the workability of s tee ls  with 
a high hardness because of alloying and therefore difficult to cold work. 

It is well known that it is much easier to cold work metals  with a face-
centered cubic lattice than metals  with a body-centered cubic latt ice.  In 
the s teels  we studied the y-phase (supercooled austenite) should have 
cer ta in  advantages over  the 0-phase for  plastic deformations. The high 
stability of supercooled austenite i n E P 5 6  and EP451 s tee ls  a t  200--600°C 
indicates that these metals  can be deformed in the austenitic s ta te  a t  tem
peratures  suitable for the operation of cold working mills (up to 600°C). 
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We studied the mechanical properties of EP56 and EP451 s teels  consist
ing of supercooled austenite a t  200-600°C and af ter  ordinary heating to the 
same temperatures,  and plotted the s t ress -s t ra in  curves .  We showed that 
the strength and ductility of these s teels  a r e  higher and also the range and 
nature of work hardening a r e  more favorable for rolling supercooled 
austenite than for  rolling heated metals ( see  Figure 2). Thus, in the case 
of ordinary heating the yield strength of the EP451 s teel  even increases  
( f rom 78.5kg/mm2 at  room temperature to 92.0kg/mm2 at  200-300°C). The 
yield strength of the EP56 s teel  a t  200-300°C is only 2-3 kg/mm2 lower 
than a t  room temperature.  At the same time supercooling austenite a t  the 
same temperatures  leads to a sharp decrease in the yield strength (24.0
30.0kg/mm2 for EP451 s teel  and 38.0kg/mm2 for EP56 s teel) .  The ductility 
of both these s teels  consisting of supercooled austenite increases  1.5 and 
1.7 times, but the ductility remains unchanged if  the s teels  a r e  only heated 
to the same temperatures .  

An increase in the austenitizing temperature leads to further reduction 
in strength and to an increase in the ductility of the supercooled austenite 
( see  Figure 2). 

The influence of the conditions of testing on the properties of s teeldiffers  
because in these s teels  plastic deformation at  200-600°C (hot rolling) is 
different from deformation of supercooled austenite. This is because the 
s t ructures  of the s teels  differ. At 200-600°C the s t ructure  of the s teels  is 
heterogeneous. EP56 s teel  then consists of an cr-solid solution, a certain 
amount of y-solid solution, and a disperse carbide phase, but EP451 s teel  
consists of an cr-solid solution, a y-solid solution, and dispersed Ni,A1 
intermetallic particles. If, however, supercooled austenite is deformed, 
the s teel  consists only of austenite (with smal l  contents of a - fe r r i te  in both 
s teels) .  It is c lear  that deformation will be more difficult in the f i r s t  case  
than in the second. 

The f i rs t  experiments on drawing 50x2, 5x300" tubes of EP56 steel, 
which consists of supercooled austenite, were carr ied out on a continuous 
drawing mill, and confirmed the data of laboratory studies. 

Thus, our investigations indicated a way of improving the workability of 
alloyed high-strength martensitic and martensitic-austenitic s teels  by 
working them a t  the temperature of supercooled austenite (low-temperature 
thermomechanical treatment). 

Besides the above advantages, i f  supercooled austenite is deformed no 
special anneals a r e  necessary between operations. 

9 

A .  A .  Chizhik 

A NEW METHOD FOR INVESTIGATING CREEP 
AND RELAXATION IN METALS AND ALLOYS 

We developed a new method for testing creep and relaxation in metals 
that requires  no complicated apparatus and can be used for large-scale 
relaxation tes ts .  Soft specimens a r e  used with a working part shaped like 
a cylindrical spring and a square (rectangular) c ros s  section (Figure 1). 
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FIGURE 1. Specimens for testing creep and relaxation. 

With these specimens expensive and complicated devices are unnecessary, 
and the accuracy of the measurements of creep deformation is appreciably 
increased. F o r  the first time a large-scale evaluation of the c reep  strength 
of boiler tubes of any shape, including tubes of superheaters,  sc reen  tubes, 
and tubes of heat exchangers, has been possible. 

Specimens for large-scale tes ts  on creep and relaxation can be prepared 
from billets of any dimensions. To  obtain the same resul ts  it is only 
necessary that the rat io  of the average diameter of the specimen D,, to the 
width 2cr be constant. Therefore, this method can be used for large-scale 
relaxation tes t s  on metals and alloys, particularly when I. A.  Oding's method 
with ring specimens is difficult because of the preparation of the specimen. 

In this work we shall  discuss three variants of tes ts  car r ied  out accord
ing to this method: 1) creep tests; 2)  relaxation tests; 3 )  evaluation of creep 
strength according to data of relaxation tes ts .  Each of these var iants  w i l l  
be discussed separately.  

CREEP TESTS 

Creep tes ts  were carr ied out under conditions of direct  load. Compres
sion (tension) of spring specimens leads to a twisting of the working coils, 
and to an i r revers ible  distortion of the c ros s  section of coils under condi
tions of creep.  This distortion leads to certain mathematical difficulties 
during the calculation of s t r e s ses  in specimens of this shape. 

We calculated the steady-state creep by torsion in a sector  of a ring 
(springs with small pitches) of rectangular c ros s  section. This calculation 
was based on the existence of an exponential law connecting the creep ra te  
( H )  and the s t r e s s  (T),H = B T m ,  where B is a coefficient; m i s  thecoefficient 
of creep.  By introducing the function of s t r e s s  u ,  the system of equations 
on the equilibrium and common ra tes  of c reep  is reduced to a complex 
nonlinear differential equation of the second order ,  with partial  derivatives 
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where 

R is the average radius of the spring; a is half the base of the spring 
coil; i=R/a is the coil index. The magnitude of P ( a t  m> 1) is a quasilinear 
differential operator of the elliptic: type, with degeneration along the corners  
and a t  one of the internal points of  the field, which influences numerous 
functions that meet the extreme conditions at  contour G :ug= 0. 

Integration of the nonlinear differential equation (1) during the formulation 
of the above extreme conditions was carr ied out on a digital computer 
"Ural-2" by the Kantorovich-Newton method of consecutive approximations. 
At each approximation step formula (1) is substituted by a formula which is 
l inear with respect to the function of s t r e s s e s  to the n-th approximation 

where P'(un_Jun is the Gat0 derivative of the nonlinear operator.  The 
conversion of the P'(un-J operator was carr ied out by the Ritz method. F o r  
function u we assumed the existence of a double sine expansion which auto
matically meets  the limiting conditions for the field contour. A s  an initial 
approximation we took the solution of the formulas of torsion of the sector  
of the circumferential  ring of the rectangular section in the elastic field. 
Our calculations showed that: a)  the steady-state c reep  of spring specimens 
leads to redistribution of the initial elastic s t r e s s e s  leading to a decrease 
in the maximum s t ress ;  b) the nature of the redistribution of the tangential 
s t r e s s e s  depends on the magnitude of m, and i t  is also a function of the 
geometry of the specimen (of the coil index i); c)  the s t r e s s e s  become more  
symmetr ical  a s  a resul t  of their  redistribution; d) if  the coil index i is 
increased the distribution of stresses becomes s imi la r  to that of the torsion 
of a straight rectangular rod. 

Our calculations show that the maximum stress in spring specimens can 
be calculated from the formula 

where M = P . R  is the torsion moment; P is the axial  force; R is the average 
radius of the spring; a is half the base section of the spring; b is half the 
height of the coil pitch. The coefficients fo r  different m and p = b/a  
values a r e  given in Table 1. 

To calculate the equivalent s t r e s s e s  during direct  c reep  tes t s  we-
assumed that Geq  = V3zmax. 

To determine the connection between the ra te  of compression of springs 
during creep, E,, and the creep rate  during monoaxial stretching, E s r  
a fictitious or equivalent beam is introduced. In such a case the spring 
is substituted by a beam with a straight axis.  During axial  deformation 
the rigidity of the beam corresponds to the rigidity c of a spring specimen 
determined experimentally before the test.* 

* The rigidity C is the force (in kg) necessary for a 1mm elastic compression of a spring specimen. 
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T A B L E  1. Coefficients ymax for different values of m 

2 1.037 11.677 0.512 1 1 . m  
3 0,637 11.475 0.425 11.387 
4 11.525 (1.497 0.400 0.375 
6.5 

i o  
11.437 
l1.4(1Il 

0 ,387 
11.962 

0,362 
0.350 

11.350 
( I .  337 

2 I .400 0.850 0.700 (I.  6:Jn 
3 0.9511 11.680 0.600 0.56U 
4 0.800 11.620 0.570 0.540 
6.5 0.705 11.590 0.550 0.525 

i o  0.630 0.540 (1.510 0.500 
p:b/a=2.0 

2 2.250 1.425 1.175 1.050 
3 1.575 1,125 1.000 11.925 
4 1.355 1 .(I50 0.937 0.887 
6.5 1.2110 0.9132 0.875 0.837 

10 1.I187 0.012 n.x5o 0.812 

11.425 11.375 
l1.3i5 0.325 
11.350 n.325 
11.337 0.312 
11.325 0.312 

0.590 0.520 
0.540 0 .5110 
0.520 0.500 
0.505 ( I .  490 
0.480 0.460 

0.975 0.875 
0.875 ( I .  8UO 
0.850 n ,800 
0.825 I) ,787 
ll . i i5 11.762 

in a spring are uniform, and if  the cylindrical specimen is subjected to a 
monoaxial stretching, the above relationship can be written as 

where E is the modulus of normal  elasticity a t  20°C; W is the resis tance 
moment during torsion of a straight rectangular rod with parameters  
corresponding to the dimensions of the actual coils of the specimen. 

The above relationships were experimentally verified for  EP182 s tee l  
specimens a t  580°C, and for 1Kh18N9T s tee l  specimens a t  600°C. O u r  
theoretical calculations of s t r e s ses  were based on three assumptions: 1)there 
is no redistribution of s t resses ;  the s t r e s s e s  were calculated f rom the 
formulas which hold for the torsion of a straight rod in the elastic field; 
2) the redistribution of s t r e s ses  can be represented by formula (2 ) ;  and 
3 )  a complete redistribution of s t r e s ses  takes place, which corresponds to 
ideal plastic torsion of a straight beam. 

To find out to what extent the resul ts  of c reep  tes ts  on spring specimens 
agree with the resul ts  of creep tes t s  on cylindrical specimens, and which 
method of calculation of s t r e s ses  in spr ings is preferable,  we plotted the 
resul ts  in logarithmic coordinates as graphs representing the dependence 
of the creep ra te  on s t r e s s  (Figure 2). It can easily be seen that the resul ts  
of c reep  tes t s  on spring specimens are more  scattered. Nevertheless 
Figure 2 shows that the best  resu l t s  a r e  obtained by testing specimens of 
both s tee ls  according to the second assumption on the relationships which 
exist  under conditions of steady-state c reep  of spring specimens. In fact, 
the average discrepancies between the theoretical  and experimental data 
over  the range of c reep  r a t e s  of (10-600) .10-6%/hr are 8% for EP182 s tee l  
and 6,5% for  1JSh18N9T steel .  Calculations on the above relationships, 
without taking into account the redistribution of s t resses ,  is not permissible 
since the average differences are 48-54%. Calculations based on an  ideal 
plastic torsion involve considerable e r r o r s  a l so  (13-1 5%). 
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a 

b 

FIGURE 2. Comparison of experimental data on the creep 
strength of spring specimens with the data of direct tensile 
tests: 

a- EP182 steel (580°C); b- 1Kh18N9T steel (SOO'C); 
1- standard creep tests; 2- process 1; 3- process 2; 
4- process 3. 

A characterist ic feature of this method of testing creep is the high 
accuracy of the measurement of small  deformations. According to assump
tion (3) the specimens used for se r ia l  tes ts  ( see  Figure 1) a r e  equivalent 
to cylindrical tensile test  specimens with a working length of about 
1250 m m  from the point of view of the accuracy of deformation measure
ments. This method can thus be used to study creep a t  low r a t e s  of 
deformation. 

RELAXATION TESTS 

Relaxation tes t s  a r e  carr ied out by a method s imilar  to that for testing 
ring specimens with the same bending strength. Indentations were made on 
the tip of the tubes by a diamond pyramid, using a Vickers tes ter .  These 
indentations a r e  used to measure the deformation of creep. The specimens 
were tested in batches of 20-30 pieces and were loaded by compressing 
with nuts to a given initial position. We used cylindrical bushings of 
moderate length a s  a wedge that maintained a constant total deformation. 
This is the basic condition for pure s t r e s s  relaxation. 

To use this testing method to evaluate the relaxation stability of heat-
resistant materials,  a method for converting the data obtained by testing 
spring specimens into data representing relaxation by stretching o r  bending 
(Oding's method) had to be developed. This involved solving the problem of 
relaxation of rectangular springs with small  pitches. The solution of this 
problem was based on the principle of minimum additional forces  during 
deformation, and the data obtained were a s  follows: a)  the intensity of 
relaxation of spring specimens is determined by the geometry of the coil 
and by the creep factor; b) if  the maximum initial s t r e s s  is the same, the 
relaxation of spring specimens becomes more rapid a s  the curvature of the 
coil increases  (smaller  coil index); c) i f  the coil index is above 6, at  the 
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same initial s t r e s ses  the relaxation of spring specimens is almost the same 
as during torsion of a straight rectangular beam. 

These calculations lead to the following formula representing the depend
ence of the maximum tangential stress on the normal  s t r e s s  during monoaxial 
stretching o r  bending by Oding's method 

The coefficients p for spring specimens with square coil  sections are 
given on Table 2 .  F r o m  a review of these data it can be concluded that: 
a) the coefficient p is little influenced by the c reep  factor and can be 
considered to be constant irrespective of the curvature of the coil; b) if  we 
consider that the permissible e r r o r  'during the calculation of stresses in 
ring specimens is 570, and take into 1account the scattering of the test  results,  
it  is obvious that the use of the cri terion u e s - f l ~ m a x  to calculate the initial 
equivalent s t r e s ses  for  spr ings a t  i > 3 can give identical relaxation curves 
for both methods over a wide range of temperatures. In other words, if  we 
choose the initial equivalent s t r e s ses  correctly,  the ring method of 1.A.Oding 
and the method of testing spring specimens will give the same resul ts  under 
conditions of relaxation; c) the agreement between the relaxation curves 
under conditions of monoaxial stretching during testing of spring specimens 
(using the cr i ter ion ueq-=fl~~~,,~) is reflected by the same  agreement between 
the relaxation curves for monoaxial stretching and for ring specimens i f  
OSU ='bend' 

T A B L E  2. hlagnitudes of coefficient p for rectangular spring specimens 

I P .  monoaxial stretching P. bending by Oding's method 
i -R, l l  

I l l 1 I I I I I I 

With the above cr i ter ion it is possible to obtain a dependence between the 
upsetting of the spring during relaxation and the equivalent s t r e s ses  
( s t r e s ses  induced by monoaxial stretching) 

where A is the upsetting of spring spec,imen; K 2  is a coefficient; 2a and 26 
are the s ides  of the c r o s s  section of the coils; R is the average radius  of 
the specimen; C is the rigidity; EZo and E t  a r e  the moduli of normal  
elasticity at  20°C and a t  the testing temperature, respectively (equivalent 
s t resses) .  These relationships should be used to determine the initial 
upsetting of spring specimens corresponding to  the initial s t r e s s  DO. 

The coefficients K 2  are given below: 

b/a . . . . . . 1.0 1.5 2.0 3.0 5.0 10.0 
Ka . . . . . . 0.208 0.231 0.246 0.267 0.294 0.312 
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TO check these relationships experimentally we carr ied out comparative 
relaxation tes t s  on spring specimens and rings with the same  bending 
strengths, made of EP182 s teel  at  580°C and 1Kh18N9T steel  a t  600OC. The 
initial relaxation curves of these s teels  a r e  given in Figure 3, and show that 
there is good agreement between the theoretical and experimental resul ts .  
The greatest  differences between the s t r e s s e s  do not exceed 5% during 2000 h r  
of testing. Since the tes ts  were carr ied out in different laboratories with 
different equipment, this difference does not exceed the possible experimen
tal  e r r o r .  

a 

Time, hr Time, hr 

FIGURE 3. Comparison of relaxation curves of spring and ring specimens with the same resistance to  
bending: 

a- EP182 steel (580'C); b- 1Kh18N9T steel (600'C). 1- ob=12kg/mm2: 2- 16kg/mm2; 3
2 0  kg/mm2 for ring specimens: 1' , z '  ,3'-the same for spring specimens; 4- Ob =IO kg/mm2; 
5-14kg/mm2: 6-18kg/mm2: 7-25kg/mm2 for ring specimens; 4 ' , 5 ' , 6 ' , 7 ' - t hesame  for spring 
specimens. 

The above theoretical calculations and experimental data show that the 
method of relaxation tes ts  on spring specimens is quantitatively equivalent 
to I. A. Oding's method, and can be used a s  an independent method for 
evaluating the relaxation stability of metals and alloys. 

EVALUATION OF THE CHARACTERISTICS OF CREEP 
STRENGTH BY DIRECT EXPERIMENTS (RELAXATION 
TESTS) 

Relaxation tes ts  on soft specimens a r e  the easiest  way of evaluating the 
creep strength of heat-resistant mater ia ls .  This method can be used on a 
very large scale .  One of the advantages is that a low creep ra te  can be 
determined with a high degree of accuracy, and it is possible to study the 
process  of creep under variable loads by a few tests  only. The method for  
determining the character is t ics  of creep strength (deformation and steady-
state creep ra te )  from relaxation tes ts  is indirect, and is based on the 
assumption that the mechanisms of relaxation and creep a r e  the same.  

The phenomenological problems on the connection between relaxation and 
creep a r e  discussed in the work of A.  A.  Chizhik." Methods for calculating 

* Chizhik, A. A. The Relationship between the Phenomena of Relaxation and Creep in Metals and Alloys. 
Collection of articles "Properties and Uses of Heat-Resistant Alloys." - Izdatel'stvo "Nauka." 1966. 
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FIGURE 4. Histograms of the distribution of the deviations of the theoretical 
data from the experimental on creep saength for different theories on creep: 

a - theory of flow; b- theory of aging; c- theory of hereditary phenomena; 
d- combined theory. 

the character is t ics  of creep strength from data on relaxation have been 
developed from theories on flow, aging, hereditary phenomena, and com
bined theories. In this work we shall  discuss the resul ts  of the experimen
tal  verifications of the relationships obtained for spring specimens made of 
6 different metals (EP182, EI802, 1Kh18N9T, EI695R, EI572, and EI612) 
over a wide range of temperatures.  The resul ts  of theoretical calculations 
on relaxation during creep were compared with the resul ts  of direct  
experiments for  two characterist ics of creep strength: deformation and rate  
of deformation during steady-state creep. 

The resul ts  of these comparisons on deformation during creep showed 
that the average deviations for the s teels  studied a r e  a s  follows according 
to the theories of flow, 10.5y0; aging, 16%; hereditary phenomena, 7700;and 
combined theory, 9.50/0. This shows that the resul ts  of calculations accord
ing to these theories do not differ much (the deviation of the average values 
was only 5- 970). 

To compare the theoretical and experimental data on creep rate  during 
steady-state creep, we used elements of statist ical  analysis.  The number 
of experiments carr ied out according to the three theories (theory of flow, 
theory of aging, and combined theory) was 155, and the theory of hereditary 
phenomena was checked by 28 experiments. The resul ts  obtained by 
comparing the creep l imits a r e  given in Figure 4. The statist ical  agree
ment between the theoretical and experimental data on the creep limit a r e  
plotted on the ordinate (for a given range of deviations) and the deviations 
from the creep limit obtained by tensile tes ts  on the abscissa .  The best 
agreement between the theoretical and experimental data, a s  in the case of 
ring specimens with the same bending strength 111, is given by the theories 
of flow and hereditary phenomena. For these theories the differences 
between the calculated and experimental data a r e  not grea te r  than *lo%. 
The greatest  discrepancies were obtained for the theory of aging, where 
the calculated values on the creep limit are on an average 10% less than 
those obtained by tensile tests.  The combined theory gives intermediate 
resul ts .  
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These resu l t s  show that relaxation tes t s  on spring specimens can be 
used for  large-scale  determinations of the character is t ics  of c reep  strength 
of heat-resistant metals .  This method is simple, does not require  any 
expensive equipment, and can be car r ied  out in any industrial laboratory. 

N .  V. Ageev, S. G. Glazunov, L .  A .  Petrova, 
G .  N .  Tarasenko, and L .  P. Grankova 

SHORT-TIME AND LONG-TIME STRENGTH OF 
THE 8-ALLOY OF THE T i - Mo- CY- F e - A1 
SYSTEM A T  ELEVATED TEMPERATURES 

The p-titanium alloy (Ti-770 Mo-5.570 Cr-370 Fe-3% Al) heated for 
one hour a t  800"C, quenched in water, and aged a t  550°C and 525°C for  1 5 h r  
(processes  1 and 2), a t  500°C for  2 0  h r  (process  3), or at  450°C for  50 h r  
(process  4), and then cooled in the a i r ,  has the following mechanical 
propert ies  a t  room temperature:  a=140-170 kg/mm2; 6=10-570/0;@=22-1170. 
The mechanical properties of the alloy treated according to processes  1 and 
2 changed little when the alloy was held at the required service temperature 
of 35OOC for 100, 500, and lOOOhr (Table 1) .  This shows that a t  350°C this 
alloy is thermally s table .  

TABLE 1. Mechanical properties of alloy 
-

Mechanical properties (7r M Z h a n i c a 1  properties 
Heat-treatment 1-

1 
Heat-treatment 

process 

Process 1 
The sa me + 3 50"- 100 tu 

" " +350'-500hr 21.4 +350'-500hr 
" " 15.1 

COMPARISON OF THE HEAT RESISTANCE OF THE 
ALLOY SUBJECTED TO DIFFERENT HEAT-
TREATMENT PROCESSES 

To find whether this alloy can be used a t  elevated temperatures ,  and to 
compare the above processes  of aging, i t  was interesting to study the heat 
res is tance of alloys by the centrifugal method of bending 111. This  method 
is based on the deformation of specimens during heating under the conti
nuous action of a centrifugal force, and both c reep  and long-time strength 
can be studied simultaneously. The bending force which ac t s  on the 
specimen is determined by the length of the specimen, i t s  mass ,  and the 
ra te  of rotation. To  increase the s t r e s s ,  that is the bending force, 
additional loads can be added to the free end of the specimens.  Since the 
alloy we studied is relatively light (specific gravity 4.83 g/cm3) and has a 
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high strength, we added a tungsten load of 70g (10" in diameter and 
46 mm long) to the end of the specimen. The experiments were carr ied out 
a t  350°C in the air ,  with specimens 4 m m  in diameter and 60" long. 
These specimens were heat treated according to processes  1-4. After 
these heat-treatment processes,  some specimens were additionally heated 
at  350°C for 100hr .  Other specimens were subjected to processes  1 and 4, 
and then heated at  350°C for 500hr.  The creep ra te  was determined by the 
deflection (in mm) af ter  a given time. 

The tes ts  for heat resistance were in three stages: during the f i r s t  stage 
the specimens were tested under a load of 100 kg/mm2 for 75 hr,  during the 
second stage under a load of l10kg/mm2 for  125hr ,  and during the third 
stage under a load of 115kg/mmz for 50hr .  Thus, the total testing time was 
250 h r .  F o r  some specimens the testing time was shorter  a s  the tungsten 
loads failed before the end of the test  because of their  bri t t leness.  

An analysis of the dependence of the def lxt ion on the duration of defor
mation during 3 processes  of testing showed that the alloy is l i t t le softened 
at  these testing temperatures,  and can withstand the above testing conditions. 
The best resul ts  (deflection of 1.5 mm after  250 hr )  were obtained on speci
mens subjected to process 1 and then held at  350°C for  500 h r .  The micro
s t ructure  of these specimens af ter  250hr of s t ress ing differs little from the 
initial s t ructure  after aging, except that subgrains appear within the initial 
p-grains.  The fragmentation of the coarse  0-grains and the production of 
a subgrain s t ructure  a r e  apparently due to the action of the load during the 
tes t .  

Specimens treated according to process 1 and held at  350°C for 100  h r  
showed good properties without any additional heating: the deflection was 
E = 2 m m  after  250 and 200 h r .  

An analysis of the creep curves of the alloy at  350°C showed that the 
smallest  deflection is found in the alloy aged at  550°C for 1 5 h r .  Tes ts  on 
the mechanical properties a t  room temperature of aged alloys that had been 
additionally heated at 350°C for 100 and 500 hr,  and the determination of the 
heat resistance by the centrifugal method, indicated that the alloy is 
thermally stable at  350°C for  100 and 500hr, and also that af ter  heating a t  
350°C for 500 h r  the alloy has a higher heat resistance than af ter  heating for 
100hr .  

MECHANICAL PROPERTIES OF THE ALLOY AT 
TEMPERATURES FROM 20°C TO 700°C 

The mechanical properties (ub, 6 and $) of the alloy were tested over the 
temperature range from room to 700°C on KRD-3 specimens with a 1OX 
X 1.5  mm thread, a diameter of the working part  of 5 mm, and with a 
working and total length of 28 and 60mm,  respectively. The tes t s  w e r e  
carr ied out in a ver t ical  electric tube furnace filled with a i r .  The testing 
machine was of the IM-4R type, and the r a t e  of deformation was 1 .25mm/ 
min. The heat treatment of the alloy consisted in quenching in water from 
800°C and holding for  1hr ,  aging a t  550°C (process  1) or  a t  525°C (process  
2)  for 15hr ,  and cooling in the a i r .  The billets thus treated were 60" in 
length and 1 2  m m  in diameter, and were heated in an air-fi l led furnace. 
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Testing temperature, "C 

FIGURE 1. Dependence of mechanical properties of 
the B-alloy (Ti- 7Mo- 5.5Cr-3Fe- 3Al)quenched 
from 80O'C for 1tu in water, and aged a t  two different 
temperatures,on the testing temperature (ZOO- 700'C): 

a- a t  525°C for 1 5 h ;  b- a t  550°C for 15hr. 

After the heat treatment, specimens were cut from these billets. The 
specimens were heated in the furnace to the necessary temperature, held 
for 15min, and then loaded for 2 0  to 3 0  min. The resul ts  of these tes ts  
a r e  given in Figure 1. They show that the alloy aged at  550°C for  15h r  has 
the best mechanical properties, and that af ter  aging by processes  1 and 2 
the mechanical properties, particularly the strength, change l i t t le over the 
range of temperatures from 200-450°C. At 500°C the strength of the alloy 
decreases,  but it s t i l l  remains sufficiently high (92 and 105.5 kg/mm2 for 
specimens aged a t  525°C and 550°C, respectively). At 600°C the alloy that 
had been aged at  550°C for 15h r  had an ultimate strength of 51 kg/mm2. 

The curves representing the ultimate strength of alloys, aged according 
to different processes,  show that in alloys aged at  525"C, over the temper
ature range from room to 200°C the ultimate strength decreases  more 
rapidly than in alloys aged at  550°C. The ultimate strength of the alloy 
decreases  sharply because the grains of the a-phase separated a s  the resul t  
of decomposition (Figure 2,a) during aging at 525°C for 15hr  a r e  la rger  
than those in the initial state a t  room temperature o r  those formed at  200°C 
in specimens aged a t  550°C for 15h r  (Figure 2,b). Also, in specimens 
aged a t  525°C for 1 5  hr,  after testing a t  2OO"C, more nondecomposed regions 
a r e  found in the vicinity of the boundaries of P-grains (light edges) than in 
specimens aged at  550°C for 15hr, where we find dark edges around the 
p -grain boundaries. 

The light regions near  the boundaries of the P-grains a r e  apparently rich 
in P-alloying elements,  The dark regions around the boundaries of the 
p-grains have l e s s  of these elements than the light regions, but a r e  still 
r icher  than the bulk of the 8-grains .  When designating the dark and light 
regions as those containing more or l e s s  alloying elements, we must 
remember that the difference in the concentration of these elements in the 
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FIGURE2. Microsmrcture of 6-alloy (x 13501, quenched from 800°C (Ihr)in water and aged: 

a- at 525'C for 15hr; b,h-at 550°C for 15hr; a, 6- testing at  ZOO'C; c- at 4 O O ' C ;  d-specimen faiIed 
after testing at 500°C for 56.5hr, at  a,=SO kg/mmz; e- after tesring at ZO'C, the specimen was turned om 
on 2 lathe after a test canied out at 350'C under a load of 90kglmm' �or 942hr, cb=242 kg/mm2. 6=2.8%; 
f,g-crb=243kg/mmz, 8 =l.4%; h- crb=234kg/am2. 8=0.6%. 
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light and dark regions is less than 1%since point X-ray analysis,* with an 
accuracy within 170, showed no differences between the concentrations of 
Mo, C r ,  Fe,  and A1 in the dark and light regions of the P-grains.  

When the alloy is heated to the tempering temperature decomposition 
s t a r t s  in the region depleted of alloying elements.  If the heating is prolonged, 
new a-grains  a r e  formed in these regions and grains  formed ear l ie r  coagulate. 
The mobility of atoms in the alloys is increased, and the regions with a 
higher content of 0-alloying elements s ta r t  to decompose until the P-alloying 
elements a r e  unstable, and a fine-grained a-phase is precipitated. Since 
the a-phase is very fine grained it occupies a la rger  surface,  and therefore 
af ter  etching these regions a r e  darker  than the bulk of the a-grains  previous
ly precipitated in the 0-grains .  If the specimens have light edges (non
decomposed regions with a high content of 0-alloying elements), the alloy 
fails  more  rapidly than those with dark edges (regions which decompose 
la ter) ,  since the fine-grained a-phase blocks plastic deformation more.  
However, both light and dark edges around the P-grains a r e  s t r e s s  r a i s e r s ,  
and a r e  therefore undesirable. 

A study of the microstructure of alloys aged at  different temperatures 
showed that the a-phase formed by aging at  525°C for 15 h r  is coarser  than 
the cr-phase formed by aging at  550°C for 15 hr,  irrespective of the testing 
temperature.  The a-phase formed during decomposition of the P-solid 
solution a s  a result  of aging at 550°C for 15 h r  is more fine-grained than 
that formed at  525OC, since the la rger  number of crystallization centers of 
the a-phase formed at  550°C make the grain growth more difficult than at  
525°C. Prolonged aging makes it possible for the a-phase to grow and to 
precipitate f rom the P -solid solution. 

If the testing temperature is increased, the P -solid solution probably 
continues to decompose, the grain size of the a-phase increases,  and at  
relatively high temperatures of 600°C and 700°C partial dissolution of the 
cu-phase is possible. If we can judge from the properties of the alloy, 
decomposition of the P-solid solution takes place even at 350°C, but the 
strength decrease indicates that a t  400°C coagulation of the ear l ie r  formed 
cr-grains takes place more rapidly than the formation of new a-grains .  
Even if the decomposition continues, its influence on the strength of the 
alloy is suppressed by the coarsening of the a-grains  formed ear l ier ,  and 
the growth of these predominates over the number of new a-grains  formed. 
A s  a result  the strength of the alloy during tes ts  at  400°C is somewhat 
lower, but it  remains almost constant up to 450°C. At 500°C and a t  600°C 
the alloy aged a t  550'C for  15 h r  has a finer a-phase grain than the alloy 
aged a t  525°C for  15 hr .  A fine-grained structure of the a-phase means a 
higher strength. 

The microstructure of alloys shown in Figure 2,c indicates that af ter  
' testing some P-grains have wavy s l ip  lines. The presence of these indicates 

that under s t r e s s  shear  deformation takes place along two systems of 
crystallographic planes. 

Thus, alloys aged a t  550°C for 15 h r  have better mechanical properties 
than those aged at  525°C for  the same time. AUoys aged a t  550°C for  1 5 h r  
can be used a s  a heat-resistant material  up to 450°C, since a t  these 
temperatures it retains a uniform strength within the l imits of 130-127 kg/ 
mm2, and a ductility (elongation) of 6-870. 

We should like to express our gratitude to  I. B. Borovskii and V. A. Batyrev for carrying out X-ray spectral 
poinr analysis. 
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LONG-TIME STRENGTH OF ALLOYS 
AT 350, 400, AND 500°C 

To find the resistance of alloys aged a t  550°C for  1 5 h r  to failure a t  350, 
400, and 500°C we found their long-time strength under various s t r e s ses .  
The tests w e r e  carr ied out on standard threaded specimens with a KRD-3 
machine. Billets were subjected to heat treatment (solution heat treatment 
and aging) and tes t  specimens w e r e  then prepared f rom these.  The resu l t s  
are shown in Figure 3. The duration of s t r e s s  was plotted on the abscissa  
and i ts  magnitude on the ordinate. The data in Figure 3 indicate that a t  
350°C the alloy does not fail under a s t r e s s  of 110kg/mm2 for  1240 hr ,  a t  
400°C it does not fail under the same stress for 11 hr, and under a s t r e s s  of 
100kg/mm2 it does not fail for 32.5hr.  At 500°C the breaking s t r e s s  drops 
sharply, but the alloy withstands a load of 60kg/mm2 for  56.5hr.  
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FIGURE 3. Dependence of the long-time strength of 
a 8-alloy quenched from 800°C in water (1hr) and 
aged a t  550'C for 15hr ,  on the t ime of loading: 

1- 350'C; 2- 400°C; 3- 500°C. 

A study of the microstructure  of alloys af ter  tensile tes ts  showed that 
the higher the testing temperature the coa r se r  the a-phase. A coarse  
a-phase apparently inhibits plastic deformation l e s s  than a fine, and 
facilitates softening of the alloy. Since some slip lines were found in the 
P-grains (Figure 2,d), it  can be assumed that the applied s t r e s s e s  cause not 
only a c reep  along the grain boundaries but a lso shear  deformation. 

The resul ts  of a study on the long-time strength show that at  350°C the 
alloy can withstand a s t r e s s  of 110kg/mm2 for 1240hr, a t  400°C it can 
withstand the same  s t r e s s  for 11hr,  and a t  500°C it can withstand a s t r e s s  
of 100kg/mm2 for  32.5hr .  

Specimens which were removed f rom the testing machine af ter  942 h r  
under a s t r e s s  of 90kg/mm2 a t  350°C had an elongation of 1.78010. F r o m  
these specimens we prepared three microspecimens: f rom the end, f rom 
the working part, and a longitudinal microsection running along both the end 
and the working part .  These were subjected to a tensile tes t  on a micro
machine a t  room temperature. The total length and the working length of 
these specimens were 15.5 and 7.5mm, respectively. The diameters  of the 
end and the working par t  were 3 and 1.5mm, respectively. 
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The specimens turned out f rom the end and f rom the working part had a 
ve ry  high strength of 242 and 243 kg/mm2, and an elongation of 2.8 and 1.4%, 
respectively. The longitudinal specimen turned out from the end and from 
the working part  showed brittle failure a t  Ob= 232 kg/mm2 and an elongation 
of 0.6%. 

A study of the microstructure of specimens with an ultimate strength of 
243-234kg/mm2 showed that all specimens had a polygonal structure with 
fine-grained precipitate particles which, according to the data of an X-ray 
analysis, were an a-phase.  The specimen from the end ( O b =  242 kg/mm2 and 
6 = 2.8%) had a sharp polygonal s t ructure  with the smallest  a-phase grains 
( see  Figure 2,e). The specimen with 6 = 1.47'0 had a l e s s  distinct polygonal 
s t ructure  and in some P -grains the sl ip l ines terminated in microcracks 
( see  Figure 2,f and g) .  The specimen that showed brittle failure differed 
from the above two specimens as i t  had P -grains of a nonuniform size ( see  
Figure 2,h). 

The lattice parameters  of the P-solid solution of all three specimens 
were s imilar  (3.176-3.183 kx),which indicates the same  concentration of 
the P-solid solution. Powder specimens made from annealed alloys had a 
s imilar  lattice parameter  (3.187 kX). The data obtained on the lattice 
parameters  of the P-solid solution of alloys subjected to different heat-
treatment processes  show that because the concentration of P -solid solution 
is the same, this solution decomposes to a certain extent even before 
intermetallic compounds a r e  precipitated, when the concentration of the 
0-solid solution changes little. A s  the concentration of the P-solid 
is the same, i t  can be assumed that i f  this concentration is constant the 
strength of the alloy is determined by the size and the shape of the grains 
of the a-phase.  

Thus, i t  can be seen that the heat resistance of the alloy can be improved 
/2/by choosing the proper processes  of thermomechanical treatment to 
produce a polygonal structure of the 0-grains which leads to a more  uniform 
distribution of the precipitated a-phase (along the walls of dislocation). 
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HEAT- RESISTANT COPPER ALLOYS 

Low-alloyed copper alloys a r e  widely used in electrical  technology, in 
the radio and electronic industries, and in many other fields of industry 
which require mater ia ls  with a good electric conductivity. 
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Due to the rapid development of industrial vacuum apparatus for electro
nics, these alloys must have not only a high electric conductivity but also 
a cer ta in  heat res is tance.  

The electr ic  conductivity of these alloys must not be lower than 80-6070 
of the electr ic  conductivity of copper, and the long-time strength at 400
600°C should be at least  2-3 t imes that of copper. Such alloys appreciably 
increase the reliability and the life of the apparatus, which i s  particularly 
important i f  the devices cannot be repaired.  

Many such alloys of copper with chromium, zirconium, cadmium, and 
magnesium 11-31 and with chromium, zirconium, hafnium, and arsenic  141 
have been studied both in the Soviet Union and outside. The content of 
alloying elements in these alloys does not exceed 0.6-1.070 so that the 
electric conductivity of the mater ia l  is not decreased too much. 

In the above works the heat res is tance of the alloys was found mainly by 
measuring their  hardness,  and no curves of long-time strength o r  of creep, 
which represent  more completely and more quantitatively the heat res is tance 
of alloys, have been constructed. 

A number of copper alloys have been studied in connection with theories 
on heat res is tance.  The chief types of composition-heat-resistance diagrams 
15-61, which make the study of the heat-resistance of alloys easier ,  have 
a l so  been investigated. One of these composition-heat-resistance diagrams 
is particularly suitable for a study on the alloys that interest us.  The phase 
diagrams of these alloys show a very limited region of solid solutions and 
the formation of intermetallic compounds, which have a very high heat 
res is tance.  Some properties of alloys can be changed in the desired direc
tion by the addition of alloying elements.  Of these properties we should 
like to mention the following: the temperature dependence of the solubility, 
a high recrystallization temperature of the solid solution, and a high solidus 
temperature.  The nature, the amount, and the shape of second phases 
which hinder plastic deformation, etc., can also be changed by alloying 
I6 -1 1I .  

The alloys with the best properties belong to the following systems: Cu-
C r  and Cu-V (high solidus, and a field of a copper-base solid solution) and 
Cu-Cr and Cu-Zr (existence of a solid solution, the solubility changes 
little with variation in temperature, existence of intermetallic precipitates). 
Of considerable interest a r e  ternary alloys on the basis of the above binary 
systems.  One of these alloys (Cu-Zr-Cr) has already been studied and 
satisfactory resul ts  have been obtained /1,3/. 

HEAT RESISTANCE O F  COPPER AND 
OF COPPER ALLOYS 

To study the influence of alloying components on the heat res is tance of 
copper a cer ta in  cr i ter ion of heat res is tance must be chosen. According to 
I. A. Oding and V. N. Geminov 1111, the long-time strength can be chosen, a s  
it can give a relative evaluation of heat resistance, and the optimum com
position of the alloys can thus be chosen. 

We evaluated the heat resistance of copper and copper alloys from their 
ultimate long-time strength for 100 h r  ( uIoo), which was found from the 
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long-time strength curves.  The heat resistance of some alloys was 
determined from their  individual ultimate long-time strength. Before 
carrying out long-time tensile tests,  we first evaluated the heat resistance 
of alloys by measuring their  hot hardness.  With this method the influence 
of alloying components can be qualitatively compared and the influence of 
the composition of alloys on their  heat resistance evaluated. The heat 
resistance of alloys was evaluated from the absolute value of long-time 
hardness and from their softening, i .e. ,  from the relationship between the 
hardness measured during 30  and during 3600 sec.  The tes ts  were carr ied 
out on specimens forged and annealed at  750-800°C. 

The heat resistance of binary and ternary copper alloys containing cerium, 
vanadium, zirconium, and other alloying elements, was studied with specimens 

" that had been melted in graphite cru
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FIGURE 1. Long-time hardness of copper alloys 
a t  400°C. 

cibles placed in induction furnaces in 
a current of argon. Before the test  the 
specimens were forged and annealed a t  
750-800°C for 3 hr .  In this state 
almost a l l  alloys consisted of two or 
three phases. 

The structure of the binary alloys 
agreed with the existing phase diagrams. 

The resul ts  of comparative measure
ments of the long-time strength of 
various binary alloys at  400°C a r e  
given in Figure 1. 

It can be seen that zirconium has 
the greatest  influence on the long-time 
hardness of copper. If the content of 
zirconium increases  from 0.5 to 570, 
the long-time hardness of copper 
increases smoothly. The general  
level of hardness of alloys containing 

zirconium is appreciably higher than that of other alloys. 
Vanadium, and in particular chromium, exert  the least  influence on the 

long-time hardness of copper. Chromium up to a concentration of 1% 
increases the long-time hardness of copper. 
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FIGURE 2. Long-time strength of copper and of copper alloys at 400°C: 

1- vacuum-melted copper; 2- oxygen free copper; 3- Cu-Ce-Zr vacuum-melted alloy; 
4- C u - C e Z r  alloy; 5- Cu-Zr alloy after melting in the air. 
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TABLE 1. Long-time strength of copper and of copprr alloys a t  400°C 

Electric 

Number Composition of 
,onductivity, Stresses, T ime  to  failure,
70 of electric kg/mmzof melt  alloy, % '  ,onductivity 
of copper 

I -
Oxygen-free copper 99 See curve 2 on  Figure 2 

__ 
Vacuum-melted coppei 101 See curve 1 on Figure 2 

~ 

194  1.4870 Cr 81 6.0 43 
1.0 22 

294 3.5qo v * *  80 7.0 130 
9.0 13 

301 2.22% C e  I 9  7.0 215 
333 9.0 52 

333 0.73% Zr 83 10.0 355 (did not fail) 
11.0 31 
12.0 28 
14.0 23 __ 

334 2.65% Zr 79 See curve 5 on Figure 2 

332 0.7% Zr+ 0.7% C e  81 
-

363 0.86% Zr 
0.81% C e  78 	 10.0 217 

11.0 624 
13.0 146 

~ 

48 7 	 0.75% Zr 11.0 631 
0.370 Cr 13.0 205 (did not fail) 
0.3% V 14.0 5 __ 

572 0.69% C e +  0.91% Zr 85 

*Balance copper. 
**Composition of the alloy according to charge. 

The heat resistance of alloys was evaluated chiefly by tensile tes t s .  The 
resul ts  of tests on pure copper and on a number of alloys with an electr ic  
conductivity of 75-8570 of the electric conductivity of copper a r e  given in 
Table 1 and Figure 2 .  The s t r e s s e s  a r e  plotted on the ver t ical  axis and the 
time to failure in a semilogarithmic scale on the horizontal axis .  

With this method the relationship between the strength and testing time 
is obtained a s  a straight line function I l l / ,  which is very convenient, 
particularly when comparing the heat resistance of a number of alloys. 

The study on the heat resistance of alloys was started by determining 
the heat resistance of copper by the method of long-time strength.  

Numerous data on the mechanical properties of copper measured a t  
various temperatures up to 1000°C can be found in the l i terature  171, but 
they do not character ize  the heat resistance of copper and can be used only 
to choose conditions for  the production of copper par ts  by hot working. 

Existing l i terature  data on the long-time strength of commercial  copper 
of the M1 grade show that this mater ia l  has along-time strength o%' of 
2.5kg/mm2 /12/. 
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We constructed long-time strength curves for two types of copper, 
oxygen-free copper, and vacuum-melted copper, which are used to produce 
electronic devices. 

The resu l t s  are given in Table 1 and Figure 2, and show that a t  400°C the 
long-time strength of oxygen-free copper, in 100-hr long tests, does not 
exceed 4 kg/mm2, and the long-time strength of vacuum-melted copper is 
only about 3 kg/mm2. The long-time strength of oxygen-free copper a t  600°C 
in an  atmosphere of argon does not exceed 1.5 kg/mm2 (Figure 3).  
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.FIGURE 3. Long-time strength of copper and copper alloys at  600°C: 

1- oxygen-free copper: 2- Cu-Ce-Zr alloy; 3- Cu-Zr alloy. 

The data on the long-time strength of copper alloys a t  400°C a r e  given in 
Table 1 and Figure 2 .  

These data indicate that zirconium is the best alloying element to add to 
copper.  At 400°C the long-time strength of Cu-Zr alloys in 100-hr long 
tes ts  (10-13 kg/mm2) is higher than that of other binary alloys (Cu-Cr, 
Cu-Ce, Cu-V) (7-8 kg/mm2). Thus, the heat resistance of alloys a t  
400°C is 2-4 times that of pure copper. At 400°C, the best  heat-resistant 
alloy of ternary and more  complex alloys are the Cu-Zr-Ce and the 
Cu-Zr -Cr-V alloys (o:::= 12-14kg/mm2). 

F o r  Cu-Zr and Cu-Zr-Ce alloys which have a high long-time strength 
a t  400°C, we constructed long-time strength curves a t  600°C (see  Figure 3). 

The tes t s  a t  600°C were carr ied out in an atmosphere of argon. 
F r o m  long-time strength curves we found the long-time strength for  

100-hr tests,  for  Cu+2.01%Zr  alloys (3.3kg/mm2) and for Cu+0.6970Ce+ 
+ 0.91% Z r  alloys (2.8 kg/mm2). Under these conditions the long-time 
strength of oxygen-free copper is equal to 1 .5kg/mm2. 

When analyzing the reasons for the various degrees of heat resistance 
of binary and more  complex alloys, it  should be remembered that Cu-Cr 
and Cu-V alloys are heat resistant because their solidus temperature is 
higher than that of Cu-Zr and Cu-Ce alloys (1075--1100°C against 965
875°C). However, the strengthening phases of Cu-Zr and Cu-Ce alloys 
a r e  chemical compounds, which are more  disperse  than elementary inclu
sions of chromium and vanadium, and therefore hamper deformation. Also,  
solubility in Cu-Zr, Cu-Ce, and apparently in Cu-Zr-Ce alloys, is much 
less influenced by temperature than solubility in Cu-Cr and Cu-V alloys 
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/13-15/. Consequently, the diffusion exchange in these las t  alloys is 
much greater,  which leads to a greater  softening of s t r e s sed  par ts  a t  
elevated temperatures 18-lo/. 

CONCLUSIONS 

1. By means of hot hardness and of long-time strength, we studied the 
influence of a number of alloying elements (Cr,  V, Ce, Zr ,  and others) on 
the heat resistance of copper a t  400°C. 

2.  It was found that zirconium has the greatest  influence on the heat 
resistance of copper, and the influence of cer ium and of vanadium and 
chromium is more moderate. 

3.  The strength of copper is increased most by alloying i t  with two o r  
three components (alloys Cu - Z r  -Ce, Cu -C r  -V).  

4 .  We found ductile copper alloys which combine a good heat resistance 
with a high electric conductivity (not l e s s  than 7570 of the electric conducti
vity of copper). The long-time strength of these alloys a t  400°C found by 
100-hr long tes ts  is equal to 12-13 kg/mm2, which is 3-4 t imes that of 
copper, and at  600°C the long-time strength is equal to 2.8-3.3 kg/mm2. 
These alloys contain 2-370 of Zr,  o r  1.5-2.070 of ( Z r + C e ) .  
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IV. 	 K I N E T I C S  A N D  M E C H A N I S M  O F  
O X I D A T I O N ,  A N D  P R O T E C T I V E  C O A T I N G S  

N .  N ,  Kozlova and A .  R .  Krylova 

PRINCIPLES OF LONG- TIME OXIDATION OF 
HEAT-RESISTANT STEELS AND ALLOYS 

To increase the power of engines, the heat resistance of mater ia ls  that 
have to withstand prolonged service must be carefully studied. 

The oxidation ra te  of metals and alloys at  elevated temperatures depends 
mainly on the protective properties of the scale  111. The scale should 
sat isfy the following conditions: 

1) i t  must be continuous and have no through-cracks or pores; 
2) it should adhere well to the surface of the metal; 
3 )  the diffusion of metal  ions and of oxygen through the scale should be 

hampered. 
These conditions a r e  sufficient for stationary service if there a r e  no rapid 

variations in temperature or s t r e s s .  In practice, the scale  of heat-resistant 
mater ia ls  must satisfy other requirements also. Thus, the scale  must not 
be too brittle so  that it w i l l  not fail under external loads, particularly 
during vibration; its coefficient of linear expansion should be a s  close a s  
possible to that of the metal  to avoid cracking during change in temperature.  

Although the problem of heat resistance of s teels  and alloys has been 
widely studied, the tes t s  carr ied out above 1000°C did not usually las t  
longer than 100-1 000 h r .  

In 1944 Kornilov 1.21 found that in chromium-aluminum steel  specimens 
aluminum is preferentially oxidized from the surface layers .  Thus the 
content of aluminum at  the surface decreases,  and this metal  diffuses from 
the interior of the specimens.  

The selective oxidation of some elements in alloys and the decrease in 
their content in the surface layers  af ter  prolonged heating is particularly 
important since a s  time passes the composition of the alloy being oxidized 
differs from that of the initial material. This considerably influences the 
oxidation process .  

The purpose of this work was to investigate the long-time heat res is tance 
(up to 10,000hr) of heat-resistant industrial s teels  and alloys at  1050, 1150, 
and 1200°C, during continuous and cyclic tes ts .  Other research  workers 
/I/ studied short  heating cycles, not longer than a few minutes each, but we 
investigated the influence of 200, 500, and 1000h r  long cycles on the heat 
res is tance of s teels .  

We used industrial heats of ordinary heat-resistant s teels  and alloys 
(GOST 5632-61),* which are widely used in industry. The specimens were 
10  mm in diameter and 20 mm thick, and their  surface finish was V 8. 

The principle for  following the kinetics of oxidation during prolonged 
heating (from 5000 to 10,000 hr)  is the determination of weight gain. The 

Kh25N16G7AR. Kh23N18, 4Kh18N25S2. Kh25N2OS2. KhN781. KhNGOYu, KhN70Yu. 
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specimens were placed in wide crucibles, and oxidized in the a i r  in e lectr ic  
furnaces. Three specimens were tested for  each point on the graph. 

The relationship between the average weight gain and time showed that 
the oxidation of the mater ia ls  studied is governed by a parabolic law. 
However, as has a l ready been shown 131, this regularity holds up to a 
cer ta in  time only, and then the Oxidation ra te  coefficient changes rapidly. 
This change is shown on the oxidation curve by an inflection. After this the 
oxidation ra te  is also represented by a parabolic curve, but the oxidation 
ra te  constant a t  this stage is appreciably grea te r  than at  the first stage. If 
the specimens a r e  heated for  a sufficiently long time, severa l  such inflec
tions can be recorded. This  relationship can then be written a s  

A@ = klzl +k,z, + ... + k&,, 

where A q  is the weight gain during time .t=z~+zz+ ...+z n ;  k l ,  kz, ..., k ,  a r e  
the oxidation ra te  constants for the corresponding stages; TI,TZ, ..., T,, a r e  the 
duration t imes of the oxidation stages a t  a constant value of k . 

Figure 1 shows the curves representing the dependence of the square of 
the weight gain on the oxidation time at  1050°C for  1000-hr and 200-hr long 
cycles. The tes t s  were car r ied  out on four mater ia ls  (Figures  1,a and b).  
The KhN78T alloy was tested a t  1150 and 1200°C for  200 hr-cycles and 
continuous tes ts  (Figure 1,c). The calculation of the oxidation ra te  constants 
for  the straight line sections is shown in Tables 1 and 2 .  

The influence of the frequency a t  which the specimens were cooled 
between the heatings on the heat res is tance at  a constant temperature is 
c lear .  Firs t ly ,  if  the cooling takes place more  frequently, the total oxida
tion ra te  is higher, i.e., the weight gain of scale  increases .  Secondly, with 
increase in the frequency of cooling the duration of the first stage, during 
which the oxidation ra te  is slowest, decreases  and the value of k a t  this 
stage increases .  Thirdly, it  has  been found that if  the heating cycles for 
Kh23N18 steel  a r e  shortened from 1000 to 200hr,  the oxidation changes 
f rom a parabolic to a l inear  function. It can be assumed that i f  the frequen
cy of cooling is increased, the oxidation will become a l inear  function for 
other mater ia ls  also. 

The oxidation ra te  during cyclic tes t s  on KhN78T steel  is most influenced 
by an increase in temperature over the range 1050-1200°C. It is interesting 
to point out that the weight gain af ter  10,000hr of testing at  1050°C and a 
1000 hr-cycle is higher than the weight gain af ter  10,000 h r  of continuous 
testing at  115OOC. It is a l so  character is t ic  that the oxidation curve repre
senting cyclic tes t s  has  two inflections, and the curve representing conti
nuous heating has  only one inflection. The oxidation ra te  constant for 
10,000 h r  of testing with cyclic tes t s  is twice that with continuous tes t s  
(37.5.  IOv8 and 20.3 . l o -*  respectively). 

Above 1050°C we tested not only KhN78T alloy but a l so  the following 
steels: Kh25N20S2 (1150"C), and the alloys KhN7OYu and KhN6OYu (115OOC 
and 1200°C). 

The resu l t s  of the tes t s  a r e  shown in Table 3. The tes t s  on s tee l  were 
stopped at  1150°C because of the low heat resistance: the continuous tes i s  
were stopped af ter  4000 h r  (weight gain 583.5 g/m2 and weight l o s s  1568 g/ 
m2), and the cyclic tes t s  were stopped af ter  2000hr (weight gain 1588g/m2 
and weight loss  3878 g/m2). 
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TABLE 1. Oxidation rate constants k of Kh25N16G7AR, Kh23N18 and 4Kh18N25S2 steels at 1050°C. and of Kh25N20S2 steel a t  1150'C 

Kh25Nl6G7AR- 1050°C Kh23Nl8- 1050°C 4Khl8N25S2- 1050°C Kh25N20S2- 1150'C 
Duration Section of ___ 

of heating oxidation total duration total duration total duration total duration 
k x io',

cycle, hr curve oxidation ofsingle 
k X lo', 

oxidation of single g2/cm., .hr oxidation ofsingle lo" oxidation ofsingle g2/cm4. hr 
~ ~time, hr stage,hr F Y ~ ~time, ix* ~stage, time, hr stage,hr ''cm4*hr time, tu stage.h 

200 I 700 700 2.5 1100 1100 0.9 800 800 

200 I1 1200 500 11.4 1500 400 4.9 1580 78 0 134 

200 I11 2300 1100 18.4 2500 1000 24.0 1900 320 422 

200 Iv 3000 700 30.0 3800 1300 63.6 - - 
w - - - w 200 V 3700 700 53.6 4300 500 95.4 

- - 500 I 1000 1000 2.3 500 500 0.5 

500 I1 2000 1000 7.3 1600 1100 4.1 

500 I11 3500 1500 16.2 3500 1900 31.0 

500 IV 5000 1500 22.6 5000 1500 52.6 

- - - - 1000 I11 7000 3300 12.4 - 5000 54.5 

8.2 



TABLE 2. Oxidation rate constants k of the Kh78T alloy at  1050, 1150, and 1200'C, for individual stages of the process 

Duration 1 Section of 
1050°C 1150°C 


9oo 
cycle, hr curve of single g2/cm4.hr of single 

time, hr stage, hr time, hr stage, hr 

200 I 900 2.4 800 800 

200 I1 2100 1200 1.3 2500 1100 132.2 

200 111 2850 750 13.3 6000 3500 2000 

of single oxidation 
oxidation 

duration 1 kx108 izI 
oxidation 

duration 

I 1200°C 


- 200 IV 4100 1250 35.6 
W 
W - -N 500 I 1200 1200 2.1 

- 500 I1 3300 2100 1.0 

- 500 111 7000 3700 11.8 

- 1000 I 1100 1100 1.2 

- 1000 I1 5000 3300 7.6 

- 1000 111 7600 2600 14.5 

1000 IV 10000 2400 31.5 - - - - -
-Continuous I - - 3800 3800 3.8 2000 2000 

oxidation - - - -I1 - 10000 6200 20.3 

205.0 
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FIGURE 1. Curves of A q 2 = f ( ~ ): 

a- testing temperature lOSO'C, duration of cycle 1000 hr; b - the same, 200hr; c- 1150 and 12OO'C. 
KhN78T alloy; 1- K23N18 (EI417); 2- Kh25N16G7AR (EI835); 3- 4Kh18N25S2 (EYa3S): 4- KhN78T 
(EI435): I- continuous heating: 11- periodic cooling of specimens after 200 hr of heating. 

The KhN7OYu and KhNGOYu alloys have a very high heat res is tance at  
1150°C for 10,000hr and at 1200°C for 3000hr.  The weight gain of these 
alloys for the maximum testing time does not exceed 70g/m2. Intermediate 
coolings to room temperature after every 200 h r  of heating had almost no 
influence on the oxidation rate  of these alloys. 

X-ray and chemical analyses on the spalled scale  showed that prolonged 
heating leads to a change in phase composition and in chemical composition 
of the scale.  A s  the duration of heating increases,  the content of chromium 
in the scale  decreases  and that of nickel increases,  and therefore the 
protective properties of the scale decrease with t ime. 

A study of the microstructure  of specimens af ter  heating showed that 
the metal  directly under the scale changes appreciably during prolonged 
oxidation processes .  To study the processes  in the surface layers  of 
metals during prolonged oxidation, w e  analyzed successive layers  of metal  
specimens by X-ray spectral  methods with a microprobe of the "Kameka" 
type .* 

The  analysis was carried out in TsNIIChM. 
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-7-Kh25N20S2Kh70Yu KhN6OYu

I g/m2-hr g/m2. hr g/m2 - hr 

100 4.1 0.040 
1000 28.3 0.028 
2000 30.8 0.015 
4000 38.3 0.010 
6000 48.2 0.008 
8000 64.1 0.008 

10000 66.1 0.007 

100 20.1 0.210 
180 31.0 0.040 

2000 56.8 0.028 
3000 60.3 0.020 

8.7 0.090 
37.5 0.038 
36.4 0.020 
44.3 0.011 
68.2 0.011 
60.3 0.008 
68.4 0.007 

25.1 0.260 
23.5 0.033 
48.9 0.024 
62.7 0.021 

50.5 0.50 
236.0 0.24 
575.8 0.29 
583.5 0.15 

At 1050°C the chromium and iron contents of the layers  directly beneath 
the scale decrease regularly in all materials.  The Kh25N16G7AR steel  
loses  manganese also from these layers .  It should be pointed out that in 
this s teel  the oxidation of chromium is appreciably slower than in the 
Kh23N18 steel and in the KhN78T alloy. 

a 

b 

Periodic cooling of specimen after every 2 O O h r  of heating 

Designation 

Scale 

Content of Cr 
. .  

FIGURE 2. Chemical composition of the layers of the KhNl8T alloy beneath the scale, testing 
temperature = 1150’C: 

a- testing t ime,  100hr; b-1000hr;  c-6000hr; d-BO00hr. 
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The thickness of the layers  that undergo such changes is considerably 
smaller  in steel thanin the alloys. One of the reasons for this is that the heat 
resistance of steels is lower since the external layers  are more  oxidized. 
If, however, we compare the contents of oxidized elements in the depleted 
layer together with the oxidized layer, the values in Kh25N16G7AR steel  are 
lower than those in the alloy, which means that under identical service 
conditions par ts  made of Kh25N16G7AR steel  will be less deeply attacked 
than those made of the KhN78T alloy, despite the fact that the la t ter  has a 
higher heat resistance.  

At 1150°C oxidation of Kh25N20S2 steel leads to a considerable decrease 
in the contents of chromium and silicon in the layers  beneath the scale. 
Silicon becomes oxidized more than chromium; this result  agrees  well with 
the data of 141. 

The resul ts  of studying the layers  of KhN78T alloys beneath the scale are 
given in Figure 2.  

The content of chromium in the layers  of KhN78T alloys beneath the scale 
decreases .  A s  we have already mentioned, periodic cooling leads to a 
considerable increase in the thickness of the scale.  Figure 2 shows that the 
total depth of the oxidized metal  is not greatly influenced by intermediate 
coolings. 

A study of the chemical composition of the layers  of KhN7OYu and 
KhN6OYu alloys beneath the scale gave no definite resul ts .  It is clear  that 
changes in the content of readily oxidizable elements and the depth of the 
attacked metal a r e  small, and therefore they could not be determined by 
X-ray spectral  microanalysis. In these alloys, changes in the micro
structure and in the microhardness of the l aye r s  beneath the scale are 
apparently caused by the oxidation of carbon and by the decomposition of 
chromium carbides, and also by the formation of vacancies and of micro-
pores due to vacancy diffusion. 

CONCLUSIONS 

The selective oxidation of elements a s  a result  of prolonged heating leads 
to a change in the composition of the surface layers  of alloys which deter
mines the change in the composition and in the protective properties of the 
scale formed. Prolonged oxidation of chromium-nickel s teels  and of the 
KhN78T alloy leads to a decrease in the content of chromium, chromium 
and manganese, o r  chromium and silicon, in the l aye r s  beneath the scale.  
The resulting decrease in the heat resistance is shown by an inflection on the 
A4'=f (T) curve. Cyclic tes ts  intensify the oxidation process,  but the total 
amount of metal  attacked changes very little. 

F o r  long-time service at  1050°C w e  recommend the Kh25N16G7AR steel  
and the KhN78T alloy, and a t  1150°C and 1200°C the KhN7OYu and KhN6OYu 
alloys. If these materials are used under the above conditions, the forma
tion of scale and of underscale layers  must be taken into account. 
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BEHAVIOR OF DIFFUSION COATINGS ON NICKEL 
ALLOYS AT ELEVATED TEMPERATURES 

Heat-resistant nickel-base alloys a r e  commonly protected against 
corrosion in gases  by diffusion coatings, especially by calorizing. There
fore data on the protective ability of aluminum coatings a r e  of great  interest. 

The authors of 111 studied the behavior of calorized coatings on nickel and 
nickel-chromium alloys, and showed that the s t ructure  of the surface 
layers  changes appreciably at  elevated temperatures.  

The NiAl compound appears to be unstable on nickel par t s  and dissociates 
fairly rapidly. The N i A l  compound is replaced by Ni3A1, which has  a lower 
resis tance to corrosion in gases  than NiA1. 

Therefore,  it  was very interesting to determine the transformations in 
the surface diffusion layers  containing

I 
not only aluminum but a lso elements 

I 


I 


Depth. P 

FIGURE 1. Concentration of aluminum in the 
surface layers of calorized ZhS alloy specimens 
after tests for heat resistance at 1100%: 

1- initial; 2- 5hr; 3- 1 O O h r .  

which might increase the protective 
properties of the surface layers  by 
alloying. 

Chromium can apparently be very 
useful in this respect  since i t  increases  
the stability of Ni3A1. 

Arbuzov and Zelenkov 121 studied 
the influence of third elements on the 
s t ructure  and on the recrystallization 
of Ni3A1, and found that the addition of 
10%C r  increases  the recrystallization 
temperature of Ni3A1 from 878°C for  
Ni3A1 to 1113°C for Ni3(A1, 10qoCr). 

For  our studies we used calorized 
and chromized-calorized specimens of 
the ZhS alloy, which is one of the most 
widely used modern heat-resistant 
mater ia ls .  

The calorizing was car r ied  out a t  
950°C for 4 h r  in a mixture containing 
98% of ferroaluminum and 2% of ammo
nium chloride. The chromizing-calor

izing process  was car r ied  out in vacuo. 
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The thickness of the diffusion layer on calorized specimens and on 
chromized-calorized specimens measured by a metallographic microscope 
was 35-4Op. The concentrations of chromium and aluminum in the surface 
layers were determined by spectral analysis of successive layers, and the 
structure was studied by metallographic methods and X-ray analysis -

After ZhS-type alloys (and other nickel-chromium heat-resistant alloys) 
have been calorized, the surface layer consists of two zones: an external 
zone and an internal one. The basic structural component of both zones is 
the NiAl nickel aluminide. However, in the internal zone, which is about 
I5 to 2 5% of the whole layer, we found a considerable amount of a component 
consisting of a solution on the basis of metals with a body-centered cubic 
lattice. 

The exchange reactions during the calorizing of heat-resistant alloys are 
apparently of little importance. The surface layer is formed as a result of 
the diffusion of aluminum, leading mainJy to the formation of the internal 
zone of the layer, and of the diffusion of nickel, which with aluminum forms 
the NiAl intermetallic compound, in the opposite direction. 

The maximum concentration of aluminum in the surface layer is fairly 
high (about 30% in the calorized specimens studied). 

ETGURE 2. Microsmcme of the surface Iayer of a chromized
caIorized ZhS alloy.specimen after teStS for heat tesisrance a t  
1100°C for 1 O O h r .  

If calorized specimens are heated at elevated temperatures, the 
concentration of aluminum in the surface layer decreases, as can be seen 
in Figure 1, and after l O O h r  of heating at 1100°C the maximum concentra
tion of aluminum is 8%. 
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After 5 h r  of heating at  1100°C the content of aluminum in the surface 
layer is insufficient for  the existence of an NiAl phase, and the layer  
consists chiefly of Ni3A1. 

These s t ructural  transformations in the surface layer a r e  accompanied 
by an increase in i ts  thickness ( i t  is sometimes more  than doubled) and by 
a cer ta in  change in i ts  volume. 

The surface layer of chromized-calorized specimens contains an NiAl 
phase also.  However, the internal zone of the surface layer of chromized
calorized specimens includes up to 30-4070 of the thickness of the whole 
layer .  The internal zone of the surface layer of chromized-calorized 
specimens contains a large amount of a component consisting of a chromium-
base solid solution. 

At 1100°C the concentration of aluminum in the surface layer decreases  
most during the first hours of heating (for example i t  falls from 21 to 13% 
of aluminum during the f i r s t  5 hr ) .  However, during the following 95 h r  the 
decrease in the content of aluminum in the surface layer is retarded, 
apparently because of the stabilizing influence of chromium dissolved in the 
Ni3A1 intermetallic compound. 

After prolonged heating, the surface layer of chromized-calorized chro
mium-containing specimens consists of a phase on the basis of Ni3Al and of 
coarse  particles of a chromium-base solid solution which dissociates 
ra ther  slowly a t  1100°C. 

The photomicrographs of a surface layer of a chromized-calorized 
specimen (Figure 2) clearly shows the presence of inclusions of the chro
mium-base solid solution in the internal zone, and this imparts a high 
microhardness to the specimen. 

The resul ts  of the determination of the chromium content in the surface 
layer  (Figure 3 )  agree with this tyDe of s t ructure .  Figure 3 also shows 

I _  I 

that heating at 1100°C for lOOhr decreases  
the maximum concentration of chromium 
in the surface layer  by not much more 
than 270. Consequently, the rate  of 
decrease in the chromium content in the 
surface layer at  1100°C is appreciably 
lower than the rate  of change in the alu
minum content. The same relationship 
between the ra te  of decrease in the 
content of chromium and aluminum at 
elevated temperatures has also been found 
in other nickel-chromium heat-resistant 
alloys coated by diffusion layers .  

It is very interesting to determine the 
possible mechanism by which the content 

FIGURE 3. Concennation of chromium in the of aluminum in the surface layer is 

surface layers of chromized-calorized ZhS decreased. 

specimens after testing for heat resistance a t  It is only natural  to assume that the 

1100'C : decrease in the content of aluminum in 
1- initial alloys: 2- after lOOhr of testing. the surface layer is due to oxidation and 

the formation of scale only. However, 
the volume of scale formed is relatively small, and studies on the heat 
resistance of calorized specimens and chromized-calorized specimens 
show that although the former loses much more  metal  from the surface 
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layer, the weight increase of the latter is 2-3 t imes that of calorized 
specimens, particularly during the initial period of testing. 

These experimental data indicate that we must apparently assume that 
appreciable evaporation of some components of the alloys o r  of their oxides 
is possible a t  elevated temperatures.  

If oxides evaporate the loss  of chromium from the surface layer will be 
greater ,  since evaporation of Crz03 o r  NiCr04 is much more rapid than 
evaporation of A1,03 o r  NiA104 /3/. 

Since no such loss has been observed, we can assume that it is aluminum 
that evaporates chiefly from the surface layer .  This assumption appears to 
be natural  i f  w e  consider the evaporation r a t e s  of the corresponding compo
nents. It has been found /3/ that the evaporation of Cr203during 100 h r  of 
heatin at llOO°C is 2 mg/cm2, which means that i t s  evaporation rate  is
2 . 1 0 -Fg /cm2 .h r .  

If we express  the evaporation rate  of chromium and of aluminum in the 
same units, using the data of V .  E.  Ivanov w e  find that the evaporation r a t e  
of chromium at 1100°C is 1 . 9  . 1O e 3  g/cm2.hr ,  and of aluminum 6.48 . 1O-' 
g/cm2 . h r .  

Although the evaporation rates  of these elements from alloys differ f rom 
their evaporation rates  from pure metals, nevertheless the above data show 
that the evaporation rate  of aluminum is more than 30 times that of chro
mium, and this can to a certain extent explain the rapid decrease in the 
content of aluminum in the surface layers  of calorized specimens and 
chromized-calorized specimens. 

The evaporation of aluminum is possible since the oxide film formed on 
the surface of the metal  is porous, and fails i f  the volume of the surface 
layer  is changed. 

CONCLUSIONS 

1. Heating a t  1100°C leads to an appreciable reduction in the content of 
aluminum, and to a much smaller  reduction in the content of chromium, in 
the surface layer of calorized and chromized-calorized specimens. 

2 .  It has been assumed that the high loss of aluminum is due to i ts  
evaporation. 
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0.S. Ivanov, I. I .  Raevskii ,  and M .  S. Skryabina 

COMPARATIVE STUDY ON THE OXIDIZABILITY AND 
HEAT RESISTANCE OF NIOBIUM-BASE ALLOYS 

Niobium is a metal with very  remarkable  physical and mechanical 
properties: i ts  high melting point (2415°C) makes i t  a suitable base for  
heat-resistant alloys, i ts  relatively low density (8.4 g/cm3) makes it very  
valuable in the a i rc raf t  industry and other fields, and due to i t s  high 
ductility niobium is more  readily shaped than tantalum, molybdenum, o r  
tungsten. These features of niobium have promoted the development of 
niobium alloys during the last  ten years /1-6/. 

A number of studies to determine the s t ructure  and the properties of 
niobium alloys have been carr ied out in the A.  A. Baikov Institute of Metal
lurgy, ANSSSR. Among the subjects studied were the influence of 2-lOat.70 
of Ti, V, Cr ,  and Mo on the kinetics of oxidation and on the absorption of 
gases  by the surface layers  of niobium alloys containing 10  and 30 at .  yo of 
zirconium a t  500 and 1000°C in the air / 6 / .  Investigations were also car r ied  
out on the microstructure, forgeability a t  1100°C, hardness a t  1000°C, 
recrystall ization temperature, cold working, and the heat res is tance of 
alloys of the niobium corner  of the Nb-W-V system containing up to  40wt% 
of tungsten and vanadium, and obtained by arc and electron-arc melting. 
The oxidizability in the air  and the penetration of gases in niobium alloys 
containing 0.4-3 wtqo of C r + T i  have also been studied. Tes ts  were car r ied  
out to find the microstructure  of these alloys, forgeability a t  11OO"C, 
recrystallization, cold working, hardness at  400-1 OOO'C, and the corrosion 
resis tance in water and in carbon dioxide a t  elevated temperatures  and 
under high pressures  of binary alloys Nb-Ta (up to 35 wt 7' Ta),  Nb-Mo 
(up to 20wt7'0 Mo), and of ternary niobium-base alloys Nb-Ta-W (up to 
35wtq0 of Ta+W) and Nb-Mo-W (up to 20wtqo Mo+W) melted under argon 
in an  a r c  furnace. We also studied the microstructure  of alloys of the 
niobium corner  of the ternary Nb-Ti-Zr (up to 30wt70 T i + Z r )  system 
melted under argon in an  a r c  furnace, their  forgeability a t  lOOO"C, work
ability during cold rolling, recrystallization, tensile strength a t  8OO0C, and 
their  oxidizability in the air  a t  800°C and corrosion in water a t  elevated 
temperatures  and a t  high pressures .  In the same  way, alloys were studied 
and isothermal sections of the niobium corner  of the ternary Nb-Zr-Cr 
(up to 3Owtq0 Z r + C r )  system were constructed. Ternary  Nb-V-Zr alloys, 
including alloys containing Mo, Ti, Cr,  and W, and a l so  Nb-Cr-Mo alloys 
containing Be, Ce, V, and Ti, were  tested for oxidizability in the air a t  
500--1000"C, in water, and in carbon dioxide a t  elevated temperatures  and 
under high pressures .  

As a resul t  of these studies we found the optimum properties of alloys. 
Due to the large number of alloys that have been proposed for  industrial  

use, i t  was necessary to ca r ry  out comparative tes t s  to find their  work
ability, heat resistance,  and high-temperature strength. The resu l t s  of 
the f i rs t  stage of these comparative tes ts  are given below. 

The compositions of the alloys studied are given in Table 1. Alloys 
Nos. 1-12 were taken f rom the above papers.  Some alloys are known from 
foreign l i terature  o r  are variants of alloys which we developed." 

Some variants of alloys (Nos. 15-18, 21, 22, 28) were suggested by L.I. Gomozov. Alloy No.31 was 
developed in VIAM. 

340 



I 


TABLE 1. Composirions of alloys studied 

No. of Composition, w t  70alloy 

1 
2 
3 
4 
5 
6 

7 
8 
0 

11) 
11 
12 
13 
14 
15 
lti 
17 
18 
19 
2n 
21 
22 
' 3  
24 
25 
28 
29 
311 
31 

Nb 4Ti +lZr 

Nb 1-8Ti t 2 Z r  

Nb t l f iT i t4Zr  

Nb ;-3.3Moj-l. 7W 

Nb '-1. iMof3.3W 

Nb+i.5W+Z .5Ta 

Nbf5MO 

Nb+5V 

Nbd-3.3Mo+3.1Al 

Nb+3.1Mo+4.9Zr 

Nb-} 3.7Mo+1.5AI 

Nb4-1UTi+3V+3.75Mo-t 1.25Cr 

Nb i+7Ti+ZOW+3Mo+lZr 

Nb+7Ti+ZOW + 3MoflZrflMn 

Nb t4OTi t5Mo+BCr +5AI+IMn 

Nb f4OTi +1OW +8Cr +5A1+1 Mn 

Nb-{ 49Ti +5Mo+lOCr (-5AI+IMn 

Nb+44Ti-+lnW+IOCr +-5AI+IMn 

Nb+2OTi+lclMo+lZr 

FS-85(9),16--F-50(10), 27--F-48(4) 

Nb-}45Ti+l4W+4.3AI +4Cr+0.7Mn 

Nb -144.7Ti t14W-(-4.3hl-l 4.(JCr kIJ.7Mn t l 1 . X  


Nb 1.4IlTi I-5MoI-RCr I lMn 

Nb ! 41)Ti I5Mo-t5Alt 1Mn 

Nb 1 4lrTi ;-5MoflMn 

Nb t'ilTi,-3Cr j 3V l5AI i-4W :1Mn 

Nb 14Mo 

Cb-74(9). X-D-43(11) 

BH-2 


I Source 

Experimental 
specimens 

(8) 

Experimental 
specimens 

Ex periinental 
rpecimens 

PREPARATION OF ALLOYS AND METHODS 
OF INVESTIGATION 

Preparation of alloys. The alloys were melted in an a r c  furnace with a 
nonconsumable tungsten electrode in an atmosphere of argon. The weight 
of each ingot was lOOg. To mix the components better, a l l  the alloys were 
initially cast  into 25g ingots. After 4-5 consecutive meltings these ingots 
were melted together by adding one a t  a time into the crucible. The alloys 
containing C r ,  Al,  V and Mn, were melted in an a r c  furnace under increased 
pressure of argon (400-500" of Hg); evaporation during melting was 
thus reduced. The composition of the alloys was determined by selective 
chemical analysis. Cast alloys with a high content of titanium (45%)and of 
tungsten (14-200/0) showed strong liquation, but after the alloys had been 
homogenized the liquation disappeared. This was shown by microstructural  
analysis. The alloys were homogenized for 3-5 h r  in a TVV-4 furnace a t  
1500°C in a vacuum of 10-4mmHg. The alloys w e r e  not subjected to plastic 
deformation. 

Method of evaluating the heat resistance of alloys. For  these tesLs we 
used cylindrical specimens 5-6 m m  in diameter and about 10 mm high. The 
surface of the specimens was electrolytically etched. The resistance of the 
alloys to oxidation in the a i r  was found by weighing periodically and 
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calculating the weight gain per  unit surface area. The alloys were  oxidized 
incel i te  [lined] furnaces in AlZO3crucibles heated to a constant weight. The 
temperature  of the furnace was controlled by a platinum-platinum-rhodium 
thermocouple, and was constant with an accuracy of f1O"C. 

Evaluation of the heat res is tance of alloys.  The heat res is tance of alloys 
was found by measuring their  hardness  a t  800, 900, 1000, 1100, 1200, 1300, 
and 1400°C. The hardness  was measured by a tes te r  designed by IMET in a 
vacuum of 10-4mmHg. The specimens for  these measurements  were  shaped 
as cylinders about 14" in diameter  and 4-5" high. The surface of the 
specimen on which measurements were  car r ied  out was polished. The 
indentor was made of a saphire  c rys ta l  in the fo rm of a four-plane pyramid, 
with an angle a t  the apex of 136". The indentor was loaded with a 2.5kg 
weight. The diagonals of the indentations were measured under a micro
scope a f te r  the specimen was cool, and the hardness  was calculated f rom 
these data. The temperature  of the specimen was measured by a W-(Mo+Al) 
thermocouple connected to  a PP-type potentiometer. The hot end of the 
thermocouple was placed into an opening in the lower end of the specimen. 

RESULTS AND DISCUSSION 

All data on the oxidation of alloys and on their  hardness  at  elevated 
temperatures  are the average data of 2-3 measurements car r ied  out on 
different specimens prepared from an ingot of the same melt .  

Resistance of alloys to oxidation a t  800, 900, 1000, and 1200°C. The 
resis tance of alloys to oxidation a t  800°C is shown in Figure 1,a. At this 
temperature  the best alloys (21 and 22) have the following composition: 
Nb+ 45Ti+ 14W+ 4.3Al+4Cr+ 0.7Mn, Nb+ 44.7Ti+ 14W+4.3A1+ 4 C r +  0.7Mn+ 
+0.3C. These alloys have a high titanium content besides W, Al, and Cr,  
and differ f rom one another in the carbon content (0.3% C in alloy No. 22). 
The weight gains of these alloys af ter  lOOhr of testing were 7.5 and 22 mg/ 
cm2, respectively. The somewhat poorer res is tance of alloy No. 22 is due 
to the presence of carbon. Alloy No. 28 (Nb+41Ti+3Cr+3V+5A1+4W+lMn) 
and the binary alloy No.  8 containing 5qoV are also very resistant,  but the 
la t te r  has  a poor res is tance to oxidation a t  elevated temperatures .  Alloys 
No. 15 and 19 with 40 and 20% of Ti  and Mo, Zr ,  AI, Cr ,  and Mn a lso  have a 
good resis tance to oxidation, and their  weight gains af ter  lOOhr of testing 
were 84 and 50 mg/cm2, respectively. Alloy No. 6 containing 7.5W and 
2.5Ta has  a low resis tance to  oxidation a t  800°C. Its weight gain af ter  20hr  
of testing was 289 mg/cm2. The well-known industrial high-strength alloys 
FS-85 (alloy 20), F-50 (alloy 26) and F-48 (alloy 27.) have a ve ry  low 
resis tance to  oxidation. The FS-85 alloy oxidizes more  rapidly than 
unalloyed niobium. 

The multicomponent alloys (Nos. 16, 18, 21, 22, and 28) containing 40
45%Ti, 4-1470 W, and 3-1070 Cr,  4-5q0A1, 0.7-1q0 Mn, and 37"V have the 
highest res is tance to oxidation a t  900°C. None of these alloys contains 
molybdenum. F o r  example, by comparing the oxidizability of alloys 15 and 
16 i t  can be seen that if 1 0  wt yo W is substituted by 5 wt yo Mo (about identical 
contents of tungsten and molybdenum calculated in at.%) there  is a decrease 
in the heat res is tance of the alloy. Alloys 16 and 18 contain not only chro
mium, aluminum and manganese, but a l so  10% of tungsten, and af ter  150hr  
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FIGURE 1. Resistance of alloys to  oxidation: 

a - at 800T; b- at 1000°C. 

of testing their  weight gains were 15 and 21  mg/cm2, respectiveJy. Alloys 
21 and 22 have the highest contents of titanium and tungsten; they slowed 
the highest res is tance to oxidation at  800°C. and remained the best  a t  900OC. 
The most heat-resistant alloy is alloy N o .  21 ( N b + 4 5 T i + 1 4 W + 4 . 3 A l + 4 C r +  
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+0.7Mn). I ts  weight gain af ter  150h r  of heating was 11mg/cm2. An alloy 
of similar composition (No. 17) with molybdenum in place of tungsten has  
considerably lower heat resistance.  

Data on the oxidizability of alloys a t  1000°C are given in Figure 1,b. 
Alloys No.28 (Nb +41Ti + 3 C r  + 3V + 5A1+ 4W+ 1Mn) and No.21 (Nb + 45Ti+ 14W+ 
+4.3A1+4Cr+0.7Mn) have the highest res is tance a t  this temperature. The 
weight gains of these alloys af ter  lOOhr of testing were 26 and 37mg/cm2, 
respectively. It is interesting to point out that the multicomponent alloys 
containing 40% of T i  o r  more  can be placed in the following series according 
to descending heat resistance a t  1000°C: alloy No. 28 (41Ti-4W), alloy No.21 
(45Ti-14 W), alloy No.  18 (44Ti-l0W), alloy No. 16 (40Ti-l0W), alloy No. 15 
(40Ti-5Mo) and alloy No. 17 (49Ti-5Mo). The substitution of tungsten by 
molybdenum once again reduces the resis tance of the alloys to oxidation. 
Of the alloys containing more  than 70%Nb, the most heat-resistant is alloy 
No.3 (Nb+l6Ti+4Zr) .  The Cb-47 alloy (alloy No.30), which at  1000°C has 
a lower heat resistance than unalloyed niobium and the Nb + 7.5W+2.5Ta 
alloy, is the least  resistant to oxidation at  this temperature. 

At 1200°C almost all alloys have a low resis tance to oxidation and fail 
af ter  10-20hr of testing. An exception are alloys No. 15 (Nb+40Ti+5lVIot 
+ 8Cr  + 5A1+ 1Mn) and No. 17 (Nb + 49Ti+ 5Mo + 10Cr + 5A1+ 1Mn). After 
150hr  of testing the weight gains were 91 and 149mg/cmz, respectively. 
Alloys Nos. 21 and 22 with 45%Ti  and 14%W, with additions of aluminum, 
chromium, and manganese, were the most heat resistant a t  800-1000"C, 
but failed during the f i r s t  hours of testing a t  1200°C. Of the alloys with 
more  than 70% Nb, the alloy Nb+lOTi+3V+3.75M0+1.25Crhas the highest 
res is tance a t  1200°C. 
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FIGURE 2. Influence of additions of molybdenum (1) 
and of tungsten (2 )  on the resistance of alloys to oxida
tion a t  800-1200'C: 

1- alloy No. 15  (Nb+ 40Ti+ 8Cr+ 5Al+ 1Mn+ 5Mo); 
2- alloy No.21 (Nb+ 45Ti+ 4Cr+ 4.3A1+ O.'7Mn+14W); 
2'- alloy No.18 (Nb+ 44Ti+ 10Cr+ 5A1+ 1Mn+ low). 

Alloys with the highest heat resistance in air  at  800-1200"C had a weight 
gain of up to 100mg/cm2. These alloys can be divided into two subgroups, 
one contains tungsten and the other molybdenum. These multicomponent 
alloys with a high content of titanium and some tungsten are much more 

5439 344 



resis tant  to oxidation a t  800-1 000°C than alloys of s imi la r  composition 
containing molybdenum. At 1200”C, the opposite is true and alloys contain
ing molybdenum are more  resis tant .  

Our data on resis tance to oxidation a t  800-1000°C contradict the data of 
Sims and Klopp /7/,who found that tungsten has  a detrimental influence on 
the resis tance of niobium to oxidation a t  1000°C. We a l so  found that the 
oxidizability of alloys containing tungsten is greatly increased (by almost  
one o rde r  of magnitude) if  the temperature is increased f rom 900 to 1000°C 
(Figure 2). The beneficial influence of molybdenum on the heat res is tance 
of niobium alloys at  elevated temperatures  w a s  confirmed by Ardzhent and 
Felps  / l2 /  who believe that this is due to the sintering of the Mo ( MOO,) 
oxide. 

The addition of 8-107’0Cr is l e s s  effective than the addition of 3-57’0Al. 
This agrees  well with the data of Sims and Klopp /7/, who explained that the 
reason for  the low effectiveness of the addition of chromium to niobium in 
amounts of less than 207’0 is that chromium has about the same  affinity for 
oxygen as niobium. We found that the heat res is tance of niobium alloys is 
increased most  by adding chromium and aluminum in amounts of 10-127’0. 

If the heat res is tance a t  800°C of alloy No. 14 (Nb-7Ti-2OW-3Mo-lZr
1Mn) is compared to that of alloy No. 13, which differs f rom the former  in 
the presence of 1% manganese, it  is seen that this addition more  than 
doubles the heat res is tance.  

Heat res is tance and hot hardness  of alloys. An analysis of the dependence 
of the hardness  of alloys on temperature  over the range 800--1400°C shows 
that all alloys with a high titanium content have a low hardness  a t  elevated 
temperatures .  The hardness  of 50kg/mm2 a t  800°C drops to 1 -2  kg/mm2 a t  
1300--1400°C. Alloys with more  than 70% of niobium and additions of tungs
ten, molybdenum, tantalum, and chromium, have a better hot hardness .  
The hardest  alloys are  F-48 (Nb-15W-5Mo-lZr-O.lC), F-50 (Nb-15W
5Mo- 5Ti-1 Zr- 0.1C),  and No.14 (Nb-7Ti-20W-3Mo-1 Zr-1 Mn). A t  1400°C 
the hot hardness  of these alloys is 40-50 kg/mm2. The addition of 1%Mn to 
the Nb-7Ti-ZOW-3Mo-lZr alloy makes it a little harder  a t  t empera tures  
up to 1200--1300°C. However, the increase is insignificant a t  1400°C. 

The heat res is tance and the hot hardness  of most  of the alloys that we 
studied a r e  shown in the diagram in Figure 3. The most favorable combina
tion of heat res is tance and hot hardness  at  1200--1400°C was found in the 
alloy Nb-7Ti-ZOW-3Mo-1 Zr-1Mn. 

CONCLUSIONS 

1. We studied the resis tance to oxidation of niobium-base alloys, 
suggested by different authors, in the air  a t  8120, 900, 1000, and 1200°C. 
Of the alloys prepared by a r c  melting the most  res is tant  to oxidation a t  
800-1 000°C a r e  the following: Nb-45Ti-14 W- 4.3Al- 4Cr-0.7 Mn ( alloy 
No. 21) and Nb-4lTi-4W-5A1-3Cr-3V-lMn (alloy No.  28). The weight 
gain of these alloys over  the above temperatures  var ies  f rom 7 to 36 mg/cm2 
af ter  lOOhr of oxidation. At 1200°C all alloys, except No. 15 (Nb-4OTi
5Mo--8Cr-5Al-lMn), have a l o w  resis tance to oxidation. The weight gain 
of alloy No. 15 af ter  150hr  of testing was 91 mg/cm2. Of the alloys 
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FIGURE 3. Heat resistance and hot hardness of alloys at  800--1400°C: 

1- 800°C; 2- 1OOO'C; 3- 1200°C; 4- 1400°C. 
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containing more  than 70wt7o of niobium, No.3, Nb-l6Ti-4Zr, and No.12, 
Nb-l0Ti-3V-3.75Mo-l.25Cr, have the highest resistance to oxidation at  
800 -1 2 00°C. 

We found the influence of a number of elements (tungsten, molybdenum, 
chromium, aluminum, manganese and carbon) on the resis tance of niobium 
alloys containing 40-4570 T i  to oxidation at  800--1000°C. It was found that 
the addition of tungsten to these alloys is more effective than additions of 
molybdenum. At 1200°C additions of molybdenum a r e  more  favorable than 
additions of tungsten. 

2. We determined the heat resistance of some alloys prepared by a r c  
melting, by measuring their  hot hardness at  800--1400°C. It was found that 
alloys F-50 and F-48, and No. 14 (Nb-7Ti-20W-3Mo-lZr-lMn) are the 
most  heat res is tant  a t  these temperatures. Their  hardness a t  1400°C lies 
between 40 and 50 kg/mm2. 

3.  It should be pointed out that the niobium-base alloy No. 14 (Nb-7Ti
20W-330-1 Zr-1Mn) has  the optimum combination of oxidation resis tance 
and heat resistance,  and high-strength alloys such as F-48 and F-50 have 
a resis tance to oxidation differing little f rom that of unalloyed Nb. 
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G .  V .  Zemskov, R .  L .  Kogan, und A .  V.Kostenko 

STUDY OF BINAR Y HEA T -RESISTANT SILICON- BASE 
DIFFUSION COATINGS FOR NICKEL ALLOYS 

As metals and alloys are used a t  elevated temperatures  and in highly 
corrosive media, the problem of their  protection against corrosion in gases 
is very  important. Studies car r ied  out to increase the resis tance of nickel
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base alloys to corrosion in gases  a r e  of the greatest  theoretical  and practical  
significance. 

The heat resistance of nickel-base alloys is particularly low in gas  media 
containing sulfur, a s  the formation of low-melting sulfides and their  eutec
tics with nickel and nickel oxides is facilitated /1,2/. Vanadium pentoxide 
dissolves the oxide fi lm on the alloys and leads to the formation of pits /3/ .  
If the gas  contains large amounts of seawater vapor the high content of 
chloride ions leads to an attack on the surface of nickel alloys 141. The heat 
resistance of nickel-chromium alloys can be increased by protective 
coatings. 

This work was carr ied out to develop and investigate single-component 
and multicomponent silicon-base diffusion coatings for the ZhS nickel-chro
mium alloy. Such coatings will protect the alloy against gas  corrosion in an 
atmosphere of combustion products of sulfur-containing fuel, o r  in one with 
seawater vapors.  These coatings also increase the heat resistance of the 
ZhS alloy in the a i r .  

We studied diffusion coatings containing silicon and aluminum, silicon 
and titanium, and silicon and chromium. The coatings were produced by 
sim-ultaneous o r  separate diffusion of these elements.  

In our  choice of elements for producing the two-component coatings for  
the ZhS alloy, we were guided by the following considerations. 

Silicon, aluminum, and chromium, increase the general  heat res is tance 
of the alloy, and form a passivating fi lm of oxides on i t s  surface.  On the 
other hand, aluminum and titanium increase the heat res is tance of nickel-
chromium alloys, since heating at  elevated temperatures leads to a decrease 
in the content of these elements which determine the high-temperature 
strength of the alloy in the surface layer .  The increase in the content of 
titanium and aluminum in the diffusion layer  wi l l  avoid secondary factors 
such a s  the formation of cracks and of open-grain boundaries. 

Diffusion coatings of several  elements produce complex and not simple 
oxides on the surface layer of the element. The diffusion ra te  in complex 
oxides is lower than in oxides of individual elements.  Thus, the formation 
of spinels is accompanied by an increase in the resis tance of alloys to 
oxidation. If the composition of spinels is more  complex, there is a change 
in their  lattice parameters .  The smaller  the latt ice parameter  of spinels 
formed during the oxidation of metals and alloys, the more  effective is 
their  protective action 151. 

Diffusion coatings of several  elements lead to the formation of complex 
compounds of diffusion elements with the elements of the alloy in the 
surface layer,  and also of intermetallic compounds between the diffusion 
elements themselves. A homogeneous zone of si l icides on the surface of 
the metal  w i l l  greatly increase i t s  res is tance a t  elevated temperatures  and 
in corrosive media. Thus, for example, titanium disilicide, TiSi,, has  a 
high resis tance to scaling. When oxidized TiSi, becomes covered by a 
dense adherent vitreous film of oxides, apparently consisting of a mixture 
of titanium sil icates of the eutectic type 161. 

Finally, to produce a protective coating, low-melting eutectics between 
the oxides and other compounds should not be formed. If the corrosive 
medium contains sulfur, the diffusion elements wi l l  probably bind it into 
high melting sulfides. The most favorable elements a r e  silicon, titanium, 
and chromium (Tmelt Cr2S3>1550°C, Ti2S-1200"C, SiS,> 1090°C). 
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To cover ZhS alloys specimens by a diffusion coating, the alloys were 
immersed  into a vesse l  containing the cor rec t  powder and heated to 900
1000°C. The vessels  were closed by fusible seals .  We studied the influence 
of the temperature and of the duration of the diffusion process and of the 
composition of the powders on the properties of the coatings (thickness of 
diffusion coating, microhardness, phase composition, and behavior during 
service) .  

To study complex diffusion coatings a new method was suggested for  
determining possible complex diffusion coatings, and also the compositions 
of the powders f rom which two-component diffusion coatings should be 
produced. This is very important since because of the different diffusion 
coefficients of the diffusion elements in the alloy, and also because of the 
mutual influence of these elements on one another, a t  a certain composition 
of the powder the depth of diffusion and the concentration of one or of both 
elements in the surface layer  may become very small .  Thus, we studied 
the influence of the composition of the diffusion mixtures during diffusion 
coating by two elements on the properties of the final diffusion coatings. 
When the diffusion was car r ied  out with both elements simultaneously, the 
content of each element in the mixture varied from 0 to 100% in 10% stages.  
If the diffusion was carr ied out f i r s t  with one element and then with the 
other, the second element diffused from mixtures in which its content was 
15, 25, 50, 75, and 9570. 

Coatings produced by the optimum processes were tested for corrosion 
in gases  and for heat resistance.  

Corrosion in gases  was tested on a special  semi-industrial  set-up 
simulating service conditions of vanes of gas  turbines in an atmosphere of 
combustion products containing sulfur and seawater vapors at  900°C (the 
experiments were carr ied out by K. I. Lutsenko). 

The heat resistance was tested in the atmosphere a t  1000°C for 100
300hr .  

The heat resistance of the diffusion coatings was measured from the 
microstructure,  penetration of corrosion, and also the phase composition 
determined by the X-ray method. 

For  two-component coatings the resul ts  can be represented in graphical 
form: properties of coating versus  composition of the diffusion powder. 

Such a diagram for  Si + Ti, Si+ Cr ,  and Si + A1 compositions is shown in 
Figure 1.  The common and characterist ic feature of these three composi
tions is that the thickness of the diffusion layer  decreases  smoothly with 
increase in the content of titanium, chromium, and aluminum, in the 
powder. Let us consider the curves representing silicon + titanium 
compositions. If the content of titanium in the powder is up to ZO%, silicon
izing is the predominant process .  The microhardness of the coating is the 
same a s  that of siliconized layers  (1085-1 123 kg/mm2). If the content of 
titanium in the powder is from 20 to 9570 both elements diffuse into the alloy. 
However, the coating is thinner than during siliconizing. The formation of 
a complex coating is confirmed by i ts  microhardness, which decreases  
smoothly with increase in the content of titanium in the powder. A pre
dominantly titanizing process  takes place only from mixtures containing 
from 95 to 100% of titanium. In this case the microhardness of the surface 
corresponds to that of the external zone of a titanized coating (800kg/mm2). 

The dependence of the depth of the diffusion coating on the content of 
elements in the powder was s imilar  at  other temperatures of the diffusion 
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coating also.  If the temperature of the process  is increased, the depth of 
the complex titanium-silicon coating increases.  However, the optimum 
conditions for complex impregnation by silicon and titanium is a temperature 
of 900°C for 1 0 h r .  At more  elevated temperatures the quality of the 
resulting surface is inferior.  

The shape of the curve representing the dependence of the l inear  dimen
sions on the content of elements in the powder is s imilar  to that of the curve 
showing the depth of impregnation. 

The formation of a complex diffusion coating is accompanied by the 
formation of a qualitatively new structure.  Siliconized coatings consist of-

a uniform finely dispersed mixture 
of nickel silicide NizSi and chromium 
silicides CrSi, and CrSi, but the 
coatings produced by a mixture 
containing from 20 to 35% of titanium 
consist of three characterist ic zones. 
The upper nonetchable zone has  a 
high microhardness (1035kg/mm2), 
and consists mainly of titanium 
disilicide but phases of the N i s i  type 
a r e  a lso found. 

The structure of the second zone 
of the diffusion coating is different. 
It resembles  the structure of a 
titanized coating, but af ter  etching 
it can clearly be seen that the upper 
zone consists of two layers .  Accord
ing to the data of an X-ray analysis, 
the upper part  of the coating consists 
of phases s imilar  to those obtained 
by titanizing (Ni3Ti and NiTi). 
Obviously the influence of silicon is 
apparent in the deeper part  of the 
coating. 

Thus, these resul ts  show that 
this method of studying the complex 
diffusion process is very valuable 
since regions of impregnation by 
both elements can be investigated. 

FIGURE 1. Dependence of rhe basic characteristics of A study of ZhS alloys impregnated 

diffusion coatings on the composition of the diffusion by chromium and silicon also showed 
powders : that a region of impregnation by both 

elements a lso exists.  If the content
1 - S i +  Al;  2 - S i t  Cr; 3 - S i t T i .  

of chromium in the Dowder is from 
35 to 8570, the diffusion coating 

contains phases with a lattice of the Cr,Si, CrSi2, and CrgSi3type only. The 
microhardness of the surface of the complex coating is lower than that of 
siliconized surfaces, but higher than that of chromized surfaces (750 kg/ 
mm'). This relationship also holds i f  the process is carr ied out a t  other 
temperatures,  or if  powders with an inert  mater ia l  a r e  used. 

The Al-Si compositions are of particular interest  when preparing 
complex diffusion coatings, since each of these elements appreciably 
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increases the resistance of the surface to corrosion in gases .  To avoid the 
formation of brittle coatings, 4570 of aluminum oxide is added to the mixture. 
Figure 1 shows that the depth of the diffusion coating increases with increase 
in the content of aluminum. 

In these coatings i t  is impossible to determine the individual regions of 
the complex coating by metallographic analysis, since the coatings of silicon-

and aluminum are of the same type, and 
consist of a finely dispersed mixture of 
a solid solution with nickel and chromium 
silicides produced by siliconizing, and of 
nickel-aluminium compounds produced 
by calorizing. The microhardness 
changes smoothly from siliconizing to 
calorizing. In all the calorized- silicon
ized specimens that we studied, the 
predominant phase is of the Ni2A13type. 
Silicon is present in the diffusion coating 
a s  chromium silicides CrSi or  CrSi,. 
In addition, silicon apparently dissolves 
in the lattice of Ni2Al3. 

The production of a complex coating 
by the diffusion of one element after the 
other was of great interest .  It has been 
experimentally shown that impregnation 
by silicon and then by titanium, chro-

Content of Al(Si1. 70 mium, o r  aluminum, o r  vice versa ,  
produces good diffusion layers  on ZhS 

FIGURE 2. Dependence of the chief character- alloys with a clean surface.  The diffusion 
istics of aluminum-silicon coatings on the of silicon into the alloy through a titanium 
content of aluminum in the powder. Thediffu- o r  aluminum undercoat is difficult, and 
sion coating was produced by separate diffusion therefore this leads to adsorption ofof rhe individual elements: 

silicon on the surface, not to i t s  diffusion. 
1-Si-AI. 800°C; 2- Si-AI, 9OO'C; 3- In a l l  our experiments siliconizing
AI-Si, 9OO'C. was ca r r i ed  out a t  900°C for 1 0 h r .  

Titanizing siliconized specimens 
leads to the Droduction of a diffusion 

coating with a microstructure ra ther  similar to that of siliconized materials.  
However, these specimens have a new zone which cannot be etched and a 
microhardness of 1035kg/mm2. This zone consists mainly of titanium 
disilicide. The depth of this zone is little influenced by the content of 
titanium in the powder, but is greatly increased by an  increase in 
temperature.  

The impregnation of siliconized specimens by aluminum from mixtures 
containing from 25 to 9570 of aluminum leads to a thickening of the diffusion 
coating (Figure 2), and to a change in the dispersion of the microstructure.  
The microhardness of such coatings produced in a mixture containing 50, 
75, and 95% of aluminum is close to that of calorized layers .  The upper 
regions of such coatings consist mainly of the Ni2A1, compound. These 
coatings also contain another phase, but i t s  composition has  not yet been 
determined. The content of this phase is not influenced by the concentration 
of aluminum in the powder. 
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FIGURE 3. Microsuucture of diffusion coatings after rem for corrosion in gases: 

a- without coating; b -Al+ Si, X200; c- Si- Ti, X340. 

The thickness of the diffusion coating does not increase if caiorized 
specimens are impregnated by silicon (see Figure 2) which indicates that 
silicon does not diffuse through caiorized layers. The microhardness of 
such layers decreases toward the interior due to coagulation of the alumi
num-nickel compounds and because these coapounds are very little 
resorbed by the calorized layer. 

The coatings produced by chromizing siliconized specimens have a 
microstructure similar to that of siliconized specimens. However, the 
upper part of such coatings has an additional zone consisting of chromium 
silicides. The 6epth of the coating is little influenced by an increase in 
the content of chromium in the powder. 

A study of the resistance of the above coatings to corrosionin combustion 
gases containing sulfur and seawater vapors, and of their heat resistance 
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in a i r  showed that on uncoated specimens considerable damage can be seen 
even with the naked eye, but diffusion-coated specimens have a completely 
smooth surface on which no damage is visible. 
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FIGURE 4. Diagrammatic representation of the results of tests on diffusion coatings: 

a - corrosion in gases; b- heat resistance, 1- total thickness of coating; 2- damaged part of coating. 

F r o m  the microstructure  of coated and uncoated specimens ( see  Figure 3), 
it was seen that in uncoated alloys the corrosion penetrates deeply, and is 
intergranular in nature .  In coated specimens the damage, if  it  exis ts  a t  all,  
is local. A diagrammatic representation of the resul ts  showing the total 
thickness of the coating and the thickness of the damaged l aye r s  is given in 
Figure 4 .  

The diagram shows that complex silicon-aluminum coatings produced by 
the simultaneous diffusion of both elements a r e  the most res is tant  to cor ro
sion in gases, and that the microstructure  of the specimen is not changed by 
this corrosion. 

Coatings produced by the method of consecutive diffusion were damaged 
to a depth of 35y, but in unprotected alloys to a depth of 1000-1500y. 

Of the titanium- silicon diffusion coatings, the most res is tant  a r e  those 
produced by the method of successive alloying. The damage occurs  a t  
separate  points. The resis tance of titanium-silicon diffusion coatings ( to  
corrosion) i s  ra ther  inferior to that of aluminum-silicon coatings. An 
X-ray analysis of the surface of complex diffusion coatings showed that they 
consist mainly of spinel-type phases, and to a l e s se r  extent of oxides of the 
elements in the coating. No nickel oxide was found in the scale .  

Chromium- silicon diffusion coatings have a low corrosion resis tance in 
gases .  Oxidized chromium silicides do not form a dense film impermeable 
to gases .  A thin protective silicate film may be absent because CrzOBdoes 
not dissolve in SiOz. 

The resu l t s  of tes t s  on heat res is tance show that aluminum-silicon 
diffusion coatings produced by the simultaneous diffusion of both elements 
have the best propert ies .  The surface of aluminum-silicon diffusion 
coatings does not change i t s  external  appearance a s  a resu l t  of the test, 
and no change in microstructure  has  been found. 

Aluminum-silicon diffusion coatings produced by the method of succes
sive alloying a r e  damaged to a depth of 35--70~. The Si-A1 coatings are 
more resis tant  than the Al-Si coatings. 
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Titanium- silicon coatings are ra ther  less resis tant  than aluminum-
silicon ones.  Chromium-silicon coatings have the lowest resiFtance, and 
the zone of chromium silicides is completely damaged. 

CONCLUSIONS 

1. We studied the process  and developed a technique for coating ZhS 
alloys with two-component diffusion coatings of silicon and aluminum, 
silicon and titanium, o r  silicon and chromium. 

We found that the most important factor which determines the quality of 
two-component diffusion coatings is the composition of the powder, and we 
found the dependence of the basic character is t ics  of the diffusion coating 
(depth, microhardness  and phase composition) on this factor.  

2 .  We found that the coatings studied greatly increase the resis tance of 
the metal  against corrosion in gases  and in combustion atmospheres  
containing sulfur and seawafer vapors,  and a l so  their  heat res is tance in air. 
Two-component coatings are more  resis tant  to corrosion than single-
component ones. 
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D. V .Ig-nutov, R. S. Ivanova, and N.  B .  Abramova 

ELECTRON DIFFRACTION AND KINETIC STUDIES 
ON THE REACTION BETWEEN HEAT-RESISTANT 
METALS AND OXIDES, AND RESIDUAL GASES 
AND VAPORS IN VACUO ( 10-3-10-5 tmr) AT 
ELEVATED TEMPERATURES 

A study of the reaction between heat-resistant metals  and oxides and 
their  reaction with residual gases  and vapors  (O,, N,, H,O, CO,, CH,, e t c . )  
in  vacuo a t  elevated temperatures  is of great  theoretical  and practical  
importance. 

354 



I 

In this art icle we shall  report  the generalized results of electron 
diffraction studies on the reaction between thin films of tungsten and oxides 
(AlzO3, ZrO, and HfO,), and their  reaction with gases  and vapors a t  a 
pressure of 10-~--10-~to r r .  

We shall  also discuss the resul ts  of the kinetic and electron diffraction 
studies on the reaction of molybdenum with gases  and vapors a t  a pressure 
f rom 9 . to t o r r  over the temperature range of 600--1000°C. 

A s  the starting specimens we used f i rs t ly  thin films of tungsten and of 
oxides. The films of tungsten and of other metals  (300-400A) w e r e  produced 
by evaporation and condensation on other mater ia ls  (mica, sodium chloride). 
F r o m  these substances the films were separated by immersion in water, and 
were then taken from the water and placed on f rames  made of iridium 
( s t r ip s  20" long, 0.1 m m  thick, and 3 m m  wide, with openings 0.5-0.8 mm 
in diameter).  The thin films of heat-resistant oxides w e r e  produced by 
oxidizing Al,  Z r ,  and Hf foils. 

To obtain electron diffraction photographs with sharp lines, the tungsten 
and molybdenum specimens were placed into piles of tantalum and annealed 
in vacuo (10-4torr)  a t  800°C for one hour.  Preliminary studies showed that 
annealing in tantalum piles completely prevents the M o  and W specimens 
from carburizing. Under these conditions thin foils of Al, Zr ,  and Hf were 
completely oxidized during annealing. Therefore, the two-layer specimens 
consisting of W+A1,03, W + Z r O z ,  and W+HfO,, were first prepared in the 
form of two-layer foils of metals (W+ Al, W + Zr ,  W + Hf) by the above 
method of evaporation and condensation, and then the thin foils were 
annealed in tantalum piles. 

The initial thin foils of tungsten, oxides, and the two-layer foils of 
tungsten and the corresponding oxide, w e r e  annealed in a vacuum of 
l o d 6t o r r  over the temperature range of 800--1800°C. The device in which 
this annealing was carr ied out is described in 111. The oil vapors of p r e 
vacuum and high-vacuum pumps, and also the lubricants of the ground 
stoppers and valves, were frozen by liquid nitrogen. 

The molybdenum specimens were made of thin foils (obtained in the 
same way a s  the tungsten foils), o r  of 15X 1 0 x 4  mm plates. 

The kinetics of the reaction between the plate specimens was studied by 
the weight method, using torsional vacuum microbalances with a sensitivity 
of 10-6-10-7g per  division of the microscale of the microscope. This 
balance i s  described in detail in 121. The molybdenum specimens were 
heated in an electric furnace of special design which produced no magnetic 
field. The temperature was measured with an accuracy of f 10°C by a 
platinum-platinum-rhodium thermocouple introduced into the working 
space of the balance. The different pressures  of residual gases  and vapors 
(from 9 . 10-3-10-6 torr)  in the balance was produced by evacuating the 
atmosphere by prevacuum and diffusion pumps. The vapors of the pump 
oils and the lubricants of valves and ground stoppers were, i f  necessary, 
frozen by liquid nitrogen. 

The surface of the plate specimens was ground by emery paper and 
rinsed with acetone and alcohol. The specimens were then annealed in a 
vacuum of 5 . t o r r  a t  800°C in tantalum p i l e s  for 1 h r .  The impurities 
in the starting molybdenum consisted of 0.02 wtqo of carbon. 
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RESULTS AND THEIR DISCUSSION 

The resul ts  of electron diffraction 
studies on the reaction between thin 
foils of tungsten and of refractory 
oxides with residual gases  and 
vapors of hydrocarbons at  a pressure  
of 10-5-10-6 t o r r  are given on the 
table. Typical electron diffraction 
photographs of both the initial speci
mens and of carbides formed when 
these specimens were heated in 
vacuo are shown on Figure 1 .  

These data can be summed up as 
folloows: thin foils of tungsten (300
400 A) interact most  intensely a t  
14 0 0-1 6 00°C with hydrocarbon 
vapors  to form WC and W,C accord-

and therefore i t  cannot be found in 
the film. Small amounts of WOzare 
found at  1000--1200°C. Unfortunate
ly, we were unable to analyze the 
composition of the gases  and vapors  

u < + + + + o  .
i & > . g P . g , S  .u atmosphere. In our case y-A1203n 

~ 

g 0 "  
u was slowly transformed into cu-A1,O3 

3 ua u, n 
II apparently because the specimens 

3 3 3 3 l b  B+ + + + + - 0 the thermal  conductivity of A l z 0 3  is 
3 3 3 3 3 2  :g low, the edges of the film in contact> 

n: with the f rame were heated intense-
Q 0 n

2 0 0 g g 2  rcI ly, but particularly during short  

. . . a 0  0 
.z ," 2 2 z L Y 

x annealings the middle par t  of the 

.4 c-

IC 4 x film was not heated to the necessary  

356 




temperature. In this way we can explain the presence of traces of y-A1203 
in a foil heated to 1800°C-

FIGURE 1. Elecnon diffraction photographs of thin foiIs of tungsten 2nd of AGO,. ZrO,. and HfO, oxides 
heated in a vacuum of 10-5-10-6torr: 

2- W,initial foil; 6- W.15OO0C,Ihr (Wf WC .F W,C); c-AI,03, initial foiz (7-phase); d-AI,O,, 1800'C, 
1min (aiuaces of y-phase); e-ZZrO,, initid fiIm (cubic i- monoclinic); f-ZrO,. 1600°C.l h r  CZZrO,, 
(cubiccmonoclinic) tZrC1; g- HfO,, iniriaI fiIm (monoclinic); h- HfO,, 1800"C,30min (monoclinic). 

The ZrOz oxide with a cubic and monoclinic structure is stable up to 
1600°C. At 1600°C zirconium carbide ZrC was found in addition to the 
oxide. 

The reactions between two-layer specimens and gases under the same 
conditions are quite different. Inall three systems W+A1203, W t Z r O ,  and 
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W+HfO,, the content of tungsten in the foils decreases  with increase in the 
temperature of annealing. This was qualitatively confirmed f rom the 
decrease in the intensity of the diffraction rings on the electron photographs. 
Thus, for example, no free tungsten was found in foils consisting of tungsten 
and oxides of aluminum and of zirconium a t  1600°C.  In Table 1 the phases 
in the foils with the greatest  intensity of reflections are placed f i rs t .  

Another peculiarity of the interaction of these systems with gases  is that 
Z r C  and HfC a r e  formed in  the double-layer foils a t  lower temperatures  
than in pure oxide foils. For example, in ZrO, zirconium carbide is formed 
in  small amounts a t  1600"C, but in  the double-layer foils i t  is formed in 
about the same amounts a t  1200°C.  Hafnium carbide does not form a t  all in  
HfO, foils at 1000--1800"C, but indouble-layer foils s t a r t s  to form a t  1200°C.  

FIGURE 2. Kinetic curves of thereaction between 
molybdenum and gases and vapors a t  1000°C: 

1- pressure 5 torr after freezing out the oi l  
vapors; 2- pressure 9 torr without freezing 
out the oil vapors; 3- pressure 3 - torr after 
freezing out the oil vapors (prevacuum pump). 

Thus, the reaction between tungsten o r  double-layer foils of tungsten + 
oxide (A1,0,, ZrO,, o r  HfO,) with residual gases  at  a pressure  of 10-5-10-6 
t o r r  in vacuum devices fitted with liquid nitrogen traps,  leads to the forma
tion of carbides of tungsten, zirconium, and hafnium. In other words, the 
reaction of tungsten and Z r O ,  and HfO, oxides with vapors  of hydrocarbons 
(of the CH, type) is more  intense than their  oxidation by CO,, 02,and water 
vapor under the same conditions. The intense carburizing of tungsten /1/ 
under a pressure  of l o m 4t o r r  and a t  a temperature of 900-1000°C when the 
oil vapors were not frozen out (the fi lms were completely transformed into 
W2C and WC),  and the less intense carburizing under a pressure  of 

t o r r  a t  1400--1600°C af ter  these vapors had been frozen out can be 
explained by the fact that the carbides of tungsten are more  thermodynami
cally stable than the oxides over this range of temperatures. 

In addition, the reaction of tungsten with a mixture of COz, O,, HzO, and 
CH, (and similar groups) will lead to the decomposition of C�& into carbon 
and four a toms of hydrogen which can bind the free oxygen atoms according 
to the reaction 4 H + 0 , =  2H20.  Water vapor and CO, are frozen out more  
than oil vapors  which continuously enter  the system from the diffusion pump 
Thus, the concentration of CH,, formed as a resul t  of the decomposition of 
vapors of vaseline oil on the surface of heated specimens, will always be 
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higher in the device than the concentration of COz, Oz, and HzO. The CH, 
decomposes on the surface of the hot specimens, and the carbon enters 
directly into a reaction with tungsten, while hydrogen forms a local protec
tive atmosphere around the specimen. 

As already mentioned, the process of formation of zirconium and hafnium 
carbides indouble-layer foils is intense and starts at 1200°C. As the tem
perature increases the content of carbides in these foils increases, but the 
content of tungsten decreases. These phenomena can apparently be explained 
by the influence of the reaction between tungsten and oxides on the usual 
reaction between tungsten oxides and CH,. The reason fo r  this influence is 
that the dissociation of ZrOz, HfOz, and Alz03 at the tungsten-oxide inter
face is accelerated, and the oxygen evolved reacts with tungsten to form the 
volatile W03. Similar reactions of tungsten with Alz03 and with BeO, and 
also of tantalum with ZrO,, were f o r  the f i rs t  time proved by a mass 
spectrometric method /4,5/. These phenomena were later observed during 
a study of the properties of heated cathodes made of tungsten w i r e  and 
alundum ceramics 16/-

FIGURE 3. Electron diffrzcdon photographs of thin foils of Mo heated in 
vacuo at 6OO--IOOO'C: 

a-Ma, inidal foil; b-MOO,. formedundera pres-we of 9 -10-3--5-10-3 
torr; c- Mo,C, formed under a pressure of5-10-5-3 - -IO-5 torr. 

An analysis of the data given in Table 1 also shows that no crystallo
chemical reactions (formation of new phases) occur between tungsten and 
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A1,03, ZrO,, and HfO,, at 1000--1800°C. The resul ts  of a study on the 
kinetics of the interaction of molybdenum with residual  gases  and vapors  
a r e  shown as curves in Figure 2 for the most characterist ic case,  i.e., a t  
1000°C and a pressure  of 9 . l o b 3  and 3 . t o r r  without freezing out the 
vapors, and at 5 . lo-, t o r r  with freezing out the vapors.  Under these 
conditions, the reaction of molybdenum with gases  and vapors is the most 
intense. The electron diffraction photographs of fi lms of oxides and 
carbides of molybdenum, formed on the metal  as a result  of reactions under 
various conditions, are shown in Figure 3. 

The data of electron diffraction analysis of the phase composition of 
surface fi lms on plate specimens and thin foil specimens of molybdenum 
show that at 600, 800, and 1000°C, and a t  a pressure  of gases  in the device 
of (5-9) . l o - ,  t o r r  molybdenum is oxidized to MOO, and MOO,, whether o r  
not the vapors are  frozen out. At 8 0 0  and 1000°C and a t  a pressure  of 1.5
3 . t o r r  molybdenum becomes carburized to Mo,C whether o r  not the 
vapors a r e  frozen out. 

Under these conditions, the mechanism of the formation of molybdenum 
carbide is the same  as that of tungsten carbide described earlier, i .e. ,  
according to the reaction: 2Mo+CH4= Mo2C+2H2. 

Figure 2 (curve 3 )  shows that carburizing of molybdenum is governed by 
a parabolic law, and that the ra te  constant of this law is k = 2 . 9  .10-"g2/cm2. 
The parabolic nature of the kinetic curve indicates that carburizing is due to 
the diffusion of carbon into the molybdenum. t o r rAt a pressure  of 1.5 . 
and at 1000°C (the oil vapors  of both pumps were frozen out) the kinetics of 
carburizing could not be determined by means of the available balance, but 
a weight gain of 3 . g/cm2 af ter  4 h r  was found. 

Figure 2 (curves  1 and 2) shows that i f  the oil vapors  of the prevacuum 
pump are frozen out the average ra te  of oxidation a t  lOOO"C, under a 
pressure  of 5 . i o - ,  torr ,  is 1.5 times the oxidation ra te  of molybdenum 
under a pressure  of 9 .  l o - ,  torr ,  i .e. ,  when the vapors are not frozen out. 
This is apparently because in  the las t  case the oil vapors and the products 
of their  decomposition (hydrocarbons) decrease the oxidation ra te .  We 
were unable to determine in grea te r  detail the mechanism of oxidation of 
molybdenum under these conditions because we could not analyze the gases  
in the system during the reaction between the specimens and the mixture of 
hydrocarbons and oxygen-containing gases .  The weight loss of specimens 
starts about 2 h r  af ter  the beginning of the process, and indicates that the 
ra te  of evaporation of MOO, a t  1000°C is grea te r  than the r a t e  of formation 
of MOO, and MOO,. 
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N. F. Shur 

INVESTIGATION OF THE SERVICEABILITY 
OF HEAT-RESISTANT STEELS IN CARBON-
CONTAINING ATMOSPHERES 

The purpose of this research  w a s  to study the behavior of heat-resistant 
mater ia ls  in carbon-containing atmospheres and to choose s tee ls  for furnace 
equipment working in such atmospheres. 

Carbon-containing atmospheres of various compositions which react  to 
different extents with heat-treated s teels  and heat-resistant mater ia ls  of 
furnace equipment are used in industrial electric furnaces.  

To choose heat-resistant s teels  correctly for furnace equipment we took 
the "carbon potential" as a cri terion. This character izes  the activity of 
the medium of the atmosphere, and all carbon-containing atmospheres can 
be classified irrespective of their  exact chemical composition on the 
principle of the same  carbon potential. Heat-resistant mater ia ls  which can 
be used for all o r  for some groups of carbon-containing atmospheres  can 
be chosen. 

The carbon-containing atmospheres most widely used in heat-treatment 
equipment to protect different steels against oxidation, cementation, etc ., 
can be divided into three groups containing 0.3-0.4, 0.8-0.9, and 1.3-1.5% 
of carbon. 

We took the carbon potential of air as ze ro  for reference.  
Fo r  o u r  studies we chose the heat-resistant chromium nickel s teels  

Kh18N35, Kh23N18, and Kh25N20S2, and a l so  the chromium s tee l  Kh25. 
These s teels  a r e  widely used for the production of e lectr ic  equipment. 

According to l i terature  data, the oxidation of metals  in the air, i.e., in 
a highly corrosive medium, is governed by the Arrhenius equation, and 
accelerates  as the temperature is increased. 

The reactions in controlled atmospheres a r e  governed by other laws. 
Shchmakov /1/ showed (Figure 1)that in controlled atmospheres  the thermo
dynamic probability of oxidation a t  the equilibrium temperature  is equal to 
0, since the difference between the thermodynamic potentials of oxidation 
and of reduction of oxides is a l so  equal to zero.  A s  a result ,  the difference 
between the oxidation r a t e  and the ra te  of reduction of oxides is equal to 
zero.  In the field of oxidation, the ra tes  of oxidation and of reduction of 
oxides increase with increase in temperature. Hence, i t  follows that a t  a 
cer ta in  temperature, lower than the equilibrium, the difference between the 
oxidation ra te  and the r a t e  a t  which oxides are reduced has  a maximum, 
which is a peculiarity of the process  of oxidation in protective atmospheres. 
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We confirmed this theory by experiments on specimens of heat-resistant 
s teels  at 700--1000°C for 100h r  in a carbon-containing atmosphere. 

Our resul ts  showed that at  a carbon potential of 0.3-0.470 C (Figure 2,a) 
the maximum oxidation ra te  is 8O0-9OO0C, and the equilibrium temperature 
is above 1100°C. At a carbon potential of 1.3-1.5%C (Figure 2,b) the 
temperature of the maximum oxidation r a t e  shifts  to 1050°C. 

When the heat resistance of these s tee ls  was studied a t  1050°C in  the air 
and in carbon-containing atmospheres with different carbon potentials 
(Figure 3,a), i t  was shown that in the air  and a t  a carbon potential of 0.3
0.4 and 0.8-0.970 C, the most heat-resistant s tee l  is Kh25N20S2, followed 
by the Kh23N18, Kh25, and Kh18N35 steels .  At a carbon potential of 1.3
1.570C, the Kh23N18 steel  is inferior to the Kh25 s teel .  This is because 
the Kh23N18 steel  is highly carburized under these conditions (Figure 4). 
The KhN35 s tee l  is more  carburized than any other s tee l  (up to 2.570 of 
carbides  of all three types). When the steels are  heated in the air  a a-phase 
is formed in all those studied, but when they are heated in a carbon-
containing atmosphere almost the total content of chromium combines with 
carbon, and s o  carbides are formed and not a u-phase. 

The s t ructures  of heat-resistant s teels  Kh18N35, Kh23N18, Kh25N20S2, 
and Kh25 were determined by an X-ray analysis af ter  heating at  1050°C for  
500 hr,  and a r e  shown below. 

Atmosphere Structure 

A II  7-solid solution+o-phase+ [(Fe, Cr)23C6] 
Carbon- containing atmosphere 

with a carbon potential: 

0.3-0.4 y-solid solution+o-phase+ (Fe,Cr),,C6 
0.8-0.9 y-solid solution+ (Fe, Cr)23C6+(Fe, Cr)& 
1.3-1.5 y-solid solution+ (Fe, Cr),,C,+ (Fe, Cr),C3+ (Fe, Cr),C, 

F r o m  Figure 4 i t  can be seen that an increase in the carbon potential of 
the atmosphere up to 0.8-0.970 C reduces the ra te  of oxidation of the s teels .  
However, further increase in the potential to 1.3-1.5y0 C reduces the heat 
res is tance of steel ,  although it st i l l  remains higher than the heat res is tance 
of s tee ls  in the a i r .  This is because chromium, which is the chief alloying 
element and increases  the heat resistance of the alloy, becomes bound into 
carbides as a resul t  of this strong carburizing. This leads to a decrease 
in the chromium content of the solid solution and to a decrease in the heat 
res is tance of the steel .  

An X-ray s t ructural  analysis of oxide films showed that oxidation in the 
air leads to the formation of double oxides of the spinel type (NiFezO,) with 
a lattice parameter  of 8.34 kX and of chromium oxide cr-Cr203. Under these 
conditions the Kh25 s teel  becomes covered by a (FeCr2O4)spinel with a 
lattice parameter  of 8.34 kX. 

In carbon-containing atmospheres chromium oxides and smal l  amounts 
of i ron oxides are the main products. 

This is because in highly corrosive air all elements of the alloy are 
oxidized, but in carbon-containing atmospheres  only chromium, which has  
the highest affinity for oxygen, is oxidized. 

Consequently, carbon-containing atmospheres  protect mater ia ls  being 
heat treated but do not protect furnace par t s  made of heat-resistant s teels  
containing chromium. 
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FIGURE 1. Schematic representation of 
oxidation in protective atmospheres. 
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FIGURE 2. Dependence of the weight loss of heat-
resistant steels on the temperature of heating (100hr) in 
a carbon-containing atmosphere with different carbon 
potentials: 

a-0.3-0.4%; b-1.3-1.5%; 1-Kh23N18; 2-
Kh18N35; 3- Kh25N20S2. 

A check of electric furnaces working under carbon-containing atmo
spheres  was car r ied  out by severa l  plants and showed that the main cause 
of premature failure of heat-resistant par ts  is cracking as a resul t  of 
carburizing. The carburizing is especially high in poorly welded joints 
and in  casting faults. 

Carbon poteniial,-qk 

FIGURE 3. Dependence of the depth 
of gas corrosion in heat-resistant 
steels on the carbon potential of the 
atmosphere. The specimens were 
heated a t  1050'C for 1OOOhr. 

" . 
Time, hr 

FIGURE 4. Dependence of carburization 
of heat-resistant steels on the holding 
t ime in a carbon-containing atmosphere 
with a carbon potential of 1.3-1.570 C. 
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It is thus necessary to develop more  heat-resistant s tee ls  which will not 
become carburized a t  high carbon potentials, and will be sufficiently heat 
res is tant  and have a good high-temperature strength a t  1000--1100°C in 
carbon-containing atmospheres .  

Of the available steels,  Kh25N20S2 and Kh25 steels have the optimum 
properties,  and are recommended for  use in carbon-containing atmospheres  
up to 105OOC. The Kh25 s teel  can be used for low-stressed par t s  (screens,  
guides, etc.  ). 
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THE MECHANISM OF THE HARDENING 
OF SOME Fe- Cy-Ni ALLOYS 

The hardening of alloys of the martensitic-austenitic type, Kh16N6 and 
Khl7N5M3, is mainly due to the transformation of austenite into martensite.  
Aging a t  350-550°C leads to additional hardening of these s teels .  However, 
aging processes  have not yet been sufficiently clarified and we have no 
unequivocal data on the question as to which phases and s t ructural  changes 
lead to hardening of these s teels  /1-13/. The a im of this work is to study 
this problem. 

MATERIALS AND METHODS. 

For our  experiments we used 1 m m  diam wire and 25 m m  diam rods 
made of Khl6N6, Khl7N5M3, and Khl5NSYu steels.  

We measured the mechanical properties (ultimate strength, elongation, 
microhardness, and internal friction) of specimens after various stages of 
aging. 

The internal friction of wire specimens was measured by the ordinary 
torsional pendulum a t  a frequency of 0.6 to 18 cps.  

The microhardness was measured on a PMT-3 tes te r  fitted with a 
special  device for  readings a t  elevated temperatures. 

The ultimate strength and the elongation were measured on 1 .O m m  diam 
specimens by means of an MR-0.5 tensile test machine. 

We also carr ied out X-ray and electron diffraction studies with a URS
50IM diffraction meter  and an EG-100A electronograph. These studies 
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were limited to a high-temperature analysis of the content of martensite 
and austenite in the specimens, and a phase analysis of the electrodeposited 
precipitates. 

RESULTS AND DISCUSSION 

The chief heat-treatment process  for a l l  the alloys before aging was 
normalizing at  750-950°C. This process produced a high content of 
martensite and a high ultimate strength. 

The influence of the aging temperature of the internal friction (Q-I), 
microhardness (Hp), and ultimate strength ( o b ) ,  of Khl7N5M3 specimens 

cooled to 20°C is shown in Figure 1 .  The 
heating time at  this temperature was 1 hr. 
Before it was aged the s tee l  was normal
ized at  930°C and deep cooled (at  -78°C) 
for two hours. 

Aging a t  temperatures  of up to 200°C 
has little effect on the above character is
tics. Fur ther  increase in the aging 
temperature to 450°C leads to a consi
derable increase in Ob and H h  and a 
decrease in Q - I .  Aging a t  450-550°C 
decreases  ub and H p ,  but a further 
increase in the aging temperature above 

FIGURE 1. Influence of aging temperature on 550°C again increases  ab, H p ,  and Q-1. 
the internal friction, microhardness, and ulti- A s imi la r  dependence was found for  the 
mate strength of Kh17N5M3 steel. two other alloys. The influence of the 

durationof aging at  various temperatures 
on the microhardness measured at  room 

temperature is shown on Figure 2. Aging has the greatest  effect on the 
Khl5NSYu alloy and the smallest  on the Kh16N6 alloy. The hardness  is 
appreciably increased by aging at  430- 550°C. The temperature dependence 
of microhardness is determined by the s t ructure  of the alloys. 

In alloys with an initial austenitic s t ructure  the microhardness decreases  
smoothly with increase in temperature (Figure 3,a). However, the decrease 
in the microhardness of austenitic-martensitic s teels  (Figure 3,b) a t  300
450°C (Kh17N5M3 alloy) is much slower, and the microhardness of the 
Khl5N9Yu alloy even increases  if the s teel  is heated a t  350--470°C.. 

According to l i terature  data, the hardening may be due to the following: 
1) precipitation of carbides f rom the martensite 11-51; 
2) formation of dispersed phases during decomposition of martensi te  

/6 -1 31; 
3) additional formation of martensite a s  a resul t  of cooling a f te r  aging

/ l o / .  
We verified these assumptions by X-ray and electronographic studies. 
The specimens were analyzed by an X-ray method using a URS-501M 

diffractometer fitted with a specially designed high-temperature vacuum 
device. It was found that heating to 450-500°C and cooling does not 
appreciably change the content of martensite in the above alloys. 
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FIGURE 2. Influence of the duration of aging a t  various temperatures on 
the microhardness of alloys: 

a - 380°C; b -430°C; c - 550'C; 1-Khl5N9Yu alloy; 2- Kh17N5M3 
alloy; 3- Kh16N6 alloy. 
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precipitates of specimens aged at  350- 500°C 
af ter  normalizing at  800°C. The electron dif

i	340 fraction photographs recorded for "reflection1' 
310 and "transition" after etching in "carbide" and 
280 
;\ "intermetallic" electrolytes /14, 9/ indicated the 

250 - presence of a MeZ3C6carbide and of a phase 
I I I I with a structure of ordered ferr i te  of the CsCl 
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FIGURE4. Electton diffraction photograph OF a Kh17N5b13 alloy 
(carbide electrolyte). ake r  notmalizingand aging for 1hr a t  45O'C. 

CONCLUSIONS 

We can assume that the hardening of the above alloys by aging is due 
mainly to the formation of an ordered fe r r i te  with a lattice parameter  of 
2.91 A (the so-called cy1-phase). In fact, i t  has  been experimentally shown 
that the content of martensite does not change appreciably when the alloy is 
cooled f rom an aging temperature  up to 500°C. The content of precipitated 
carbides Me2&, is not great, even if the specimens are aged at 700-8OO0C, 
as can be seen f r o m  the intensity of the carbide l ines on the electron 
diffraction photographs. Consequently, the strengthening cannot be due to  
the presence of carbides only. If the aging temperature is increased above 
500°C, the formation of the cy1-phase is accompanied b y a  martensite-+auste
nite transformation. The decrease in the hardness as a resu l t  of prolonged 
heating at elevated temperatures  is apparently due to  coagulation of the 
precipitated phases andthe start of the martensite+austenite transformation. 

The KhlSNgYu alloy contains not only the @'-phase but also large amounts 
of the Ni& intermetall ic compound, which gives additional strengthening. 
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STUDY OF THE MACROSTRUCTURE AND PROPERTIES 
OF EXTRUDED RODS OF HIGH-STRENGTH ALLOYS 

The macrostructure  of the initial billets was studied by cutting t ransverse 
macrosections before the heat treatment.  

The macrostructure  of the extruded rods was studied by cutting t ransverse 
and longitudinal macrosections before and af ter  heat treatment.  The speci
mens were  cut f rom the middle part  of the rods and from the par t s  remain
ing af te r  extrusion. The specimens for  mechanical testing were taken f rom 
the middle par t  of the rods.  

The rods were heat treated by processes  according to the technical 
specifications for  rods.  Rods 70-40” in diameter w e r e  heat treated 
after they had been cut along the axis into four par ts ,  and rods 30” 
in diameter  or less were  heated without cutting. 

The macrostructure  of all heat-treated rods of KhN70VMTYu, A and B, 
alloys (except 30 mm diam rods of alloy B, melt No. 967) extruded f rom a 
1000 t p re s s  af ter  heat treatment according to  technical specifications (see 
table) was uniform and fine-grained. The 30 mm diam rods of alloy B had 
a coarse  and nonuniform grain.  Radial cracks 3-5 m m  long were found in 
the 30” diam rods of alloys B and A .  These cracks were apparently 
caused by excessive (for these alloys) degree of deformation produced by 
extrusion, and the unduly high temperature of the billets before extrusion. 

The 60, 38, 29, and 24 mm diam rods of alloys KhN77TYuR, KhN7OVMTYu 
and A extruded on a 1500-ton press  f rom wrought and cast  billets did not 
show much nonuniformity in grain s ize .  

If the diameter of the rod is reduced the grain becomes smaller. In 
general, the macrostructure  does not differ f rom the s t ructure  of rods 
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FIGURE 1. Properties ot exnuded rods of KhN77TYuR (a). 
KhN70VMTYu (b) and A (c) alloys: 

1- extruded rods; 2- rolled rods (metal produced in an 
electric furnace by the slag method); 3- rolled rods (open 
-hearth melts). 

[Technical specifications. 1 
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Heat treatment and testing of extruded rods 

Heat-treatment process Temperature Conditions of 
Designation of alloy of short-time long-time tests, "C 

hardening aging tests, 'C kg/mm2 

KhN77TYuR 1080"-8hr, 700'-16 hr, 700 700'-44 
air air 
1190'-2hr, 800'--16 hr, 
air air 

KhN70VMTYu 1050' -4 hr, 800 850"-20 
air 

A 1200'-4 hr, 850"-8 hr, 900 900'-22 
air air 

B 1220'-4 hr, 850'-8hr, 900 900"-27 
air air 

produced by ordinary rolling. If other conditions are equal,- .  rods  Droduced 
f rom wrought billets have a coa r se r  grain than rods produced f rom cas t  
billets. 

The specimens for determining the properties of initial cas t  and wrought 
billets and a l so  of extruded rods  of all s izes ,  except those of 24 and 29 mm 
diam, were taken f rom the middle of the material ,  while specimens f rom 
the 24 and 29" diam rods were taken from the center.  

The shape and dimensions of the specimens for short-time hot tes t s  
satisfied the specifications for  SMI 204-56, and those for long-time tes t s  
were suitable for  SMI 205-56. 

The short-time tes ts  were car r ied  out a t  700, 800, and 900°C, and the 
long-time tes t s  a t  700, 800, and 900°C, under loads of 44, 20, 22, and 
27 kg/mm2. Specimens of alloys KhN77TYuR, KhN70VMTYu, and A, had 
stable propert ies  comparable to those of high-quality rolled rods of the 
corresponding metal .  

The average data of tes ts  on KhN77TYuR, KhN70VMTYu, and A alloys 
are given in Figure 1. F o r  comparison we give a diagrammatic represen
tation of the average annual character is t ics  of strength, ductility, and long
time strength, of high-quality rolled metal .  We give also the average data 
on rolled rods of KhN7OVMTYu and A alloys produced by the s lag method. 

These data show that all the properties of extruded rods of KhN77TYuR, 
KhN7OVMTYu, and A alloys (except the long-time strengthof the KhN77TYuR 
alloy) a r e  comparable to the properties of rolled rods,  and considerably 
exceed those required by technical specifications (TS). The long-time 
strength of rolled rods  of the KhN77TYuR alloy is appreciably higher than 
that of extruded rods  produced under the given conditions. 

Not all specimens of the alloy B have properties that meet  the technical 
specifications, and their  propert ies  are inferior to those of rolled rods.  
The main reason is apparently the grain s ize  nonuniformity, which is 
grea te r  in extruded rods.  
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CONCLUSIONS 

1. It was found that extrusion of ingots of the above alloys leads to 
complete breaking up of the cast  structure at  reductions of 70% upward. 
The alloys thus acquire a uniform structure with a grain s ize  N o .  2-4 
according to GOST 5639-65. 

2. The data show that extrusion increases  the strength and stabil izes 
the ductility of the alloys. All properties a r e  superior  to those required by 
the technical specifications (TS) and are approximately equal to those of 
rods (rolled) produced by ordinary techniques, except long-time strength 
of alloys B and KhN77TYuR. 

3 .  It was found that extrusion can substitute forging and rolling for the 
production of billets and finished par ts .  If forging is eliminated, the 
efficiency is increased. However, the extrusion technique should be 
further studied under industrial conditions. 
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